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ABSTRACT

The alloy Ti2.7Al-5.7Fe6Mo-6V (wt%), commercially known as Timetal 125, is used as a

high strength fastener in aerostructure assembliesy little information is available on its

properties and processing, and this study investigated its consolidation from low cost elemental
powders, to achieve the minimum mechanical properties for use as a high strength fastener.
Reactions during allogig and its beta transus were investigated by differential thermal
anal ysi s. The U+b phase r egPCoand 80P@ by thermala b | i s |
analysis, metallography and XRD. The alloy was consolidated to ~99% theoretical density by
semicentrifugal casting, and spark plasma sintering of the blended powders. Various heat
treatments were undertaken, and the microstructures wereadly optical and scanning

electron microscopy. Tensile properties, hardness and density were measured after each heat

treatment, to establish the optimal combination of mechanical properties.

The experimentalimetal 15 style alloywas found to be a etastable beta titaniuailoy,
which could be strengthened by ageing. It Aadicrostructure consisting afphagrains with

fine beta precipitates in the asast condition, while thesintered samples had acicular
precipitates and larger grains, due te thmusually long period that was required to sinter the
samplesThe ultimate tensile strength wa$500MPa, an@longation was-3%in the ascast
condition thusfailingt o conf orm t o the Air busforbitMGté 16 st :
tensile strendit and elongatiofor a high strength fastenir the ascast or sintered condition
After annealingthe castingsat 900C for 1 hour, the ultimate tensilestrength decreased to
~760MPa, while elongation increased to ~15%, which still did not conform téithes
standarddue to the low strengtiThe alloy was soluticannealed at 90C, followed by water
guenching to retain a fully Tmnicrostructure. The minimum properties for the Airbus standard
were achieved after ageing between ®®&0@nd 59€C for 1 hour, with an ultimate tensile
strength of ~1285MPa, and elongation of ~6.3%.

The strengthening depended ot he amount an grecpibatepfiorm hgeimgy o f |
The UTi/ T ratio increased with increasing temperature and holding (mewn by XRD)

upto590C where the precipitates progressively
holding time coarsened the precipitates, which was deleterious to strength. There was generally

a positive correlation between mean grain size and temperature amghbide, although

competing transformations suppressed grain growth, particularly after heat treatment close to

transformation temperatures. Although grain size had an effect on the stretiggf iofietal



125 style alloy the main mechanism was precifita hardening by the secondadyT i
Extended ageing resulted in the formation of allotriomorphic alpha titanium, and a

corresponding decrease in the ultimate tensile strength.

It was not possible to subject the sintered samples to tensile testing, thesrtshape.
However, the sintered samples were | ess por
castings, suggesting they had similar, if not higher tensile strengths. The acicular precipitates

in the sintered samples were possibly martensite or otitagam ( ¥ ,JPearson symbdiP3

and space groupé/mmn) although they were too fine to be detected bra)X diffraction and

too fine analyse separately by energy dispersirayXspectrometry.
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Chapter 1 INTRODUCTION

Titanium has the highest specific strength of all metals, asdraplaced steel in many
applications where weight savings are critical (Matthew and Donachie, 1988). It has excellent
corrosion resistance, which makes it the material of choice in marine constructions (Litvin and
Smith, 1971; Mountford, 2002). Additiolhyg it is biocompatible and has been increasingly
used in biomedical engineering (Branemark, 1983). However, production and processing costs
are much higher than for the other common structural materials, like steel and aluminium
(Leyens and Peters, 2003}his has resulted in very limited usage, particularly for civilian
applications. Significant strides have been made in the past two decades to produce low cost
titanium stock, particularly powder (Gasbarre and MacGeehan, 2012). This has led to renewed
research, and wider spread usage of titanium and its alloys. Early research concentrated on
alpha titanium alloys, mainly because they are cheaper and technically simpler to produce
(Crossley, 1981).

However, focus shifted talpha + betd U +abioys in he 1950s, since their properties can be
greatly enhanced by heat treatment, unlike the alpha alloys. The research effort produced the
alloy Ti-6Al-4V (wt%), also known afASTM Grade 5 titanium, which is still the most
produced and used titanium alloy taelé@Emsley 2001; Sevan and Vardan, 2006). In the past
decade, attention has shifted from U+b all
alloys, because these alloys achieve much higher strength than the other two classes.
Additionally, beta titaium alloys are easier to wotkh a or ( U+ b glloysT garticularly in

the solutiontreated state, which results in significant cost savings. Palpable effort has been put
toward understanding the thermomechanical treatments and chemical and mechanical
properties of this class of titanium alloys, and it has been established they can be significantly
strengthened by solutiegineatment and ageing, without compromising ductility or fracture

toughness (Duerig and Williams, 1984).

Numerous beta titanium allsyhave been developed and introduced to the market in the past
two decades (Leyens and Peters, 2003; Seong et al., 2009). Unfortunately, very little is reported
on their properties or methods of production, at least not in the public domain. Some of the
alloys are used on critical components of aerostructures, making a good understanding of their

properties necessary.
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The novelty of the present work is in the production of an alloy similar to Timetal 125 by spark
plasma sintering and centrifugal castindaf-cost elemental powdershe use of elemental
powders is more economical than using a master alloy, since the processngf timaknaster
alloyisavoided Thi s was demonstrated i n a Gener al
kg and costing lesdhiain US$3, whichs far less tharthe cost oftonventional feedstock for
melting and forging operationd1pxson, 2013)The feedstock for Timetal 125 fasteners is
currently about US$200/kg before the necessary machining operatibich is way higher

thanthe cost of elemental powddidoxson, 2013

In the present study, the titanium alloyZli7Al-5.7Fe6Mo-6V (wt%) was investigated. It is

a beta titanium alloy commercially known as Timetal 125, and was developed and introduced
by Timetal Corporation (MET) in 1980 (Matthew and Donachie, 1988; Leyens and Peters,
2003). However, very little is available about the alloy in the public domain, and therefore,
there is a need to fill the gap through structured research. The only information in the literature
is that it is a beta titanium alloy used as a high strength fastener on airframes and other critical
aircraft components (Leyens and Peters, 2003). The purpose of this research was to establish
if Timetal 125 could be produced from low cost powders by smmirifugal casting or spark
plasma sintering. Additionally, the work sought to investigate thermochemical and
thermomechanical treatments necessary to achieve the minimum mechanical properties for its
use as a high strength fasterfen.important aspectfahe present work was to investigate if
these mechanical properties could be attained with the alloy consolidated from low cost
elemental powders, as these are significantly cheaher to their coarser sizélsan the

feedstock currently used for the covercial Timetal 125 fasteners.

The present research succeeded in produzifignetal 125style alloyby both casting and
sintering low cost elemental powders. The castings were subsequently subjected to various
heat treatments and mechanical tests, tepth the establishment of an appropriate thermal
treatment to attain the minimum mechanical properties of high strength fasteners, stipulated in
the Airbus EN6116 standa{@ampbell,2006) The microstructure after each treatment was
investigated, and related to the mechanical properties. Due to the shape of the sintered samples
in the present work, it was not possible to subject them to mechanical testing. In spite of that
limitation, theresults showed spark plasma sintering is a low cost technology that can produce
Timetal 125 with a similar microstructure and density to the castings. The chemical reactions
during the alloying of the powder blends were investigated by differential thamabysis

(DTA). It was confirmed that thermal analysis can be successfully used to determine the

2



chemical and physical reactions that occur during the alloying of metallic powders, in addition

to the reaction temperatures. Such information is criticgalfoy design.

The results from the present research indicate that after an apprdpuate heatreatment,
theTimetal 125style alloyis suitable for use as a high strength airframe fastener. The findings
showthe Timetal 125style alloycan be solubn-treated between 830 and 958C, followed

by water quenching to retain a fully beta microstructure. Subsequently, it has to be aged
between 50 and 600C for a time proportionate to the size of the castings to achieve strength
of >1245MPa andminimum ductility of 6%. The heat treatment is similar to most established
beta titanium alloys (Sluiter and Turchi, 1991). Finally, it was also established that grain growth
in the Timetal 125style alloydid not conform to the common growth models during heat
treatment, and it was clear that the main strengthening mechanism in the alloy was the
secondary alpha phase. Strength and hardnes
ratio, which in turn depended on thermal history. However, ductility andufeatbughness

decreased as ti{gITi)/(bTi) ratio increased.

A better level of understanding of the thermochemical treatments and mechanical properties of
Timetal has been developed in the current research. The mechanical propéreésmbdred

Timetal 125 style alloystill have to be established. More advanced techniques, such high
temperature Xay diffraction (HFXRD) and transmission electron microscopy (TEM) have

to be employed to gain even better understanding. The chemical reactions and phase
transformations were determined by relating the DTA scans to established phase diagrams.
HT-XRD allows direct observations of the phases, and its use in future work is recommended.
The use of TEM will resolve very small particles, and perhaps shed lightethevithere was

also strengthening by fine precipitates.

This thesis has six chapters, including this introduction. Chapter 2 reviews the literature on
titanium and its alloys. It gives an overview of the history of titanium and its major alloys. It
also pesents past and present research efforts on beta alloys, and concludes by reviewing the
specifications for high strength fasteners for aerostructures. Chapter 3 summarizes the
methodologies and materials used in the present work. The centrifugal castirgpark

plasma sintering of theowder blend targeting thiémetal 125compositiorare described. The

chapter also describes the equipment and instruments used for the research. Chapter 4 presents
the results of the research. The first part gives thedleanalysis results for the elemental and
blended powders, as well as for the powder with the Timetal 125 target composition. The



second section presents the results after annealing-tastealloys between 38D and 908C,

focusing mainly on microstriigre, grain size and mechanical properties at the different
annealing temperatures. Part of the chapter gives the microstructures and mechanical properties
obtained after solutictreatment and ageing. The chapter ends with calculating the equilibrium
phag compositions of Timetal 125 at different temperatures using Th€aiw Chapter 5
discusses the results, and relates them to the literature. The first section discusses the DTA
scans in Chapter 4, and relates them to established binary phase diadgrarsscdnd part
discusses the microstructures and mechanical properties after annealing, and attempts to relate
the two. The fourth part of Chapter 5 also discusses microstructures and mechanical properties,
but after solutioftreatment and ageing. This paf the chapter compares the microstructures

in the ascast condition and after solutidreatment, and seeks to use these different
microstructures to explain the differences observed after annealing and after ageing. The
chapter ends with a discussion grain growth during annealing and ageing, and attempts to
explain the growth kinetics using established grain growth models. The effect of grain size on
strength is also discussed, and compared to the other operative strengthening mechanisms in
theTimetal 125style alloy The thesis ends with the major conclusions from the present work

and recommendations for future study in Chapter 6.



Chapter 2 LITERATURE REVIEW

2.1Titanium

Titanium possesses mechanical and chemical properties superior to those of commonly used
structural materials, such as steel and aluminium (Greiner and Ellis, 1948). The only reason
why its use is not widespread is because the extraction costs fromsitsrerstill very high
(Leyens and Peters, 2003). Titanium is the
crust after aluminium, iron and magnesium (Duwez, 1949). It has the highest steength
weight ratio of any pure metal, shown in Table @thtthew and Donachie, 1988). Strength
to-weight ratio, also known as specific strength, is the stress bearing capacity of a material at
fracture normalised against its density (Knott, 1973). It is a critical design factor, particularly
for applications wmere weight savings are necessary, such as in the aerospace and the naval
industries. When alloyed, titanium can significantly exceed its elemental specific strength
(Duwez, 1949). This high specific strength is one of the primary drivers for the ussirti

and its alloys in the aerospace and naval industries, motor racing and biomedicine (Boyer et
al., 1994).

Table 2.1: Strength-to-weight ratios of common engineering materials (Matthew and Donachie,
1988).

Material Ultimate Density Specific Strength
Strength (MPa) (kg.m) (kN.m.kg™?)

Aluminium 600 2.80 214
Carbon fibre 4300 1.75 2457
Concrete 10 2.30 4

Copper 220 8.92 25
Nickel-based super alloy steelg 2000 7.86 254
Titanium 1300 4.51 288

High strength low alloy (HSLA) steels were developed by the need to reduce the weight
associated with steel for demanding applications (Kim, 1983). While they have significantly
higher strength than titanium, their weight required to achieve the deserdthtcan exceed

that allowable for the intended application. High strength low alloy steels have seen an increase
in popularity in the past few decades, but they still do not come close to the strength of titanium

and its alloys when compared weight Yegight.



Titanium and its alloys made their debut as critical engineering materials in the 1950s in
response to the growing aviation industry. They are widely used as artillery, due to their low
weight and high strength, as well as their ability to withdtanoderately high temperatures,

i.e. 30860C°C (Arnold, 1959) From the 1970s, the cost of primary titanium, as well as its cost

of processing has been decreasing, resulting in wider applications. Titanium and its alloys are
now also used in the medicatliil as structural prosthetic materials due to their light weight,
excellent corrosion resistance, and low modulus of rigidity, biocompatibility and hypoallergic
properties (Branemark, 1983). The other industry that is becoming a major user of titanium is
the automotive sector. It is reported that titanium increases engine horsepower and torque,
while greatly reducing noise and vibratidifsoes and Faller, 2001As a lighter material, it
improves the fuel economy of automobiles and aids the mitigatioreehigouse emissions. In

high end vehicles, titanium is used for engine valves, connecting rods and suspension springs.
For example, the 2013 Range Rover boasts a weight reduction of 13% compared to its
predecessor, partly because of the use of titaniunsame of the major components
(Vijayaram, 2013).

The second main reason why titanium is finding increasing favour as the structural material of
choice is its excellent corrosion resistagChernova et al., 1961; Mountford, 200Pnlike

ferrous materialstitanium forms a tenacious micaxide layer on its surface in oxidising
environments, thereby inhibiting further oxidation (Chernova et al., 1961). The oxide layer has
the advantage of forming without tarnishing the metal. Titanium, in its elementalrEsists

attack by all acids, except boiling hydrofluoric acid, and it is resistant to corrosion in saline
water (Litvin and Smith, 1971). It is for this reason that titanium is used in the oil industry as
a piping material and on the hulls of sh{pgvin and Smith, 1971)n 2010, the US Office of

Naval Research awarded a three year US$4.8m grant to the University of New Orleans to
advance research in titanium ship building. The focus of the group was on investigating the
manufacturability and weldingrpperties of titanium with the aim of building a full rrséthip
section out of joined titaniurgSkolnick and Wilson, 2012)n other aquatic uses, titanium is
used for housing of ocean surveillance devices for scientific and military purposes, and in

submaines(Huber and Goode, 1965).

In a critical review of the applications of titanium (Emsley, 2001), it was stated that about two
thirds of all titanium produced is used in aerospace engines and frames. The extensive use of
titanium in the aerospace industrgs further corroborated by Sevan and Vardan (2006), with

approximately 59 metric tonnes used on the Boeing 777, and 45t in the Boeing 747, 12t in the
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Airbus A330 and 32t in Airbus A340. The first use of titanium in an aircraft was in the
Lockheed SRr1 Blackbird spy planein the 1960s, in which 85% of the structure was made
out of the meta(Merlin, 2009) Due to the exceptional corrosion resistance of titanium, the
longevity of the structures in which it is used and reduced operational downtime usstély |

its use, in spite of its high cost. In the long term, using the metal becomes more economic,

particularly for capital intensive constructions such as aircraft and @uoysr et al., 1994).

Titanium is a group 4, block d, transition metal with ¢tectron configurations£2s?2p®3s?3p°®

3d?4<%, and atomic weight of 47.867g.mdiGreiner and Ellis, 1948)t has a density of 4.506

g.cm?® which is about half that of stainless steel and about twice that of aluminium, yet the
metal is almost as strong as the common types of austenitic stainless steels, and about twice
as strong as aluminiu(®uwez, 1949)Like iron, titanium exhibits polymmhism (McQuillan,

1949). Titanium crystallises from its melt at 1868n the body centred cubic (bcc) form
known as beta titanium. This crystal structure persists down to approximatéty, &&tow

which the metal transforms into a hexagonal cloaseked(hcp) crystal structure known as

alpha titanium(McQuillan, 1949) Therefore, alpha titaniuims the lower temperature phase of

the metalwhile beta is the more stable phase at higher temperatures. Some elements, such as
oxygen, nitrogen and hydrogen, amall enough to fit into the interstices of the hexagonal
closepacked structure of titanium to form interstitial alldygells, 1962) When they do so,

they make the alpha structure stable and more difficult to transform to the higher temperature
beta plase. They thus stabilise the alpha phase to higher temperatures and for that reason, such
elements are known as alpsiabilisers. There are also ninerstitial elements such as
aluminium, tin and zirconium with the same eff@tart and Tomlin, 1962Pn the other

hand, there are elements that interact with beta titanium to make it stable at lower temperatures.
Such elements are known as bstiabilisers, and include molybdenum and vanadjihiot,

1962).

Except for applications where its high corrosion resistance is the required property, titanium is
rarely used as a pure metal. For most applications, it is alloyed with a number of other metals
and nonametals to achieve higher levels of strength and inesoases to achieve both extra
strength and higher corrosion resistafigt/in and Smith, 1971)When the alloying additian
arealphastabilises, the corresponding alloy is referred to as an alpha titanium alloy, while if
betastabilising, the alloy isermed a beta alloy. A further distinction is made on beta alloys
depending on the effectiveness of the tstédilising addition. A titanium alloy is beta if only

thebeta phases retained at room temperature after wageenching (McQuillan, 1949).
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In some cases, the amount of the kstibilisers is inadequate to fully retain the metal as beta
when cooled to room temperatuiilliot, 1962). \hen both and betaand alphastabilizing
elements are present in the alloy to retain both alpha and beta aeraperature, it is termed

an alphabeta alloy (Hansen et al., 1951, Elliot, 1962).

2.2Alpha Titanium Alloys

Alpha titanium alloys are those in which titanium exists with a hexagonalpédesd (hcp)
crystal structure (McQuillan, 1949; Hansen et al., 19514¢. microstructures of alpha titanium
alloys vary greatly depending on chemical composition and thermomechanical treatments. A
common microstructur®r alpha alloys is the Widmatdten microstructure, also known as a
Afbasket weaveoO msabtaines when alphaititariym allofsi geeimched

from the beta phase field, shown in Figure 2.1 (a). Figure 2.1(b) is the microstructure of an
alpha alloy Ti5Al-2.5Sn, obtained after furnace cooling from the beta phase (Semiatin et al.,
2004).
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Figure 2.1: (a) Widmangtatten microstructure typical of quenched alpha titanium alloys and (b)
microstructure of furnace-cooled Ti5AI-2 . 5Sn, with an equiaxed U matr
inclusions due to 0.3 wt%de impurity (Semiatin et al., 2004).

Alpha titanium alloys are a result of alpbabilising alloying additions, such as aluminium
and oxygenOn heating, ipha-stabilising elements delay the transformatiohag UTi to bcc
bTi. As a result, the hcp phase field is widened at the expense of the beta field. A schematic

binary phase diagram of titanium and an alptabilising element is shown in Figure 2.2(a).
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Figure 2.2: Effect of (a) an alpha stabiliser, and (b) a betsstabiliser on the alphabeta
transformation temperature of titanium (after Biswas, 1973).

On the other hand, bestabilising additions stabilise the beta phase by shifting the alpha/beta
transformation temperatel (beta transus) to lower temperatures as shown in Figure 2.2 (b).
The driving force for the alpha to beta transformation is beli¢@édireemart and Pinsopk

2006) to be an increase in the anharmonic vibrational entropy of the hcp phase alsGve 882
Chureemart and Pinso@R006)carried outab inito calculations to determine the variation of

the Hemholtz free energy of the two phases, based on their internal energies (U) and entropies
(S), and deconvoluted the entropy function into its harmonic ahdraronic components.

They found that the internal energies and the vibration entropies of the two phases were almost
the same for the considered temperatures, as shown in Figy@€h2u@emart and Pinsopk

2006).
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Figure 2.3: (a) Calculated potential energy of the hcp structure and the bcc structure phases as a
function of temperature and (b) calculated values of the total vibrational entropy of the hcp Ti,
the shaded circles represent bcc and the open onepresent hcp structure Chureemart and
Pinsook, 2006).



The internal (potential) energy of the hcp phase was calculated to be lower than that of the bcc
structure for all temperatures, while the total vibrational entropy of the structures was
calculated tde almost equalGhureemart and Pinsook, 2008his would suggest that the hcp
structure is more stable at all temperatures, although experimental results show a transition at
882°C. Their molecular modelling work showed that by deconvoluting the \omi@tentropy

into its harmonic and anharmonic components, the anharmonic entropy of the bcc phase
dramatically increased at about the same temperature as the beta transus. In comparing the
relative stability of the phases, the relative Helmholtz free &ee(§) of the two structures

were considered, as shown in Equation 2.1 and modelled in Figure 2.4.
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of the components of F composed of the energy difference and the entropy difference, where the
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Therefore, theanharmonic vibrational entropy appears to be the driving force for the phase
transition. Alpha and betastabilizers are elements that alter this energy relationship. When
titanium or titanium alloys are melted, for examglging casting, it is the higher temperature

beta phase that nucleates from the liquid first and persists down to the beta transus (McQuillan,
1949. Below this temperature, the first alpha starts to nucleate. Since the beta phase nucleates
from the meltjt requires some degree of undercooling, as there are very few nucleation sites
in the liquid. Theefore, thenucleation of the alpha phaseeigpected to have a lower activation
energy since prior beta grains provide nucleation sites, making the prbe¢sogeneous
(Hansen et al., 1951; Greenfield and Pierce, 1973).
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The two crystal structures exhibit different properties, and advantage is taken of this to engineer
alloys with unique propertiesdepending on the desired application. In some cases, a
combnation of the two crystal structures may be desirable, such as in the most common
titanium alloy, T+6Al-4V (wt%), which is also known a&STM Grade 5 titanium or T6Al-

4V (Sridhar et al.,1987). Alpha titanium alloys generally exhibit the highest caoros
resistance of the alloys of titanium. They also possess good notch toughness and are easily
workable due to their generally good ductility (Duwez, 1949). However, alpha titanium alloys
are not heatreatable, meaning their strengths cannot be increhgedieat treatment
(Greenfield and Pierce, 1973s a result, thalloys possess low to medium strength, and this
limits their uses. Their high corrosion resistance, coupled with good weldability makes them
the ideal materials of construction for chemiezdctors and low to medium temperature heat
exchangers (Chernova, 1961).

The most common alpha alloying element is aluminium. As a result, the-sthdtising
capacity of alloying elements of titanium is reported as the aluminium equivalencg, TAg

higher its magnitude, the higher the alloying element(s) will shift the alpha/beta transformation
temperature from 882. The aluminium equivalence is calculated from a consideration of the
stabilising capacities of several alpstabilisers as givenytEquation 2.2, with all the elements

expressed in weight percent (Donachie, 2000).
ATHI AT T ni 7 H "E A "E Equation2.2
There are mumber of variations of this expression, but in all cases, they yield similar values

with deviations of about 5%. Fanning (2000) calculated the aluminium equivalence of titanium

alloys using Equation 2.3.

Al AT E Equation2.3

2.3Alpha-Beta Titanium Alloys

The second class of titanium alloys are the alpéta alloys. They are so named because they
contain both alpha (hcp) and beta (bcc) titanium crystal structures at room temperature. Alpha
beta titanium alloys have a bimodal equilibrium microstructure, where one phase is alpha
titanium and the other is beta. Examples of microstructures of-agghditanium alloys are
shown in Figure 2.5 (Salem et al., 2014).
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Figure 2.5: Typical microstructures of alpha-beta titanium alloys, (a) fully lamellar
microstructure (b) equiaxed microstructure, and (c)bimodal microstructure, showing lamellar
UTi and equiaxed bTi (2) (Salem et al ., 2014).

The properties of alphlaeta titanium alloys are a weighted average of those of pure alpha and
pure beta alloys, depending on the relative volume fractions of th@hases in the alloy
(Williams et al., 1963; Duerig and Williams, 1984). Alpbeta alloys are usually produced by
adding both alphaand betastabilising alloying elements to titanium. Grade 5 titanium is found

in this class, and it is a duplex alloy camspg aluminiumstabilised alpha titanium and
vanadiumstabilised beta. T6AI-4V makes up about 50% of all titanium alloys produced
globally and 80% of all the titanium used in aerospace (Crossley, 1981). The advantage of this
group of titanium alloys ighat they are heat treatable and, so their mechanical properties can
be altered significantly (Greenfield and Pierce, 1973)us they possess medium to high
strength compared to the alpha allaysd heir applications are much wider than those of alpha
alloys. Alphabeta titanium alloys are weldable and, although less ductile than their alpha
counterparts, they still possess good hot working properties (Fujii, 1998). The main weakness
of the alloys in this group relative to alpha titanium alloys ig timeich lower creep resistance

and higher weight due to the generally heavier beta alloy additions (McQuillan, 1949).

2.4 Beta Titanium Alloys

When enough betstabilisers are added to titanium to allow for retention of only the beta phase
upon water quenchgifrom the beta phase field to room temperature, the alloy becomes known
as a beta titanium alloy (Hansen et al., 1951). In a similar way to the aluminium equivalence
for alpha alloys, molybdenum equivalence, [Mq] is defined for the betstabilisatiorability

of elements as shown in Equation 2.4 (Zwicker, 1980).
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It is generally agreed that only titaniwathoys with a [Mogqgreater than 10 can be successfully
waterquenched from the beta phase to obtain a full beta structure at room temperature (Guo et
al., 2005). The reason for quenching beta titanium alloys from the beta phase field to room
temperature is to deny them thregnimum time required to transform through diffusion. The
resultant norequilibrium cooling the proceeds by other mechanisms, with very limited
diffusion. In extreme cases, the transformations will occur without diffusion at all, and will
form martensitfHammond and Kelly, 1968). The resultant structure of the alloy normally
becomes strained because phases may contain solutes in excess of their solubility limits. The
supersaturated systems will thus have a driving force to eject such solutes, resuhiag i
precipitation of secondary phases. The function of-bethilisers is to suppress the martensite
start temperature, M, so that on quenching, only the beta phase can be retained (Hammond
and Kelly, 1968).

The microstructures of beta titaniumogis vary greatly depending on chemical composition

and thermomechanical processing. The mechanical properties of the alloys also vary widely
depending on the alloys®é microstr uceaulyes. Fi
stabilisedprobably nore so than Timetal 125, so could behave differebigya titanium alloy
Ti-35Nb-7Zr-5Ta, also known as TNZT, in the solutitneated condition and after solution

treatment and a&ing (Taddei et al., 2007).
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Figure 2.6: Microstructure of TNZT after (a) solution treatment, showing a single homogeneous
beta phase with all solutes in solution, and (b) solution treatment and aigg, showing
intragranular alpha precipitates in a beta matrix, and grain boundaries (Taddei et al., 2007).
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Timetal 125, on the other hand not a heavily stabilized beta titanium alloy, so a fairer
comparison would be with metastable beta titanium allBggh beta and metastable beta

titanium albys are alloys that can be watprenched from the beta phase to retain a fully beta
microstructure at room temperatuBeot h b T and metastable bTi é
from the DbTi phase to retain a Thebetawlloys Ti mi
havenot o t e n d e n c gncetquenchedvhemeasthitastable betoysc an f or m UTi
even at moderately low temperatures. Metastable beta titanium can significanligrdge
compared t he heéGuddtag., 2009)A Imetdstatdeebdta tiamium that is

currently a subject of intense research {4 0V-2Fe 3Al (Ti-10-2-3) (Bohanek, 1973; Messler,

2007). Its beta transus is 8@5and it is solution treated at temperature®8C above this
temperature. Terlinde et al. (1®3eported that after solution treatment, the alloy is fully beta

and comprises almost equiaxed grains. When the alloy is aged (at temperatures lower than the
beta transus) between 2@and 500C, primary alpha precipitates from the metastable beta
phasebut this may be preceded by the formation of omega titanium at temperatures between
200°C and 456C (Terlinde et al., 1980). The omega phase transformed to alpha precipitates

after long holding periods at these temperatures. It was also observed tlwiithe fraction

of the primary alpha precipitates decreased with increasing ageing temperature, reaching 0%

at the 808C, the beta transu$he most used metastable beta titanium alloy {SATt5Mo-

5V-3Cr (wt%), also known as the-bt5-5-3 or Ti-5553(Campanelli, 2016)As a similar alloy,

Timetal 125 is expected to exhibit similar properties and to have a similar microstructure and

heat treatment response.

2.5 Diffusion of Alloying Elements in Titanium

When an alloy is quenched, all equilibrium processash as diffusion, are retarded due to

kinetic limitations. Diffusion is the major mechanism for equilibrium transformations, and is
dependent on the diffusivities of the atoms in the host material andatime or di ng t o F

second law as shown in Equation 2.5.

/? A—, — Equation2.5

0] 0]

The diffusion coefficient depends strongly on temperature according to the Arrhenius equation
as in Equation 2.6 (Arrhenius, 1889).
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A, A "Had Equation2.6

The logarithmic form of Equation 2.6 is shown in Equation 2.7, and has been used extensively
to evaluate the diffusivities of alloying elements in titanium, as weHleasdiffusivities of sel

diffusion of titanium in alpha and beta titanium as a function of temperature.
R / v o E .
g A - E n2.7
LAy 1 p 8n- quatio

Elliot (1962) determined the diffusivities of oxygen, aluminium, vanadium and molybdenum
in alpha and beta titanium using an electron microprobe. The results are shown in Table 2.2,
together with diffusivities for selfliffusion of titanium, determined with a titanium isotope
generated from the bombardment of scandium with protons. Invariably, diffusivities of both
interstitial and substitutional atoms were higher in beta titanium than in alpha titanium. This
was attribuéd to the more open bcc structure compared to the-plaxdesd hcp structure in

alpha titanium (Elliot, 1962).

Table 2.2: Diffusivities of different elements in alpha and beta titanium(Elliot, 1962).

i} Diffusivity (cm?2.s?)
Element UTi bTi
Titanium 1$ ¢ @y vy TR 4 1$ g8 T C @ TUR 4
Vanadium 1$ o w oPp T 4 1$ 18n 1@ TR 4
Molybdenum 1$ PR WC@ TR 4 1$ W8I T 0@ T 4
Aluminium 13 peIT ¢ & TR 4 1$ PP ¢ @R 4
Oxygen 1$ Vg Y o @ TR 4 1§ pwu Q& TR 4

2.6 Processing of Titanium and Titanium Alloys

The majority of titanium stock is produced as sponge from the Kroll process. The sponge is
normally compacted into small briquettes using hydraulic pressesoas sh Figure 2.7

(Kroll, 1940). Alloying additions in the form of metal powders or master alloys may be added
to the sponge at this stage. The briquettes are vacuum welded into electrodes for further
processing. The electrodes are melted more than omsx uacuum to dgas, as well as to

distillate any excess magnesium from the extraction process.

15



Titansum Sponge

i
: :“?E)’ Primary Melting Seconduy Melting

] Ingot

Pressung

~ u
Mm”‘ m
A!.ln/ \ldmv

».}
o ﬁ

Boguette

Figure 2.7: Conventional processing of titanium sponge to ingot (Kroll, 1940).

Once the ingot has beé&rmed, it can be processed by conventional mettsaath as rolling,
extrusion, casting and forginGasting has the advantage that it can incorporate up to 25% (by
weight) titanium scrap from other operations, thereby reducing wastage and cost (L&lyens an
Peters, 2003)ncreasingly, methods that convert the sponge, or powder, directly to final shape
have become available, even at a commercial scale (Leyens and Peters, 2003). Conventional
sintering, spark plasma sintering (SPS) and hot isostatic préssiegoecome commonplace
technologies for processing low cost titanium and titanium alloy powders, mainly because of
their less wasteful nature than machining operations. Generally, as a result of the high cost of
titanium and its associated alloys, near steaping (NNS) is invariably targeted (Hurtung et

al., 1982). Machining operations are kept to a minimum and are normally limited to finishing

near net formed components.

2.7 Casting Technologies for Titanium and Titanium Alloys

Due to the high cost of extraction and ppsicessing of titanium, near net shape (NNS)
processing of the metal and its alloys is the generally preferred method to conventional
machining (Hurtung et al., 1982). Aerospace structural components weighingj3®keg can

be successfully produced by precision investment casting (Donachie, 2000). On the other hand,
machining of titanium is generally wasteful, and therefore expensive, and is also fraught with
a number of technical problems (Siekmann, 1955; Doea@@00; Marusich, 2005). As an
example, due to the low thermal conductivity of titanium, dissipation of heat from the work
piece during machining is poor, and this usually results in burning of the work piece and rapid

degradation of the expensive toolifidarusich, 2005). However, casting is generally much
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cheaper and technically easier. Additionally, casting of titanium allows for the production of
intricate profiles and very large pieces, which are otherwise not practically possible with

machining.

On average, machining costs constitute approximately 60% of the total fabrication cost of a
modern aeroplane, while the use of precision casting reduces this cost to just about 5%, as
illustrated in Figure 2.8 (Donachie, 2000he other major advantage ofstiag is its ability

to use scrap as part of the charge, as this further improves the economics of the process
compared wrought operations. Typically, 25% of mass of the chdugag vacuum arc

remelting or thecasting ofthe finaltitanium ingots istitai um scr ap from ot he
operations, such as machinirgtiold, 1959; Leyens, 2003
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Figure 2.8: Cost comparison for a titanium alloy design machined from blocks, forgings and
precision investmentcasts (Donachie, 2000).

There are three commonly used casting technologies for titanium: conventional casting,
precision investment casting and vacuum die casting. Regardless of the casting method, an
inert atmosphere has to be provided, either by ah dgrasror vacuum (Arnold, 1959).

2.7.1 Centrifugal Casting of Titanium and Titanium Alloys
Semtcentrifugal induction casting involves the induction heating of a material and then
centrifuging the molten metal into a mould. Induction heating is elecgoetia and generally
rapid. A major advantage of the process is that the molten bath is stirred by the electromagnetic

field, thereby promoting homogenization (Brown et al., 1947). In addition to the rapid even
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heating and bath stirring associated withuictibn heating, a very important aspect is that it is

a noncontact methodThe heating is therefore clean and best suited for sensitive materials
such as titanium and its alloys. In most laboratory castings of titanium, copper is used as the
mould. Coppe does not react with molten titanium, and due to its very high thermal
conductivity, the melt cools quickly, minimizing impurity segregation in the final casting.
However, the quenching in the copper moulds causes brittleness in-¢hst aondition.
Therefore, thecastings generally require some heat treatments for stress relief, and in many
cases, they disintegrate on extruding from the moulds. The high thermal conductivity of the
copper moulds makes it difficult to control the solidification rate efrttelt (Birmingham et

al., 2000) Thermal conductivities of common engineering materials are shown in Table 2.3.

Table 2.3: Thermal conductivity of selected metals at 2% and atmospheric pressure
(Birmingham et al., 2000).

Metal Thermal Conductivity (W.m 1K)
Aluminium 237.0
Copper 408.0
Titanium 21.9
Gold 317.0
Nickel 90.7

Birmingham et al. (2000) reported cooling rates in excess diC1§bduring the first 12

seconds of solidification for a number of titanium alloys, decreasing to ab¥Zis3@uring

t he b/ U transition. These fast C O O-castn g rat
microstructures, and the microstructures were gewedshdritic. This was attributed to
significant undercooling of the melts due to rapid conduction of heat from the melt by the
copper moulds (Kattamis and Flemings, 1966). As a result, dendritic beta titanium nucleated,

and thereafter various alpha morpdgies nucleated onthe pribr gr ai ns.

2.8 Sintering of Titanium and Titanium Alloys
Sintering is a thermally activated process in which powders or porous materials transform to
compact structures, and become more thermodynamically stable through the minimization of
surface energy. Frenkel (1945) and Pines (1946) described sinterirfgeasal treatment for
bonding of particles via mass transport that often occurs at an atomic scale, leading to improved

strength and a lower energy of the system.
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Surfaces have high energy due to incomplete coordinatmmpared to atoms in the bulk of

the material. This is illustrated in the 2D lattice of atoms shown in Figure 2.9 (Adam and
Kensington, 1941), which shows a coordination of six for inner (bulk) atoms, and only three
or two for surface atoms. The lack of complete coordination for surfages agsults in them

failing to achieve equilibrium rest positions, because they are pulled more inward by the bulk
atoms. As a consequence, such atoms have excess energy and will tend to minimise it by

making the affected surface area a minimum (Adam amsikgton, 1941).

O Atom bonded to 6 neighbors
’ Atom bonded to 5 neighbors
O Atom bonded to 4 neighbors
’ Atom bonded to 2 neighbors

Figure 2.9: Diagram of a 2D lattice showing lower coordination for surface atoms (Adam and
Kensington, 1941).

With respect to titanium and its alloys (and many other materials), advantage is taken of the
excess energy of free surfaces to consolidate them during sintering. This is particularly
effective when the starting material is powder, sponge or is porousn(Add Kensington,

1941). The driving force for sintering is therefore the minimization of surface energy through
the reduction of free surfaces and the formation of bulk structures with very limited surface
areas (Frenkel, 1945; Pines, 1946). The majocgs® events that take place during sintering

of a powder or a porous material into a consolidated mass are shown in Figure 2.10 (German,
1996). Here, originally small particles, with large surface areas, and hence high surface energy,
coalesce into a largenass by contact, resulting in a much lower surface energy per unit

volume.
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Figure 2.10: Major stages of sintering showing reduction in free surfaces and contact formation
(German, 1996).

The major theaes on sintering were developed by Frenkel in 1945 and Pines in 1946, and are
generally in agreement that four mass transport events are responsible for the densification of
materials during sintering: surface diffusion, grain boundary diffusion, latiffiesion and

simple evaporation (Frenkel, 1945; Pines, 1946).

There are a number of technical problems associated with sintering powders, including titanium
and its alloys. For example, Gasik andresearchers (2009) studied the sintering behaviour of

the alloy TE33AI-33V (wt%) using dilatometry and differential scanning calorimetry (DSC).
They showed that during sintering, often new phases formed, which resulted in volume
changes, stress and misfits. Some phases underwent thermal expansion, furtheatoognp

the process. It was concluded that the success of sintering titanium alloy powders depended on
appropriate heating rates and final sintering temperature, and very minimally on green density
variations. They calculated the activation energy fotesing the alloy to be approximately
296kJ.molt,

2.9 Spark Plasma Sintering of Titanium Alloys
Spark plasma sintering (SPS), also known as the fast assisted sintering technique (FAST) and
pulse electric current sintering (PECS), is a relatively new metal canaimic forming
technique used in the powder metallurgy indusi@asik et al., 2009; Gasbarre and
MacGeehan, 2012)l t uses high intensity direct cur |
temperature by the Joule effect. Unlike conventional hot pressiaidg glasma sintering relies
on internal heating. Pulsed direct current (DC) is passed through a graphite crucible, or through
the powder compact if the material is conductive (Tokita, 2006). Internal generation of heat
produces rapid heating and coolinghieh makes the process much faster than conventional

sintering. Due to the rapid nature of the process, grain coarsening is hormally avoided during
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sintering (Tokita, 2006; Munir and Tamburini, 2006). The technique is still based on the theory
of sinteringdeveloped by Frenkel and Pines, except that the method of heat generation is
different, and that the technique also incorporates the simultaneous application of pressure to
ensure maximum density of the sintered parts (Munir and Tamburini, 2006). Asalwith
sintering techniques, external pressure assists by providing stress on the material. Normally,
large pores resist sintering, and the application of pressure collapses them, resulting in the
material attaining full density at lower temperatures (Gerh@96). A spark plasma sintering
machine is shown in Figure 2.11.

PLLSED O.C
POWER
OBSERVATION _ PRy
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MYDRALRIC
POWLR UNTT

Figure 2.11: Basic Configuration of an SPS machine (Tokita, 2006).

Xiao et al. (2009) claimed that the technique compacted powdassactorily. They studied

the spark plasma sintering response of @7l alloy, and reported an average theoretical
density of 99.9+0.1%. They also showed that the heating profile, pressure, soaking time, and
heating and cooling rates played cruciales in developing the microstructure, and hence
mechanical properties of the sintered parts. When heating rates and pressure were kept
constant, the sintering temperature was critical for closure of pores and attainment of full

density, as shown in Figug12 (Xiao et al., 2009).
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Figure 2.12 SEM micrographs of Ti-47Al after spark plasma sintering at 50MPa at a heating
rate of 5°C.min! at (a) 400C and (b) 900C (Xiao et al., 2009).

Weston et al. (2015) investigated the sinterability of commercial alpha and beta titanium by
spark plasma sintering. They concluded that the process was insensitive to feedstock size and
morphology, although very coarse particles were difficult to silttevas also demonstrated

that the maximum sintering temperature and pressure were the main parameters that
determined the densification and the sintered microstructure (Weston et al. S20t5)ng of

beta titanium alloys requires relatively shorteriperds t han U or (U+b) Ti
been attributed to more open bcc structure, which allows for better diffusion (Liu et al., 2006).
Young and Qian (2015) reported that spark plasma sinteringgdd® V. ( wt of)+,6i)an (U
alloy, resulted in mechanical propertiesry close to those of the cast alloy. THeynd that

solute homogenisation was faster in the spark plasma sinteretidh&ostatically pressed

alloys, andidentified this as the main advantage of spark plasmi@isng over hot isostatic
pressing, since achieving solute homogenisation in titanium alloys containing slow diffusers

is one of the processds key requirements.

2.10 Machining of Titanium and Titanium Alloys
Titanium and its alloys can be machined idifferent shapes using conventional machining
methods. While machining is less favoured than-nearshaping operations such as casting
and sintering, it is almost inevitablgince even nearet components require some finishing
through machining. Comped to mild steels, machining of titanium is more difficult because
of the metal 6s | owvdMchimbkesrdissgpationcobhead from the work pigce
problematic (Siekmann, 1955). The heat generated in the areas experiencing the cut causes
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hardeing of the surface, resulting in poor geometric accuracies and severe reduction in fatigue
strength (Siekmann, 1955Jhus it is essential to be generous with coolants when machining
titanium or its alloys, i f oxthedeadtvityoand highi b ur ni
affinity of titanium for oxygen, nitrogen and hydrogen at high temperature, the choice of
coolant is critical. The RMI Titanium Company (2000) recommends the conditions required
to successfully machine the metal and its alloysarfrom having sufficient coolant to cater

for the low thermal conductivity of the titanium alloy, sharp tooling should be used to avoid
heat buildup and galling (loss of material due to sticking of the surface of the work piece to
the cutting tool). Da the reactivity of titanium at high temperatures, not all coolants can be
used, and it is generally agreed that watesed coolants are best itsrmachining (Turkovish,

1982; Marusich, 2005). Chlorine and sodium ions have been associated witt@n@ssn
cracking of titanium, and so these two ions cannot form part of the coolant during machining
(Marusich, 2005).

The second problem associated with the machining of titanium and its alloys is that they have

a strong alloying tendency with the chealicomponents of most cutting tools at tool operating
temperatures (Turkovish, 1982). Consequently, the titanium work piece tends to periodically
weld to the tool, resulting in galling, smearing and rapid destruction of the tool. Additionally,
titaniumhaa r el ati vely | ow Youngds modul ulsackand he
during machining (Lamaire and Backofen, 1971). Thin parts tend to deflect under tool pressure,
resulting in tolerance problems. When machining titanium, it is thus criticahsare the

rigidity of the entire machining seip and to make use of sharp tools.

As with many machining operations, the temperature at the tool tip during machining is directly
proportional to the cutting speed. The CIMCOOL report (2007) states timairaase in cutting

speed from 20 to 150 surface feet per minute (sfpm) increased the tool tip temperature from
425 to 928C. Marusich (2005) simulated the temperature profile on®ATi4V work piece

and a WC/Co cutting tool using AdvantEdge softwarethadesults are shown in Figure 2.13.

The feed rate {f was 0.2mm.min and the cutting speedffwas 115m.min. At such a high

cutting rate, it was demonstrated that the temperature at the tool tip and contact with the work

piece could easily reach Q®C.
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Figure 2.13: Third wave AdvantEdge simulation of temperature at tool tipwork piece contact
during machining of Ti-6Al-4V at a feed rate 0.2mm.mirt and cutting rate of 115m.mint using a
WC/Co cutting tool (Marusich, 2005).

Therefore it isimportant to employ low cutting speeds when machining titanium. Finally, it is
recommended to use high feed rates (Siekmann, 1955; Hurtung et al., 1982). Most titanium
machining operations employ high speed steel tools because of their lower cost &nd high
flexibility than cemented carbides, although increasing operations are opting for cemented
carbides due to their lower cost per cthe technology of high speed cutting tools continues

to develop and the current inclination is towardising cubic boro nitride (CBN) and
polycrystalline diamond (PCD) cutting tools for machining titaniudavim, 2008. Their

main advantages are extreme hardness, toughness and wear resistance, in addition to chemical
inertness at the high temperatures assediaithmachning titanium or its allog (Siekmann,

1955; Machado and Wallbank, 1990; Ezugwu, 30Q@ubic boron nitride has a hardness in
excess of 4500 HV, which is only second to PCD (9000 HV),thisdsignificantly exceeds

the hardness of molybdenum {8éries stels) or tungsteitnasedchigh speecautting steels (7
series)(Ezugwu, 2005)On the downsideextreme hardness has a deleterious effect on the
fracture toughness of the tool. Thus, extremely hard tools like CBN and PCD are very fragile
making their use dificult and expensiveWhitney, 1994; Davim, 2008 However, as the
demands of the titanium machinimglustryincrease, a corresponding effort on improving the
tooling capabilities through improvement of existing tools and introduction of new materials

is to be expected.
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2.11 Heat Treatment and Grain Growth in Titanium Alloys
Normally, once shaped, the components are heat treated to obtain the best microstructure for
further forming operations or service. For beta titanium alloys, a solutionizing heat treatment
is normally preferredas it produces a microstructure in which all solute components are
dissolved in the main phase (Hansen et al., 1951). Solution treatment is normally done about
50°C above the beta transus to ensure that the alloy is completely\b#tesufficient beta
stabilisers, the beta phase can be retained waterquenching. In the solutietreated state,
all solutes are dissolved in the matrix, and the beta phase will be saturated and metastable
(Hansen et al., 1951). In this state, the alloy is normally ductile and malleable, allowing for
relatively large reduatns in area without significant strain hardening or fracture. This is
attributed to the bcc structure having more slip planes than hcp (Moskalenko et al., 1973). Thin
sheet and strip are therefore very common with beta titanium alloys. Thereafter, h@mggen
stress relieving and subsequent strengthening and stabilisingiby hgat treatments may be

done on the final component (Greenfield and Pierce, 1973).

In all hot working processes with titanium and its alloys, an inert atmosphere is required to
shield the components from oxidatiand nitridation by air. Normally, alph@ieta and beta
titanium have to be aged in order to stabilise their microstructures, and hence properties, before
use. This is because mostlémare metastable as a result & tfuenching that they undergo

in order to retain the beta phase (Greenfield and Pierce, 1973). Once cold, some beta normally
transforms into the more thermodynamically stable alpha phase through natingl &bis
inevitably results in a change of the@perties, and even dimensions, of the alloy over time. To
remedy this, alphédeta and beta titanium alloys are artificially aged until they acquire their
equilibrium states by allowing tie b Toi( )U Tran¥yformation to occur at a temperature higher
thanambient temperature for faster kinetics. After artificiaéing, the alloys are generally
deemed to be stable. Most beta titanium alloys are used in the sdtetited and aged (STA)
condition, and the processing technology used is strongly deternbige@conomic

considerations.

As mentioned previously, the majority of metals and alloys rarely achieve their desired
mechanical properties without undergoing an appropriate heat treatment. Generally, once the
final consolidated part has been shaped, thx¢ step is to heat the component to produce a
microstructure which gives the desired mechanical properties. Heat treatment generally entails

both heating and cooling (Bain and Griffiths, 1927). The need for heating is to trigger thermally
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activated process, such as diffusion of solutes and grain growth. Diffusion tends to
homogenise the system, eliminate solute concentration gradients and therefore minimise
energy. On the other hand, grain growth minimises surface energy through the formation of
larger gains and hence fewer grain boundaries (Beck, 1956). The process of thermally
activating diffusion and grain growth is carefully controlled to result in a microstructure which
gives the desired mechanical properties. While in many cases, equilibrium michosts can

be achieved at room temperature through natusshggelevated temperature aids in providing

for better process kinetics, giving shorter processing time. Diffusion and grain growth are
governed by temperature and time. Ideally, when graiaw gvithout hindrance, the grain
diameterd, can be calculated if the initial grain sige, is known, according to Equations 2.8

and 2.9 (Beck, 1956).

H W1 Equation2.8

By

T T7"H#" Equation2.9
For the ideal case, grain growth would obey these equations, but in real systeyogerned
by some boundary conditions, and the grains cannot grow indefinitely as suggested by Equation
2.8. When Equation 2.8 is diffiemtiated with respect to time to establish its critical points, and
hence the maximum grain size Equation 2.10 is produced. It is evident that such a maximum

would only exist at some infinitely largealthough this is not observed.

"H'H i
0l

Equation2.10

Wi

This is because the driving force for grain growth decreagbstime, since the surface area

of the grain boundaries per unit volume decreases as the grains grow (Doherty, 2005). In
situations where a second phase is present, particularly rigid intermetallic compounds, grain
growth is hindered by grain boundaZefer) pinning by tseconary phase (Zener, 19438)

and gain growth then ceases to obey Equation 2.8. Beck (1956) modelled grain growth in Ti
6Al-4V and showed that grain size depended on the initial grain size of the alloy according to
Equation 2.11.

H "W 171 Equation2.11
where d = grain size at any time (t)

do = initial grain size
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t = heat treatment time.

The constantsk and n, are dependent on the material, composition and heat treatment
temperature, but are independent of grain size. The paramasknown as the growth order

of the material. For normal grain growtlthere grains grow homogeneoushis ~0.5, and
Equation 2.11 becomes the same as Equation 2.8 (Beck, 1956; Rodriguez et al., 1995). In
abnormal grain growth, where subsets of the grains tend to grow preferentiallyprmally
smaller. However, in all cases grain growth is a diffusi@t@ss, and is a thermally activated
event. Beck (1956) showed that the constams a rate constant which obeyed the Arrhenius

eqguation shown in Equation 2.12 (Arrhenius, 1889).

By

T T7"H#" Equation2.12

wherek, = preexponential factor for the system
Qg = the activation energy for grain growth
R = the universal gas constant
T= absolute temperature.

For titanium alloys, the heat treatment required depends strongly on the composition and the
desired properties. Fg@r b Talloys, part of the heat treatment involves quenclimegalloy

from the beta phase field to retain théd Tai rgom temperature (Silcock, 1955; Rodriguez et

al., 1995). The retaine@ Bi) will be unstable at room temperature, but the presence of
stabilizing elements, such as molybdenum and vanadium, assistoviding stability
(Williams et al., 1971).

2.12 Mechanical Properties of Titanium and Titanium Alloys
The most sougkafter mechanical properties of titanium and its alloys are high strdogth
weight and good fatigue and corrosion resistance (Chernova, 1961). The mechanical properties
of titanium alloys vary greatly, depending on chemical composition and microstructure. Table
2.4 shows important mechanical properties of a number of titamiboys which are

commercially available (Davis, 1997).

Table 2.4: Mechanical Properties of Common Titanium Alloys (Davis, 1997).
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Alloy Type | UTS (MPa) | Oy (MPa) | & (%)
Grade 1 V] 240 172 24
Grade 4 V] 552 483 15
Grade 5 (Ti6AI-4V) g + 896 827 10
Ti-10V-2Fe3Al b 1193 1103 4
Grade 18 (TiBAI-2.5V) 0 + 620 483 15
Grade 6 (T45AI-2.5Sn) V] 827 793 10
Beta C (T#3Al-8V-6Cr-4Mo-47Zr) b 1172 1138 6

Alloying greatly increases trarength of titanium, although at the expense of ductility. Grade

1 titanium can be cold rolled at room temperature to above 90% reduction in area, without
significant cracking. Taplin et al. (1978jtributed this extensive deformation, not to be
expectedn hcp structures due to limited slip planes, to the unusuallyclawatio of alpha
titanium, which results in more operative slip systems and twinning planes. From Table 2.4, it
is noted that oxygen has a dramatic effect on the strength and duttiliéjmmm. The strength

more than doubles, while ductility decreases by about 40% from Grade 1 to Grade 4, due to
the oxygen. The only difference between Grade 1 and Grade 4 titanium is the amount of
interstitial elements, particularly oxygen, otherwiseadis 1, 2, 3 and 4 titanium are the
commercially pure forms of the metal (Matthew and Donachie, 1988). The maximum
allowable oxygen content for Grade 1 is 0.18 wt%, while that for Grade 4 is 0.40 wt%, and this
small change gives large differences in thechanical properties of the metal. Biswas (1973)
attributed the increase in strength of ahptenium to interstitial elements increasing the
stacking fault probability of the hcp structure. A major problem with titanium alloys is that the
formation of ttanium dioxide is very energetically favourable, with the consequence that all
grades of titanium have some oxygen even after thorough efforts to exclude the element during
extraction and processing. A major consequence of oxygen in titanium alloysiéeddukat
treatment responsiveness, compromised ductility and low fracture toughness (Biswas, 1973).

2.13 Fracture Toughness, Creep and Fatigue Resistance of
Titanium and Titanium Alloys

Fracture toughness is defined as the ability of a material to absoryy es@ing plastic
deformation without rupture (Knott, 1973), and can be approximated by integrating the area
under a stresstrain curve (Hull, 1995), although there are many more methods of measuring
it. Generally, titanium and its alloys rank highly iradture toughness, fatigue and creep
resistance (ESouni, 2001). The fracture toughness of titanium is higher than most common
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engineering metals and alloys, and all known engineering cer@daiesige, 1979). Walcher

et al. (1979) showed that the fragwoughness of titanium and its alloys was strongly affected

by chemical composition, microstructure, presence and quantity of interstitial elements, and
temperature. Goijaerts et al. (2001) reported that extra low interstitial (ELI) titanium alloys,
with maximum allowable tolerances of 0.13 wt% O, 0.05 wt% N and 0.08 wt% C, exhibited
the highest fatigue resistance. Horiya and Kishi (1994) demonstrated that in alpha and alpha
beta titanium alloys, acicular microstructures had the highest fracture tougheesasse a
threadlike structure resisted crack propagation. They showed thatlloys generally had

higher fracture toughness than alpha and al@ta alloys when their 0.2% proof stress was
around 1000MPa, but a lower toughness when their proof stt@esabove 1500MPa. The
reason for this could be that as the strength of the beta alloys increases, the decrease in ductility
is much more pronounced. With such high strength valuegalloys have low ductilities

which compromise their ability to absoemergy on impact. Almost invariably, the fracture
toughness of titanium alloys, regardless of their type, increases with temperature (Peart and
Tomlin, 1962). This is because materials lose strength but gain ductility with increasing
temperature, which cdre explained at the atomic level using the atomic theory (Pauling, 1932;
Cottrell, 1958).

Srivastava et al. (2004) studied the tensile propertiesNbiZr alloys. Figure 2.14 shows the
stressstrain curves of FNb-Zr alloys with varying amounts of ¢halloying elements, and
demonstrates the complexity of alloying content on the mechanical properties of titanium
alloys (Srivastava et al., 2004).

For the alloys with 13 wt% Zr, increasing the amount of niobium from 8 to 13 wt% increased
thar tensile stength. However, the strength decreased when the amount of niobium was
increased to 18 wt%. There was a clear improvement in ductility with increasing niobium,
which was attributed to an increase in the volume fraction of the daciil&ince niobium is

abetastabiliser (Srivastava et al., 2004).
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Figure 2.14: Superposed stresstrain curves of variants of the TiNb-Zr alloy (Srivastava et al.,
2004).

The effect of zirconium was not clear, but it is known that zirconium reduces the volume
fraction, upper temperature limit of formation and the stability of the omega phase. The omega
phase is a metastable phase, which has been associated with brittheebsTailoys

(Williams et al., 1971). Zirconium appeared to have a smaller effect on the strength than
niobium. This could be attributed to Zr being alphad betasomorphous with titanium due

to the two metal sd s i minhe®othery étal.ul®35)uso Arconiem z e a

cannot markedly strengthen titanium by precipitation hardening, unlike niobium.

The very low strength for the alloy with 41.1 Nb and 7.1 Zr (wt%) could be attributed to the
alloy not being necessarily a titaniumaly nce t he all oying el ement ¢
wt%. In such a case, the properties of the alloy cannot be dominated by titanium, but should be

between the properties of the components, particularly Nb in this case.

2.14 Alloying elements
Of all titaniumalloys, beta alloys exhibit the highest strength and lowest ductility, particularly
after aging (Moskalenko et. al, 1970). Except for aluminium, all the other common non
interstitial alloying elements are heavier than titanium. In particular, molybdesxanmuch
heavier element than titanium, with a density of 10.28 §.compared to 4.51 g.céfor
titanium. Molybdenum additions generally increase specific strength (Hoch and Viswanathan,
1973). While the high density of molybdenum inevitably increasedénsities of thetanium

alloys to which it is added, its beneficial effects, saslnigh corrosion resistance and extreme
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stability at high temperature, offset the increase in density (Stephens and Witzke, 1972). Better
still, in most titanium alloys, molybdenum is used in very small quantities relative to the base
metal, 8 wt% beinghie highest Mo content in known commercial titanium alloys currently
available. The increase in the density of the alloy is therefore usually very small and, in many
cases, the density increase is strongly countered by the density decrease from the lighter

elements, such as aluminium, which are normally used in titanium alloys.

Alloying elements interact with titanium in various ways, depending on their crystal structure,
valence electronegativityand size. Small atoms, such as oxygen, hydrogen, nitraggn a
carbon, fit into the interstices of the titanium lattice to form interstitial alloys, and are aH alpha
stabilisers (Ageev and Petrova, 1970). All the metals that are commonly used to alloy titanium
form substitutional alloys. Transition metals gengrédind to be betatabilisers, while non
transition metals stabilise the alpha phase. Ageev and Petrova (1970) postulated that the beta
stabilization by transition elements could be justified in terms of the screening model. They
argued that the high conclion-electron concentration of transition metals, which enhances
screening of ion cores, may favour a symmetrical, and hence, cubic structure. They also showed
that the betatabilization action of transition metals was greater the further away thditmansi
element was from titanium on the periodic tallen gener al , transition
transus temperature and cause stabilizatiom®dat | ower t e mpsabil@nhg r e s .
elements are mainly classified into isomorphous or eutefmonding systems. F/ and Tk

Mo are betasomorphous systems and form solid solutions at most temperatures, while Fe, Cr
and Mn are eutectoibrming elements, which result in the decompositioih Gfto U Tand

an intermetallic compound{lcock et al., 1955Collings, 1984)

The general behaviour @ Thas been studied in great detail for many years. Silcock et al.

(1955) showedhatb Tal | oys for med martensite or athern
the beta phase when quenched, depending on their sdiapoThey found that the beta phase

| ost stability, and could separate into b a
cooling. The b phase contained morTheysalsol ut e €
reported thatvhen many betétanium alloys were rHaeated to temperatures below 500° C,

they initially became hard and brittle. This was attributed to the precipitation of a metastable
nanaesized phase, omega titaniufhe alloys subsequently soften when the omega phase
decomposestdigher temperatures, or after extended-teegtmentThe instability of the beta

phase was corroborated by Rhodes and Williams (1975), who studieckitng laghaviour of

metastabl® ( T i alloyd.dhey showed that, in addition to athermal decomposition, the beta
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phase could also decompose isothermally to give two types of alpha titanium. Type 1 alpha
obeyed the Burgers relationslkid 0)%//(0001); [111}//[1120]ywith respect to the parebeta
phasewhile Type 2 did not (Rhodes and Williams, 1975). They showed that Type 1 alpha
formed during agng between 450 and 68D, but was replaced by Type 2 upon extended

ageing.

2.14.1 Thermodynamics, Phase Diagrams and Design of Titanium Alloys
Simple binary and ternary alloys can be described using phase (constitution) diagrams. These
are thermodynamic diagrams that show the most stable phases as a function of alloy
composition and temperature. The principle behind the diagrams is that phhsiee Wawest
Gibbs energy in a system are the most stable, and that all phases in equilibrium have the same
chemical potential (van Laar, 1908; Hildebrand, 1929).

Titanium alloys have been studied for many years, and many phase diagrams are available for
simple twe and threecomponent titanium systems. For multicomponent alloy systems with
more than three components, although representation on phase diagrams is possible, the
interpretation ofthese phase diagrams is more difficult. For such alloys, aeckfft

representation is normally used, e.g. phase proportion diagrams.

2.14.2 Equilibrium Phases
Equilibrium phase transformations are reconstructive, and involve diffusion of atoms, atomic
jumps, breaking and +establishment of chemical bonds. Therefore, tieguire time to occur,
as well as high enough temperature to surmount the energy barrier for diffusion (Bain and
Griffiths, 1927). The transformations continue until the components in all the phases reach the

same chemical potential.

In titanium alloys,al 'y two equilibrium phases, U and b
intermetallic compounds for eutecteiokming elements (Duwez, 1949). Since no alloying

element can suppress the beta transus to below room temperature, it is not possible to retain
the beta phase by equilibrium cooling. To retain the beta phase at room temperature, it is
therefore necessary to quench, in order to deny equilibrium transformation the requisite time

to occur (Bain and Griffiths, 1927). Griener and Ellis (1948) foundUhtiloys could not be
strengthened by heat treatment. It was later realised that it was not possible to fef@n )
quenching the alloys (Williams et al., 1971). Quencl{ing Talloys resulted in théormation

of martensite or the omega phase, which transforméd WoTor () b Tréspectively on heat

treatment (Roy, 1973).
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2.14.3 Non-Equilibrium Phases
In cases where insufficient time is allowed for transformation;ewnlibrium phases are
highly likely to form. Since phase diagrams represent equilibrium stateseaqualibrium
phases do not usually appear (Bain and Griffiths, 1927)-édoiilibrium phases are regarded
as intermediate or metastable phases, since the system will still tend to equilibriyrfarirhe
without diffusion, and hence do not require thermal activation (Bain and Griffiths, 1927;
Bullens, 1938). The formation of nagquilibrium phases cannot be suppressed by quenching,
since the process normally occurs at the speed of sound (Bulle8®). The process is

displacive, and occurs by short range rearrangement of atoms, e.g. by shuffling of planes.

There are three neaquilibrium phases that have been observed in titanium alloys
(Williams et al., 1971; Roy, 1973; Collings984). They all result from quenching the alloys

from the beta phase, and their formation depends on cooling rates and compaosition of the alloy.
The phases are the omemgar tpehmassiet  ¥() Phasedhs d Wba o
ahexagonalclospeacked structure, just I|ike alpha tit
and is orthorhombic (Roy, 1973).

The ¥ phase forms when the amount of beta a
formation of martensite, but insufficient to stede the beta phase. It has a hexagonal elose

packed crystal structure, and precipitates as very fine particles, ~5nm. As a result, the
precipitates cannot be resolved under an optical microscope, although they can be viewed using

a high resolution transssion electron microscope (HRTEM) (Williams et al. 1971; Collings,

1984). Williams et al. (1971) noticed that sofné Tlloys became unexpectedly brittle during

the early stages of aeigg, and further investigation attributed this to the presence of the

phase.

Collings (1984) also showed that the stability of the beta phase depended on the electron to
atom ratio €/a), which should be higher than ~4.5. It was also shown that the martensite and

¥ phases had very similar internal energies, and suldtdifferences only occurred in a very

narrow compositional range. The martensite stad) (M a n d 0 mesgtampesatues t (-
generally overlap, as shown in Figure 2.15 (Collings, 1984).
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Williams et al. (1971) discovered that in the presence ofdiatalisers, alphatabilisers (such
as aluminium and oxygen) tended t o s(ufplpir)ess
It is partly for this reason that mar{y b)Talloys have some alpksabilisers, especially

aluminium (Collings, 1984).

2.14.4 Effect of Aluminium on Titanium
For two reasons, a discussion of titanium can never be complete without mention efAthe Ti
phase diagram. First, aluminium is the most widely used alloying element of titanium, and
second, the history of the -Al system from the 1950s to date has beentroversial but

interesting.

Aluminium, as a no#transition metal, has ribelectrons and hence cannot increase the electron
density of titanium. Ageev and Petrova (1970) showed that this was the case with-all non
transition metals, because very few &leas appeared at the Fermi level, and most were in
states within the lower part of the band. Titanidralectrons tend not to interact with such
atoms, which thus have the effect of diluting the titaniumlattite. The result is to emphasize
any preexisting T+Ti bond directionality, and thus preserve the hcp structure. Ageev and
Petrova (1970) showed that continued addition oftnansition metals to titanium eventually
destabilised the alpha structure through the formation of intermetallic compadmcls were

also hexagonal.

Apart from aluminium acting as an alphktabiliser in titanium, more has been reported about

its effects onthe metal Batalu et al. (2006) claimed that aluminium is the most important
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alloying element of titanium, as is carbtonsteel. Attempts to derive the-Al phase began as

early as 1907, through the work of Manchot and Richter (1907). During this time, the interest
was in aluminium alloys more than titanium. As such, studies of tiA¢ flhase diagram were

limited to thealuminiumrich end of the system (Chin and Biederman, 1992). Hansen et al.
(1936) also worked on the system, but they too were limited to the alumiighnend.
However, in the early 1950s, because a commercial method of producing titanium was now
available, focus shifted toward establishing the entire phase diagram. The earliest attempt to
derive the full phase diagram was by Duwez (1951), although Ogden (1951) was the first to
officially publish one. The system has been a subject of study since, antbamof variants

of the phase diagram are currently available (Chin and Biederman, 1992). The early work was
based on metallographical examination, as other techniques had not yet been developed.
However the accuracy of the results later became quedtierss more accurate analytical
techniques became available (Murray, 1988). Another problem encountered by the first
researcherthe lack ofhigh vacuum technologied the timeIn the 1950s, the vacuum system

was no better than FOtorr, and this was rioenough to exclude oxygen from the alloys
(Murray, 1981; Chin and Biederman, 1992). Since oxygen stabilises the alpha phase, the results
by Duwez (1951) and Ogden (1951) were skewed toward a larger alpha phase field.

The diagram by Ogden (1951) was expentally derived up to only 1100, beyond which

was extrapolation. The diagram, shown in Figure 2.11, was disputed because of lack of
experimental data above 1P@0and was totally dismissed after realising that it showed the
melting point of pure titanim to be 169%C instead of the accepted value 1&7(Mishurda

and Perepezko, 1991).

Bumps (1952) produced the full-Al phase diagram by experimentation up to P@0rhe

work relied on heat treating -Al alloys, followed by quenching and analysistioé samples

by optical microscopy. The diagram, shown in Figure 2.17, showed that the alpha phase field
terminated at 124C. This dismissed the extrapolation of Ogden (1951) which showed a
peritectic reaction, shown in Equation 2.13, at 2830

E niP ni Equation2.13
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Figure 2.16: Ti-Al phase diagram(Ogden et al., 1951).

The phase diagram by Bumps (1952) gained more acceptance than that by Ogden (1951), but
it too was put under scrutiny after concerns about the purity of the materials, as well as the
integrity of the experimental procedure. It emergeat Bumps soaked the samplesdioly 10

minutes to equilibratehefore water quenching. The period was deemed too short and, as a
result, the diagram was also rejected (Blackburn, 13@)ever, here were areas where the

two diagrams were in agreentefihey both showed extensive solubility of aluminiung it) T i )

but very limited solubility in( b TTihgre waslsoagreement on the phase boundaries of the

beta phase, as well as the presence of the T

Much more work was reptad between 1955 and 1970, but there was always controversy on

the phases present, and the associated phase boundaries (Mishurda and Perepezko, 1991).
Kubaschewski and Von Goldberg (1983) attributed this lack of agreement to the purity of the
materials use by the earlier researchers, while Mishurda and Perepezko (1991) argued that
was also due to misinterpretation of the microstructures. The earlier researchers reported a
striated microstructure, which they associated with the presence of two phhsesvas

resolved by Blackburn (1970Who postulated that the striations were due to hydride during
etching, and this was accepted after no striations were observed at temperatures where two

phases were expected, using a hot stage microscope (Mishurdarapézko, 1991).
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Figure 2.17: Ti-Al phase diagram (After Bumps et al., 1952).

Another problem identified by Kubaschewski and Von Goldberg (1983) was the exceedingly
long period required for annealing titam alloys below 90 (the Tammann temperature)

(Kubaschewski and Von Goldberg, 1983). This put all the data obtained metallographically for
temperatures lower than 9Winto question.

The advent of high temperature XRD and transmission electron migrp$as led to better

understanding of the Al system, as well as the discovery of new phases. From the very first
work (Ogden, 1951; Bumps, 1952; Blackburn, 1970) there has not been much controversy

about the beta phase and, as a result, attentiamdiag/ been on the alpha and TiAl (gamma)

phases. Lately, work using very different techniques has mainly complemented each other, and

i's in agreement

t hat

t her e

S

a

high

temper :

The techniques that havedn employed to date range from traditional optical microscopy,
measurement of lattice parameters by XRD, TiEMituHTXRD, electrical resistivity, DTA,

hardness to ductility measurements. All the methods generally agreed with the early work of

Ogden (1951) and Bumps (1952) on parts of the diagram, including the very low solubility of
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titanium in aluminium, but more imp@ntly they have managed to refine the diagrams by

incorporating new phases and establishing the currently accepted phase boundaries.

Further refinements in the compositional range 0 to 30 wt% aluminium were made by Shull et
al. (1985), where they discesedac ongr uent point for thier U to
confirmed by Sircar et al. (1986). The diagram by Shull et al. (1985) for the low temperature

Ti-rich end, shown in Figure 2.18, is the currently accepted version.
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Figure 2.18: Currently accepted low temperature Tirich end of the Ti-Al system (after Shull et
al., 1985).

In the 1970s and early 1980s, some attention shifted to calculating the phase diagram, but many
extrapolations still relied on the earlier results of Duwez, Ogden and Bumps (Murray, 1988).
The first calculated TAl phase diagram was presented by Kaufni®/8, based on the
available thermochemical data. The phase diagram showed a eutectic’@t 5@ peritectoid

at 1150C, shown in Equations 2.13 and 2.14 (Kaufman, 1978).

'EP nNi ni Al Equation2.14
niP ni Equation2.15

The TeAl and Ti Al phases, al so keenfisnideatifedhy2 and
Sagel 1956, and confirmed experiemtally by Ence and Margolinl961). The U2 is
ordered D@ structure with the compositiofisAl , whi | e t h efccstruptlreas e i s

with homogeneity ranging from 32.4 to 54.5 w
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boundaries were first reported from the magnetic susckytimeasurements by Collings
(1979. Murray (1988) asessed the experimental dataailablein the early 1980s, and
presented the JAl phase diagram which became the most widely accepted throughout the
1990s. The phase diagram is shown in Figure 2.19, and it showed a peritectic’a, H500
peritectoidat 1285°C and a eutectoid at 11%Z5 as shown in Equations 2.16, 2.17 and 2.18
respectively. The diagram differed from that of Kaufman (1979), partigwdarthe presence

of theeutecticreaction.
E niP Ai Al Equation2.16
nNi Ai BRi Qi Equation2.17
niP niAT ni Al Equation2.18

The phase diagrahmd to be revised after studies by McCullough et al. (1988) and Oliver and
Kad (1991) showed that there was a stable (4 phhse field, as well as a second peritectic
reaction, shown in Equation 2.19 (Chin and Biederman, 1992).

E nNiP fi Al Equation2.19

With more experimental data, Chang et al. (1991) recalculated the dlzagam, and
confirmed the presence of the second peritec
(Chin and Biederman, 1992). To date, both phase diagrams areaitbedghthere is still
controversy on whether the-Al system ha®neor two peritectic reactions. A review of the

t wo phase diagrams by Chin and Biederman (1
(1991) was more consistent with experimental data, and should supersede that by Murray
(1988).

Braun and Ellner (2001) reviewed theAl system in the composition range 40 to 70 wt% Al
using XRD, optical microscopy, SEM, DTA and electron probe microanalysis (EPMA), and
they produced the diagram shown in Figure 2.20. They reported the presence of a high
temperature phasehil 1.x, which exists as a single phase at 18D alloys of 47 to 50 wt%

Al, and eutectoidally decomposes at 147,0as shown in Equation 2.20.

NBAT 6P 01 Al AT Equation2.20
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Figure 2.19: Ti-Al binary phase diagram (Murray, 1988).

They also included the phaseAlis, and argued that it was a low temperature phase formed
peritectoidally from TiAl and TiAdat 810C, as shown in Equation 2.21 (Braun and Ellner,
2001). The T4Alsphase had been reported earlier by Loiseau and Vannuffel (1988pes

not feature on angf the earlier phase diagrams, including that by Murray (1988). The diagram
by Braun and Ellner (2001) divided Ti&hto high and low temperature phases (%{&) and

TiAl 3(l)), a distinction not made in earlier diagrams. Both phases were reported daolype b
centred tetragonal, but with different numbers of atoms per unit cell: 8 atoms per unit cell and
Pearson symbal8 for the high temperature phase, and for the low temperature phase: 32 atoms
per unit cell, and Pearson symh@&2. The polymorphiphase transformation was said to occur
between 950 and 735, depending on the composition of the phases. Braun and Ellner (2001)
reported that the compositions of the two phases did not differ, and that no distinction could be
made using optical or scamgi microscopy. They based their argument on DTA measurements.
Unlike the phase diagram by Murray (1988), the diagram by Braun and Ellner (2001) did not
show TiAk as a line compound

ni AifjATP fiAT Equation2.21
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Figure 2.20: Ti-Al phase diagram for the 4070 wt% Al composition range (Braun and Ellner,
2001).

Batalu et al. (2006) recently reviewed the two phase diagrams by Mi988)(and Chang

(1991), andhey concluded that the most controversial avaabetween 40 and 65 wt% Al,

and 900 to 145. They performed thermodynamic and crystallograpimalyses of FAl

alloys, and evaluated the intermediate phases. Their calculated binary phase diagram is shown
in Figure 2.21, which has a number of differences from the diagram by Murray (1988). The
diagram was quite similar to the one proposed by Muff888) but some important

differences were notable.

The phase diagram by Batalu et al. (2006) had a high temperature phaseAikeld Similar

to Braun and Ellner (2001), but did not make a distinction between the high and temperature
TiAl 3 phases repted by Braun and Ellner (2001). Additionally, the TdAhtermetallic
compound was presented with a variable composition in the diagram Batalu/2004l),
compared to the diagram by Murray (1988).
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Figure 2.21: Calculated Ti-Al binary phase diagram (Batalu et al., 2006).

In agreement with the observations of McCullough et al. (1988), Batalu et al. (2006) showed

anU +field and a second peritectic. Batalu et al. (2006) cordutiat their Al phase
diagram had the following characteristics:

total mutual solubility in the liquid state,
partial mutual solubility in the solid state,

three intermetallic compounds with incongruent melting, formed by peritectic
transformationgTiAl, TisAl11 and Ti Ab),

one intermetallic compound formed pgritectoidiransformation (Ti Ad),
one transformation formed by orddisorder transformation,

Five peritectic reactions, shown in Table 2.5.
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Table 2.5: Transformations in the Ti-Al binary system (after Batalu et al., 2006).

Reaction i} Type Temperature (°C) Al composition (wt%)
L+ (bTi) Z (UTi| peritectic 1503 32.40
L+ (U0TmA) 2z peritectic 1443 40.00
L +TisAli1z TiAlg peritectic 1395 69.75
( UTzi DizAl + TiAl eutectoid 1111 27.60
TiAl+ TisAliiz  Tizx Al peritectoid 1175 54.15
TisAl11 2 TiAla+TiAls eutectoid 990 62.15
Uriz b Ti allotropic 882 0.00
L+ TiAl Z TisAl11 peritectic 665 99.13
L+TiAlzz (Al) peritectic 665 99.53
Alz L melting 660 100.00

The currently accepted -Rl binary phase diagram is by Witusiewiscz et al. (2007), shown in
Figure 2.22, which was developed by considering all the previous experimental data, and
modelling the Gibbsnergies of all the components of the system. Like Braun and Ellner
(2001), there was a distinction between the high and low temperatuggphaee, which they
named U(h) an d(witlgelijczetat,2087pect i vel y,

2000 | | 1 1 1 1 1 1 1
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Figure 2.22: Ti-Al phase diagram (Witusiewiscz et al., 2007).
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Additionall vy, the (bTi) phase field was spli

sol i d scoSimildrtodMuarray (b988), the phase diagram hgukstectic reaction at
665°C, Equation 2.22Witusiewiscz et al., 2007).

E P Al Equation2.22

The phase diagram also agreed with Bumps et al. (1952), Braun and Ellner (2001) and Batalu
(2006) regarding the eutectoid reaction at®8@)%hown in Equation 2.2@Vitusiewiscz et al.,
2007).

niP RIAT i Al Equation2.23

Clearly there is still need for consensus on thélbinary phase diagram, and this caryon
be achieved by researchers continuing to investigate the system using different methods and
techniques until there is convergence. Since aluminium features in a great number of titanium
alloys, the lack of understanding of theAlisystem makes it dii€ult to accurately extend to

ternary and multicomponent systems.

However, there is general agreement on the chemical and mechanical properties of the known
phases of the system. For example, Cottrell (1958) and Elliot (1962) were in agreement with
respectto the general properties of titanium aluminides. They concurred that aluminides
showed high temperature stiffness retention and excellent creep resistance, which they
attributed to the strong JAl chemical bonds and high activation energy for-sidhusion.

Cottrell (1958) showed that another advantage of titanium aluminides was the availability of
aluminium atoms at the surface, which ensured the formation of a protective aluminium oxide

scale in oxidizing environments at high temperature.

2.14.5 Effect of Vanadium on Titanium
Vanadium is betssomorphous with titanium and, as a transition metal, it stabilises the beta
phase by increasing tlteelectron density (Ageev and Petrova, 1970). It has extensive solid
solubility in ( b duge to its similar crystal structure, size and valence (HRoteery et al.,
1935; Chandrasekaran et al., 1972). Vanadium has been associated with titanium for over fifty
years, as a constituent of the most common titanium alle§ATF4V. It is added toetain( b, i )
and hence to make titanium amenable to strengthening by heat treatment-\T lénary
phase diagram has been studied in detail by a number of researchers for many years (Murray,
1981). Hansen et al. (1951) determined the liquidus and sdiduhe system by heating and
guenching various compositions of-Vj followed by metallographic examination. They
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showed that the two metals had unlimited mutual solubility at all temperatures ab8@e 882
Their phase diagram showed a monotectoid reacit 675C, as shown in Equation 2.24
(Hansen et al., 1951).

Az AT A Equation2.24
The maximum solubility of vanadium in the (U
a miscibility gap in (bTi, V) (Hansen et al

(1955) and Rhodes and Williams (1970). The monotectoid and miscdalit were confirmed

by Murray (1981), using more advanced analytical techniques, such as electrical resistivity
measurements, differential thermal analysis, as well as thermodynamic modelling. However,
apart from improvements on the accuracy of transfoomaemperatures of Hansen et al.
(1951), the findings of Murray (1981) were not significantly different. The widely accepted
phase diagram is shown in Figure 2.23 (Murray, 1981).

The TiV binary phase diagram shows the strong effect of vanadium onethetriansus.
Vanadium suppresses the martensite start temperatuje gl above 4 wt%, the Ms
suppressed to below room temperature (Hammond and Kelly, 1968). This makes it possible to
retain the( b Tupoh watemquenching, and these alloys can be ificgmtly strengthened by

heat treatment. Donachie (2000) reported that titanianadium alloys, in the solutiemeated

and aged condition, had the highest specific strength of all then known alloys. T#anium
vanadium alloys maintain high strength, gotmlighness and stability up to moderate
temperatures, ~400. This has made the alloys, for exampleBAi-1Mo-1V, to be used
extensively for critical applications, such as on aircraft structural and turbine engine

components (Boyer, 1994).

Weight Percent Vanadium
1 20 20 40 56 50 ™ 80 20 100
T T T T T T T T T

{BTi V)

Temperature °C

850°%C

V00 #15%

o 20 % & 50 v 70 80 50 100
Ti Atomic Percent Vanadium v

Figure 2.23: Ti-V binary phase diagram(Murray, 1981).
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2.14.6 Effect of Molybdenum on Titanium
Molybdenum is a transition metal, and is quite far away from titanium on the periodic table
and, as; resultjt is a strondpetastabiliser of titanium (Ageev and Petrova, 1970). Th&10i
phase diagram has been a subject of study for many years, and there are conflicting results from
different authors (Murray, 1981). The first attempts to determine tHdoTbinary phase
diagam were again by Hansen et al. (1951), as well as by Duwez (1952). They agreed about

the monotectoid reaction at 675 shown in Equation 2.25 (Hansen et al., 1951; Duwez, 1952).
AFET 2z Ri ET Equation2.25

More recent measurements by differential thermal analysis have shown the temperature to be
higherthan reported by Hansen et al. (1951) and Duwez (1262)ut695°C, as shown in
Figure 2.2 (Murray, 1981)Hoch andviswanathar(1971) measured the activities of titanium

in Ti-Mo alloys containing between 15 and 90 wt% Mo, and agreed with the assessed binary
phase diagram in Figure 2.24. Thaywed that molybdenum refined the microstructure of
titanium appreciably, giving significant strengthening without compromising ductility. Of the
compositions they tested, -BMo (wt%) showed the highest elongation of 23%. They
attributed this high levedf ductility to the stabilization of b Twhjch ig more ductile than

( U Tsinge a cubic structure has many more slip planes tharSieplar work was conducted

by Rhodes and Williams (1973), where they investigated the behaviour of metastable alloys
Ti-6Al-14Mo and Til1l.6Mo (wt%), and also found improvement in ductility with increasing

Mo content.

Weight Percent Molybdenum
1 20 &0 a0 50 80 7o 80 80 100
T T T T T T T T

2600 4

L

670°C

Temperature °C

1200 3 (T1.Mo)

[y B ) ) % 60 70 50 50 100
Ti Atomie Percent Molybdenum Mo

Figure 2.24: Ti-Mo phase diagram showing a monotectoid reaction (Murray, 1987).
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2.14.7 Effect of Iron on Titanium
The TiFe binary phase diagram in Figure 2.25 shows both eutectic and eutectoid reactions
near the Tirich part. Iron is an allotropic metal and undergoes two crystal structure changes
from ambient temperature up to its melting point. From roanptgatures up to 922, pure
iron exists in a bec structure (ferrite), while between 912 and®C394éxists in an fcc structure
(austenite). Above this temperature, and up to its melting point, it exists again in a bcc structure
(Bain and Griffiths, 1927/Bullens, 1938). Ferrite dissolves substantially ib Thiut)aystenite
has very limited solubility. Chandrasekaran et al. (1972) showed that iron and titanium had a
negative enthalpy of mixing, and hence had the tendency to form intermetallic compounds.
Van Thyne et al. (1952), Polonis and Parr (1954) and Murakami et al. (1957), were the first to
attempt to derive the e binary phase diagram. Murray (1981) assessed tise pregram,
shown in Figure 2.25using results from more accurate analyticahteques, and agreed with
earlier researchers. The phase diagram shows a eutectic and eutectoid reactions at 1080 and
595°C respectively on the Trich side, and intermetallic compounds, which is typical of
systems with a negative enthalpy of mixing (HuR&hery et al., 1935; Chandrasekaran et al.,
1972).

Liu et al. (2006) reported the eutectic reaction to be beneficial in sintering of titanium powders
containing iron, and showed the relative densities of sintered-Biwk¥o Fe and Fb wt% Fe

were 90, 92 and 95% respectively. They attributed the ireliaasdensity to the presence of

the eutectic, which allowed liquid phase sintering. They also showed that increasing iron
content refined thé U Wwhigh precipitated frond b Turihng aging. However, iron decreased

the ductility of titanium, because afrimation of the intermetallic TiFe phase in the eutectoid
reactionshown in Equation 2.26An iron content of 2 wt% resulted in an elongation of about
2%, which decreased to about 1% at 5 wt% Fe, compared to an elongation of 23% for pure
titanium (Liu et &, 2006).

ni ni ni €"H Equation2.26

Iron is known to have the highest diffusion rate of all the metallic alloying elements in titanium,
and over twice the seffiffusion of titanium (Peart and Tomlin, 1962). Thus, iron has a marked
influence on the microstructure and sintering behavioutarfitm-iron alloys. The effect of

iron on the density of titanium after sintering is compared to the effect aluminium and

molybdenum in Figure 2.26 (after Liu et al., 2006).
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Figure 2.25: Ti-Fe binary phase diagram (Murray, 1981).

The high diffusivity of iron in titanium also increases the machinability of titanium alloys.
Mukarami et al. (2011) tested the hot working properties the alloy k& EL-4.5Al-4Cr-
0.5Fe0.15C, wt%). The KS EE alloy had similar properties to -bAl-4V at room
temperature, but superior hot working capabilities. This was attributed to a decrease in

deformation resistance due to the high diffusivity of iron in titanium (Mukarami et al., 2011).
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Figure 2.26: Effect of iron, aluminium and molybdenum on the density of sintered titanium
alloys (after Liu et al., 2006).

In addition to improving the machinability of titanium, iron also improves the sinterability of

the titanium alloysL(iu et al., 2008. This hasalsobeen attributedo the high mobility of iron
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atoms in titaniumwhich an order of magnitude higher than the-déffision in the beta phase
and five orders of magnitude higher in the alpha phg&anakin et al. (2012reported a
significant increase in thiaterdiffusion within powder compacts of the alloyI023, which
resulted in activated sintering and reduced porosity, due to a 1 wt% increase lioin@ver,
iron causes grain coarsening in mdngnium alloys, which negatively impacts on strength
(Liu et al., 2012).

Additionally, iron has been found to reduce the general corrosion resistance of titanium
(Covington and Schutz, 1981). In corrosion tests conducted by TIMET (1980), the general
corrosion resistance of titaniimon alloys was shown to decrease almost linearly with
increasing iron content. An increase of iron from 0.012 to 0.169 wt% increased the corrosion
rate of the alloy in HCI at pH=1 from 22 to 35mn.yCovington and Schutz, 83).
Conversely, there are also reports that iron improves the crevice corrosion resistance of
titanium, although there is no conclusive evidence (Powell and Scully, 1968; Cotton and Hines,
1970).

2.14.8 Oxygen, Carbonand Nitrogen
Oxygen, nitrogen, carbon amgdrogen are the only four interstitial elements that are known
to have substantial solubility in titanium (Ogden and Jaffee, 1955). They preferentially dissolve
in the alpha phase, with a deleterious effect on the ductility. However, they substantially
strengthen titanium and its alloys, although this effect is lost at elevated temperatures (Biswas,
1973). Oxygen and nitrogen have substantial solubilit{) ify and are the strongest alpha
stabilisers to the extent that at high enough concentratiel@\@% O),U Triucleates directly
from the melt (Ogden and Jaffee, 199%wever, hydrogen is a beta stabilid@iswas, 1973)
It has been reported that the beta transus is raised°@yas@ 40C per 0.1 wt% of N and O
respectively (Ogden and Jaffee, 195B)e strengthening and hardening effect is normally
quoted using the oxygen equivalence)(©alculated using Equation 2.27 (Ogden and Jaffee,
1955; Boyer, 1994).

By P'E P"E 8 PA Equation2.27

Ogden and Jaffee (1955) reported that the hardness of titanium alloys, as measured by the
Vickersdéd hardness number (HV) , i ncreased

equivalence, as shown in Equation 2.28.
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€ n "By Equation2.28

All interstitial elements increase th#a ratio of the hcp structure when they fit into its
octahedral sites, ak@wn in Figure 2.27 (Kikuchi, 1951). The axfela)ratio for pure titanium

is 1.587, which is much smaller than the ideal value for hcp structures, 1.633 (Kikuchi, 1951).
This small axial ratio has been attributed to the good ductility Tfa property not expected

for an ideal hcp structure (Kikuchi, 1951). Interstitials reduce the number of slip and twinning
planes for flow as the axial ratio approaches the ideal value of 1.633, causing embrittiement
and making machining difficult. A maxium allowablec/a limit of 1.595 was suggested to
allow for good machinability (Paton and Williams, 1973). The most detrimental effect of
interstitials is on toughness.

. HCP

structure
@ Octahedral
interstitial sites

Figure 2.27: Hcp crystal structure showing the octahedral positions occupied by interstitial
elements (after Kikuchi, 1951).

The solubility of interstitials increases with temperature. Paton and Williams (1973) reported
that the solubilities of O, N, C and H in T were very low (less than 0.4 wt% O) at room
temperature. Whetd T fiucleates fronb T, it acts as strong interstitial getter, makingr i
relatively free of interstitial impurities. Ogden and Jaffee (1955) reported that interstitials
increase the rate &f Tformation from the beta phase, by nucleation and growth, and showed
that for TE11Mo (wt%), increasing oxygen content from 0.02 to 0.15 wt% greatly decreased

the time for initiation and completion of theTto U Ttiansformation.

2.15 The Ti-Al-V ternary system
Clearly, a review of Timetal 125 cannot be complete without mention of the various ternary
systems of titanium with the alloying elemerfisdetailed review of the TAl-Fe systenwas

given by Zhumagaliev et al(2010), while that of the TAI-Mo systen was given by
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Tretyachenko(2005). These two ternary systems and theF&Mo system are in the
appendicesThe T+AI-V phase diagrans one othe most extensively studied titanium ternary
systens to date (Ball, 1971; Pederson et al., 200fetyachenkp2005; Jose et al., 2012)
because of the widespread usage eAl-4V. The equiliblum phases are shown in Table

2.6, while reactiorscheme is summarised in TaBl& (Tretyachenk, 2005)

2.15.1 Isothermal Sections
The earliest study of isothermal sectimfsthe TrAI-V ternary system was by Jordan and
Duwez (1956). They reported a continuous solid solution betwees 8mlIVAL (TixV 1xAl 3,
U) in sampl es &Xwhlmwas suppbrted by Ramani(1966). Volkova and
Kornilov (1970) established ¢éhtitaniumrich corner of the system, and presented results on
the TiAl-V5A18 section. Hayes (1995) reviewed the data by Volkova and Kornilov (1970)
and presented a 14 isothermal section. It was modified to the currently accepted version
in Figure 2.3 by Tretyachenk (2005), by widening the liquid region and incorporating the
L+~+b phase field.

Table 2.6: Equilibrium solid phases in the T+AI-V ternary system (Tretyachenk, 2005).

Phase Temperature range PC) | Pearson symbol/Space group/Prototypg
(Al) <664.2 cF4
Fmom
Cu
Al <660.4
b ( k\Vx) cl2
Imom
(bTi) ( 1670882 w
(bV) <1910
Bo TirxyVxAly 1150 cP2
Pmom
CsCl
U ( ThjVAly) hP2
P6s/mmc
O(Ti) <882 Mg
Uz(Ti 1.XVX)3-yAI y hP8
P6s/mmc
TisAl <1164 NisSn
~-TiAl <1463 tP4
P4/mmm
AuCu
d-TiAl <1199 tP4
P4/mmm
AuCu
[ Tetragonal superstructure of AuCu typ
0, 1—x6/xTAi|3
tI8
TiAl 3(h) 14/mmm
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Figure 2.28: Isothermal section of the TtAl-V phase diagram at 1408C (Tretyachenk,
2005).
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Figure 2.29: Isothermal section of the TtAl-V phase diagram at 1308C (Tretyachenk,
2005).

The liquid region was widened after a critical review of DTA data by Paruchuri and Massalski
(1991).Kai numa et al . (2000) det er fC, riguéd 4.29h e U+ b
Ahmed (1994) presented the first isothermal section at®C2@¢hich was modified by Hayes
(1995) to i ncl udeo (Tirh\&Al)Cseli@ Isolutioms2 gnd tivoy differentd
(TiVJAlsphases whi chawad Mityathenk (@@0Bejetted the existence of
these two phases at this temperat uxoeystaland al

structure.
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Figure 2.30: Isothermal section of the TtAl-V phase diagram at 1200C (Kainuma et al.,
2000.

Figure 2.30by Kainuma at al. (2000% the currently accepted isothermal section at 4200
There is no agreemewith the isothermal secticat 1100C (Hashimoto et al., 1986and the
isothermal section in Figure 2.32 only tentative (Tretyachenk, 2005). Jordan and Duwez
(1956) studied the ternary system at 1By metallography, while Tsujimoto (1969) studied

the titaniumrich corner at the same temperature. Eremenko (1962) reviewed the section, and
Hayes (1993) mposed the assessed isothernadtisn, Figure 2.33The presence of the
continuous solid solutions between TiAhd VAL was in agreement with Jordan and Duwez
(1956), Hashimoto et al. (1986) and Umakoshi et al. (1988) UFre/~ phaseboundary on

the isothermal section assessed Tetyachenk (2005agrees well with Hashimoto et al.
(1988). In the ternary phase diagramTrgtyachenk (2005), the DTA data Paruchuri and
Massalski (1991) and electron probe microanalysis (EMPA) by Ahmed and Flower @992),
well as calculated data by Shao et al. (1995), were used for the proposed isothermal section at
90C°C, Figure 2.34 The reaction scheme for the-Ai-V ternary system is summarised in
Figure 2.31(Tretyachenk, 2005).
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Figure 2.31: Reaction scheme for the HAI-V ternary system (Tretyachenk, 2005).

Figure 2.32: Isothermal section of the TtAl-V phase diagram at 1108C (Tretyachenk,
2005).
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Figure 2.33: Isothermal section of the TtAl-V phase diagram at 1008C (Hashimoto et
al., 1986).
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Figure 2.34: Isothermal section of the TtAl-V phase diagram at 906€C (Tretyachenk,
2005).

2.15.2 Invariant Equilibria
The invariant equilibria for the JAl-V ternary system are summarized Trable 2.7

(Tretyachenk, 2005)There is agreement on the invariant equilibrium 4B P

4 =, although its temperature has only been estimated (Ahmed and Flowers, 1994;
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Hayes, 1995). Ahmed and Flowers (1994% and K
phase field was observed at 1200°C and 1300°C. Volkova and Kornilov (1970) calculated the

L +Pbld + reaction at 140 , from=tahdeL+ttdtbe€qui |l i bri a, and
observed and accepted by Hayes (1995).

Table 2.7: Invariant reactions in the Ti-Al-V system {Tretyachenk, 2005)

Reaction Reported temperatures {C)
L + U== 14601400
L + =B = 14001390
L + - % 13951360
L+=-= 0 + 13601300
L+-= b + 13551300
L + b = 0 + U 13201215
-+ g = d + U 1175990
U=t b=+ 11181100
-+ 0 =0 + b 11001000

Additionally, Ahmed and Flowers (1994) repor
cast alloys. Hayes (1995) proposed the invariantreactiefili¥+ 0 f r om anal ysi s ¢
work (Hayes, 1993)and this was supported by Ahmed and Flower (1984 observed the

same reaction in ther+l eawpitrU npehnatsael fwoerlkd.s Tw
to exist down to 120C . Bel ow t hi s+t empan gtdwhies+ b+ +
transformed tob + U+ U0 ( Ahmed and FIl owe5) shonedteisame Shao
equilibria in their calculated phase diagram. A study of alloys annealed belowC1b90

Jordan and Duwez (1956) and Raman (1966) showed a continuous solid solution between TiAl

and VAL phases (D&), and this waslso foundby Frazer and Cook (1989) by XRD, and

through DTA by Paruchuri and Massalski (1991). Both aluminides are formed through the
peritectic reactions L&? Uin the AFTi system(Paruchuri and Massalski, 19%)d L+P Uin

the ALV binary systerm{Murray, 1989 ;Tretyachenk, 2005)

2.15.3 Liquidus and Solidus Surfaces
The liquidus surface projection of the systemstirst reported by Paruchuri and Massalski
(1991) from DTA experiments. Hayes (1995) assegs&dhile Shao et al. (1995) presented a

calculated one. Ahmeand Flower (1994) presented similar resulsngmicrostructures of
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the ascast alloysWang (2012) calculated tHigjuidus projection, Figure 2.3%vhich agreed
with Shao et al. (1995T.he currently accepted schemd-igure 2.31is again byTretyachenk

(2005), which hasix invariant reactions involving liquid.

7 AT ~
0 0.2 04 0.6 0.8 1.0
W(LIQ,AL)

Figure 2.35: Calculated liquidus projection of the Ti-Al-V system (Wang, 2012).

2.16 Properties of Titanium Alloys for AerospaceApplications
Boyer (1994) reviewed the applications of titanium alloys in the aerospace industry, and argued
that although weight savings are crucial, titanium alloys are gaining acceptance because of their
advantageous costs and relative ease of processing. The eist wsed titanium alloy, Ti
6Al-4V, is gradually being replaced by newer titanium alloys, mainly because it is difficult,
and hence expensive, to process. Attention has shiftedbtdalloys because of their good
processing capabilities in the solutibeated state, where the alloy is purely beta. Moskalenko
et al. (1973) attributed the improved processing capabilities to more slip planes in the beta

phase than in the alpha.

The first titanium alloy used in an aircraft wasIBV-11Cr3Al (wt%) in theSR-71 Blackbird,
and the alloy was the primary material for all the major components. However, the use of this
alloy has decreased because it is difficult to melt and fabricate. It is still used, but is now limited

to springs because of its lower modulusl @ensity than steel, which enables weight savings
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of up to 70% (Boyer, 1994). Although-BAl-4V is easier to work than Ti3V-11Cr3Al, its
processing is still costly compared(tdb Talioys.( b Talioys can be easily drawn into sheet,
and this makethem well suited where sheet is the product forral3¥-3Cr-3Al-3Sn is an
example of g b Tailoy that has replaced -BiAl-4V on major structural and nestructural

sheet components. Apart from the ease of form(inf, Talloys have much higher tensilach
fatigue strengths than -BAI-4V in the aged condition (Weiss at, 1984). Boyer (1994)
argued that high strength b Talloys for aerospace applications had to have a minimum
guaranteed strength of 2000MPa with minimum elongations of about 6%. $ubhTai ) al | o)
in modern aircraft is FLOV-2Fe3Al, which was used on the cargo doors of the McDonnell
Douglas. Boyer (1994) predicted that the Boeing 777 would be the biggest user of this alloy,
where plans are to make the entire landing gear out of it.

2.17 High Strength Fasteners on Aircraft Structures

Over 2.4 million fasteners are used on the Boeing 777, and they have various forms and shapes,
depending on their applications (Swanson et al., 1990). They can be simplarmblhuts,

studs, screws, rivg, amongst many other forms. Generally, high tension fasteners for aircraft
assemblies need to have high shear and tensile strength, good fatigue and corrosion resistance.
In particular, the fasteners should not form galvanic cells with the aerostructeydsdten.

Steel fasteners have this as their main limitation, and they normally have to be coated with
cadmium, to protect the aircraft metal structures from corrosion, which significantly adds to
their cost (Swanson et al., 199@admium is highly toxicand its use is limited to low

temperature components and parts which do not experience direct contact with people.

Titanium fasteners are far superior in terms of corrosion resistance, and they normally do not
require any form of coating. Furthermorepeotitanium alloys have high temperature stability,
which is a requirement for fasteners on engine supgiauttures, where temperatures are
moderate to high (40050°C) (Zeng et al., 2006 Most titanium fasteners are made of6Rl-

4V and Ti5AI-5Mo-5V-3Cr, although effort is being made to repldalbesewith newer( b T i )
alloys on some structures (Boyer, 1994). Another advantage of titanium alloys is that their
coefficient of thermal expansion is close to that carbon fibre reinforced plastics (CFRP). For
this reason, titaniuralloy fasteners are used on CFRP components, e.g. in the fuselage of the
Boeing 787 (Mukarami et al., 2011).
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Since many of the fastened assemblies have a tendency to slide, shear strength is probably the
most critical requirement foany hightension fastener. The Airbus Specification EN6116
standard stipulates the requirements for high strength fasteners for aircraft structures as a shear
strength of 744MPa (108ksi), and a minimum strain of 6% (Zeng et al., 2006). The minimum
tensile strength is set at 1250MPa (180ksi). Haylock (2007) reported that Alcoa Fastening
Systems (Alcoa Inc.), USA, recently successfully developed high strength fasteners using the
alloy Timetal 555 (TH5AI-5M0-5V-3Cr-0.5Fe, wt%). The fasteners had a tensilengjth of
1309+10MPa and shear strength of 779+15MPa in the solution treated and aged (STA)
condition, and the minimum elongation was 10%. Timetal 555 fasteners exceeded the
1250MPa tensile strength and 744MPa shear strength requirement for cacivaiiech teel
fasteners (Haylock, 2007).

Zeng et al. (2006) reported that the most used fastener is A286 (steel of composition 14 Cr, 2
Mn, 1.5 Mo, 0.08 C, wt%) because it has a minimum guaranteed shear strength of 850MPa,
and an elongation of 12%. For engine comgnts, where temperature is higi8Q0-1000C),

nickel and cobaklbased alloys, such as Inconel 718, usually give the best strengths. The
increased usage of titanium as fasteners will depend on whether titanium can meet the
properties of these superalleyeels, particularly for high temperature assemblies (Boyer,
1994).

2.18 Timetal 125
Timetal 125 is a metastalibeTalloy, with the nominatomposition in Table 2.@_eyens and
Peters, 2003). It was introduced as a commercial alloy in 1990 by the Ameoicgany,
Titanium Metals Corporation (TIMET), for use as a high strength fastener on aerostructures
(Leyens and Peters, 2003).

The alloy has a molybdenum equivalence of 24, and it can be-guatached to retain only

b Ti at room tempdrliatpuarre.i aHd we tera,nsiftorw t o U
temperature (Leyens and Peters, 2003). Momeni et al. (2015) studied the yield point of Timetal

125 using compression tests at high temperature, and concluded that its yield point decreased
with decreasig temperature and increasing strain rate. From their work, it can be concluded

that Timetal 125 can maintain the properties required for its use as a high a strength

aerostructure fastener up to at least’800
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Table 2.8: Nominal Composition of Timetal 125 (Leyens and Peters, 2003).

Element Composition (wt%)
Titanium 79.600
Aluminium 2.680
Iron 5.700
Molybdenum 6.000
Vanadium 6.000
Oxygen 0.110
Nitrogen 0.015

An alloy with acomposition probably closest to that of Timetal 125 i4dV-2Fe3Al. The

alloy was first commercially used in the 1990s in the Boeing 777 as a replacement of HSLA
steel and T6AI-4V, due to weight and cost savings requirements. The alloy was used
extensively because of its excellent corrosion resistance and econoroifspine to reduced
downtime (Lutjering and Williams, 2007). The alloy is readily forgeable, particularly in the
solution treated (ST) condition. When solutionized and aged, the alloy exhibits an excellent
combination of strength with a minimum guaranteed strength of up to 1195MPa, good ductility,
and high cycle fatigue strength and fracture toughness, resultirsgugeitin critical aerospace
components such as the landing gear (Boyer, 1994). Unlike Timetal 125, this alloy does not
contain molybdenum, and so its properties may be very different. However, understanding the
properties of THLOV-2Fe3Al may be a good atting point in attempting to understand those

of Timetal 125.However, here isgeneral agreement that a major role of molybdenum in
titanium alloys is to offer extra corrosion resistance and exceptional stability at elevated

temperatures (Chernova, 1961)

Ti-10V-2Fe-3Al (wt%) is a neaibeta titanium alloy, commercially known as10-2-3. It has

a combination of tensile strength and toughntes is superior to any other commercially

known titanium alloy $rinivasu and Rao, 2012)s main application is civilian and military

aircraft, mainly on the landing geaklhen solution treated can be wateguenched to retain

t h @i plimse at room temperature. However, it is unstable and does not exhibit its optimal
mechanical properties in the solution tezhcondition, and needs artificial ageing. It is more

difficult to machine than T6Al-4V,but easi er t hanSriravhsuand Radoer DT
2012. Ti-5AI-5Mo-5V-3Cr (wt%), commercially known as ‘B-5-5-3, is another neabeta

titanium alloy, thamay have chemical and mechanical properties similar to Timetal 125, due
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to its similar composition. lis much cheaper than -Ti0-2-3 and wasoriginally used on less
critical aircraft componas like the ducting to the deing system I(iberini et al.,2016.
However, in the newer aircraft, particularly the Boeing 787, it has been used landhre

gear due to its high strength. The ultimate tensile strengtkbeb-5-3 is about 4% higher than
that of Tt10-2-3 and 27% higher than -BAI-4V (Liberini et al., 201§ Additionally, it has

one of the best fatigue resistances of all titanium allbyse(ini et al., 201% However, its
elongation is about 14% lower than of@Al-4V and it is not as tougfhe higher vanadium

and molybdenum content in Tingtl25 may mean it has a higher strength thas-345-3,

while the presence of iron in Timetal 125 may result in better sintering properties, since iron is
the fastestiffusing noninterstitial alloying element in titanium. Like all other near beta
titanium alloys, T+5-5-5-3 can be solution treated and subsequently strengthened by artificial
ageing Liberini et al.,20186.
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Chapter 3 EXPERIMENTAL PROCEDURE

3.10verview of the experimental work

Commercial titanium, aluminium, iromolybdenum and vanadium powders were blended and
consolidated by centrifugal casting and spark plasma sintering. The target alloy composition
was Ti2.7Al-5.7Fe6-Mo-6V (wt%), although 560 (wt%) binary alloys of all the
permutations of these elements av@lso tried. The castings and sintered alloys were heat
treated, and had their microstructures and mechanical properties determined. The primary aim
of the work was to investigate the reactions during the casting and sintering of the powders,
and to detenine the heat treatment response of the alloys. A high level flow sheet of the

experimental work is shown in Figure 3.1.
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Figure 3.1: High level flow sheet for the experimental design.

The source powdergere provided by Alfa Aeser, South Africa, and were all commercial grade
materials. They were characterised in theeg®ived condition to ascertain their compositions,
and then blended for casting and spark plasma sintering. Some of the castingseaed sint

parts were analysed immediately, while the rest were heat treated first.
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3.1.1 Determination of Compositions of the Powders
The source powders were analysed bya}{ fluorescence (XRF) to confirm the compositions
claimed by the supplier. Variousixtures of the powders were also analysed by the same
technique. The XRF method involved fusing the samples into beads using a Katanax fusion
fluxer. A flux, with a composition 99.5 wt% lithium tetraborate (B) and 0.5 wt% lithium
boride (LiB), lowere the melting temperatures of the samples, and ensured that the samples
did not adhere to the crucibles. An oxidant comprisingCX3, LiNOsz, NaNG and
NaBG:.4H,O was added to oxidise the fusion mixture. The fused beads were then analysed

using an S8 BrukeXRF instrument, which had an energy dispersive spectronteef)(

3.1.2 Blending of Powders
The elemental powders were mixed in various proportions to obtain the compositions of the
targeted alloys. The elemental powders were individually weighed on a Calerite PS750/C1
balance, which had a sensitivity of 0.0001g. The powders were mixed and siraken
planetary mixer to achieve homogeneity. A 100g mass basis was used to make the calculations

simple.

3.1.3 Determination of Particle Size Distributions
Particle size distributions of the elemental and blended powders were determined using a laser
diffraction Malvern Master 3000 (MM3000) particle size analyzer. Powders were suspended
in water in a 200ml beaker, and stirred to form a suspension. A laser beam was passed through
the suspension, and was scattered to various degrees depending on the sizeartifldse
The angular variations of the scattered beam were intrinsically measured using a focal plane
detector. The instrument could resolve very small diffraction angles, and had a measurement
range of 0.1pm to 3.5mm. All the measurements were donériphcate to ensure

reproducibility.

3.1.4 Determination of Oxygen, Nitrogen and Hydrogen
The elemental and blended powders were analysed for oxygen, nitrogen and hydrogen using a
TCHG600 series LECO analyzer. The instrument utilized the inert gas fusioncgeetar the
determination of the oxygen content of the samples. A graphite crucible was used to contain
the sample in the furnace section of the instrument. A constant stream of helium was passed
over the crucible to provide an inert atmosphere. The ferwas inductively heated to 300
in order to fuse the sample, and to reduce the oxygen by reacting the sample with the graphite
crucible. An oxygen scrubber was fitted to the helium line to remove oxygen from the
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protective gas, but it was not possila¢émove oxygemtercalated tahe graphite crucibles.
Since it was not possible to remove the oxygen in the graphite crucibles, all measurements

were done in triplicate.

The TCH 600 simultaneously analysed the samples for nitrogen and hydrogen. Uydjga,ox

which was extracted as either CO orLCfiitrogen and hydrogen were extracted in their pure
forms. Thermal conductivity detectors quantitatively analysed the nitrogen and hydrogen
contents using the specific heats of the gases. The detectors werdentive, and so the
nitrogen and hydrogen had to be separated before analysis. The CO an@r€@nalysed

first using a separate infrared detection system, before they were removed from the carrier gas
stream by adsorption in a decarburiser. Thessétam from the decarburiser containeg g

and moisture. The moisture was removed from the gas stream by adsorption in a dehydrator.
The nitrogen and hydrogen gases were then split into two streams in a separation column, and
each gas stream was dirett® a thermal conductivity detector. The hydrogen and nitrogen

analyses were also done in triplicate.

3.1.5 Determination of Phase Compositions
The source and blended powders were analyzed for their phases using a Bruker D8 Advance
Eco Powder Xray Diffraction (PXRD) machine with an SSD 160 detecfbne same
instrument was used to analyse theast, sintered and heat treated sampégac plus Eva
software was used for pattern recognition and phase identification. A 1kW power source
generated Xays on a copper anode, which were accelerated by a voltage of 40kV through the
sample. The goniometer was rotated from 0 tovéith a step size of.02 2theta degrees, and

the JCPSD database was used for phase identification.

3.1.6 Thermal Analyses of Powders
Thermal analyses of the powders were done using a Setaram Sestys Evo 2000 differential
thermal analyser (DTA), with Setaram Calisto softwdee maxmum temperature that could
be attained was 1990, the heating rate ranged from W™imin! to 15C¢C.min?, while the
maximum cooling rate was 18D.mirn!. The TGADTA was the bottortoading and power
compensation type. It had a las@ntrolled microbalance, which measured mass changes as a
function of temperature. A rod was attached to the microbalance at its top, and had positions
for two crucibles at thbottom. A thermocouple running through the rod was placed under each
of the crucibles. One of the crucibles was kept blank (reference crucible), while the other

contained the test sample (working cruciblé)e crucibleshad the same dimensions (100ul)
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and werebothmade out ohlumina Calibration tests were regularly conducted by running the

two crucibles empty (blank runs). In actual tests, the temperature difference between the
working and reference crucibles was intrinsically measured, and the powgegsation
required to equilibrate the cruciblesd temp:
heat flow appeared as peaks, and the peak direction depended on whether heat was gained by
or lost from the test sample. Downward facing peaks repexsendothermic reactions. With

proper calibration, the area under the heat flow peaks measured the enthalpy of the reaction.

All the DTA tests were conducted using a heating rate°Gfréin?, and where the tests

included cooling, the cooling rate waither 2C.min* or 5°C.mint,

3.2 Compaction of Powder Blends
Since both techniques required the starting materials to be conductive, to maximise electrical
conductivity, the powders were compacted using a Manfredi bench top hydraulic press. The
mixtures weighing40+2 g, were put into a steel die which had a lower and upper punch. The
die-punch assembly was placed onto the bench top hydraulic press, and compacted to a pressure
of 30MPa. After releasing pressure, the lower punch was removed and theupgplewas
pressed using the bench press to extrude the green compacylimbacal green compacts
were weighed on a Calerite PS750/C1 balance, and their thickness and height were measured
using a vernier callipeiThe green compactsged a height oi5mm anda diameteof 23mm.

The measured dimensions were used to calculate the densities of the green compacts.

3.3 Centrifugal Casting of Samples
The green compacts were consolidated by casting in a Manfredi centrifugal induction casting
machine, shown in Gure 3.2. The induction was by a wateoled copper coil, in the slow
heating mode. Instrument grade argon (supplied by Afrox South Africa) was used as the
protective gas, and oxygen and moisture traps were installed on the argon feed line to minimise
corntamination.Yttria-lined crucibles were used for melting to ensure minimal contamination
of the castings. At the beginning of the casting cycle, the furnace was evacufi6Ra
using an attached Manfredi vacuum pump, and backfilled with argon to dtemmspressure.
This evacuation and backfilling cycle was automatically done five times before the machine
was finally pressurised with argon for the melting operation. There was no direct control of the
casting temperature, so melting depended on visosgreation using a peep glass on the
casting machine. The induction heating was allowed to continue until the compact collapsed.
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Peep glass Ytrria-lined sample crucible

Optical pyrometer

Watercooled copper induction coi

Figure 3.2: Manfredi Centrifugal induction casting machine.

The compacts were placed vertically in the crucibles to make their collapse easily detectable.
After collapsing, heating was allowed to continue to ensure comphetiéng before
centrifuging the melt into a copper die. The copper die had a tensile degiudite, shown

to produce castings for tensile testisgown in Figure 3.3After the casting was completed,

all the samples were allowed to cool for 10 minutes under forced argon to avoid oxidation.
Excluding the samples that were cast in the initial€ while trying to optimise the casting
operation, a total of 139 samples were cast for this work.

10 50

- -— 3mm for mounting

80

Figure 3.3: Cast tensile test specimen (round barshowing where mounting specimens were
sectioned(dimensions given in mm).

3.4 Spark Plasma Sintering (SPS)
Blended powders with the Timetal 125 composition were sintered using alklP@B spark

plasma sintering machine. A graphite die was used, but was lined with a titanium foil to avoid
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contaminationThe sintered samples were cylindrical discs, with a diameterafrt and a
thickness of 51 mm. A total of 78 samples were sintered according tae¢hgerature profiles

andtimesgivenin Table 3.1.

Table 3.1: Test work matrix for spark plasma sintering of blended powders.

Temperature Pressure Heating rate Holding time Cooling rate
(°C) (MPa) (°C.minY) (minutes) (°C.min™)
700 30 100 5,10, 15, 20 100
800 30 100 5,10, 15, 20 100
900 30 100 5, 10, 15, 20 100
1000 30 100 5, 10, 15, 20 100
1050 30 100 5,10, 15, 20 100
1100 30 100 5,10, 15, 20 100
1200 30 100 5,10, 15, 20 100

3.5 Analyses of Cast and Sintered Samples
Samples were characterized immediately after casting saméring to determine their
microstructures, mechanical properties, and their oxygen contents. The rest of the castings and
sintered samples were heat treated and then characterised. The techniques that were employed

to characterise the &sst and asintered samples are described in detail below.

3.5.1 Density Measurements

Densities of castings and sintered samples were measured before and after heat treatment using
the Archimedes water immersion method, with ageshown in Figure 3.4'he samplewere

first weighed in air using a sensitive (0.0001g) Calerite PS750/C1 balance to obtain their dry
weights (My), and then weighed immersed in water to give the wet weighkt (Mie densities

were calculated using Equation 3.1.

Ey

ey O THTH Equation3.1
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Figure 3.4: Density measurement setip used for thesamples.

Theoretical densities of the alloys were ca

measured densities were reported as percentages of the theoretical densities.

3.5.2 Thermal Analysis of Consolidated Samples

The ascast and sintered samples wengalysed bya Setaram Sestys Evo 20000°A to
determine their thermal behaviour, and their beta transus. The procedure was the same as that
used for the powders. Castings and sintered samples were cut to fit into the crucibles, and
heated under argon froambient temperature to between 1%D@nd 1500C at C.min.

After reaching the peak temperature, the samples were cooled down to room temperature at
scanning rates of betwee?C3min and 3C.min. The reason for following a full heating and

cooling cycle was to ascertain if suspected phase changes were present on heating and cooling.

3.6 Heat Treatment of Cast and Sintered Alloys

The cast and sintered alloys were heat treated in an Elite Therstah®yTSH 17 muffle
furnace, under argon. To ensure that the casts were protected from air, they were sealed in
guartz ampoules before heat treatment, which made water quenching without contaminating
the samples possible. When furnace cooling was requinedmuffle furnace was simply
switched off at the end of the heating cycle, and the sealed alloys were left in the furnace until
cold. In cases where double heat treatments were required, such as solution treatment and
ageing, the cooled sealed samplesaweintroduced into the furnace, and subsequently cooled

as required. Once cold, the ampoules were broken and the samples were retrieved for analysis.
To remove the alpha casings on the heat treated samples, the samples were fine polished using
a ManfrediHF 50 micrepolishing machine. Various heat treatment cycles were investigated
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as shown in Table 3.Zhe same sampevereused for the different heat treatment conditions,
with five to threesamples were heat treated under the same conditions in ordétain

representative results.

Table 3.2: Test work matrix for heat treatment of cast samples.

Solution Ageing Time Cooling mode
Treatment Temperature (minutes)
Temperature (°C) (°C)
900 Not aged 10, 20, 30, 60, 120 Furnace cooling
900 Not aged 10, 20, 30, 60, 120 Water quenching
900 300 10, 20, 30, 60, 120 Water quenching
900 400 10, 20, 30, 60, 120 Water quenching
900 500 10, 20, 30, 60, 120 Water quenching
900 600 10, 20, 30, 60, 120 Waterquenching
900 700 10, 20, 30, 60, 120 Water quenching

3.6.1 Annealing tests

The heat treatment experiments were in two sets. The first set involved the heating of the as
cast alloy from 30 to 900C, in increments of 10C, and holding at each of these
temperatures for between 5 minutes and 2 hours. These tests were referred to as annealing tests,
as they softened the alloy. Annealing at @®as also termed solution annealing. Samples
guenched with water from 980 were deemed to be solutitneated.

3.6.2 Solution treatment and ageing

Heat treatment of the cast samples that had been settgeted made up the second set of the
heat treatment tests. These tests were the ageing experiments in thi¥heordést work for
this set of experiments is shownTable 3.2.

3.7 Characterization of Heat Treated Samples
The microstructures, tensile properties, hardness and densities of the heat treated samples were
determined using the relevant techniques. Sintered samples were not subjected to tensile testing

because their shape could not allow this.
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3.7.1 Metallographical Preparation and Optical Microscopy
Theascast, sintered, as well agat treated samples were sectioned by a LECO MSX 205A
machine, with a 20S30 silicon carbide cutting blade. To avoid burning during cutting, generous
amounts of watebased coolant weresad, together with a fast wheel speed (3500 rpm) and
slow feed rate (0.5 mmis The appropriately cut samples were mounted and
metallographically prepared for optical microscopy examination. Cast samples required

sectioning of thin discs from their heads shown in Figure 3.3

The sectioned pieces were hot mounted using Polyfast phenolic resin on a Struers hot mounting
machine, while sintered samples were mounted without prior sectioning. The samples were
ground on silicon carbide paper, and finallyligtoed to a mirror finish using a Struers
TegraForces automatic polishing machine. The grinding and polishing of the samples were
problematic because the samples scratched very easily. The roughest grit was 200, and the grit
was increased in increments 200 until 1200. The grinding and polishing were automatic,

with the force per sample maintained at 25N and a running time of 5 minutes per stage. For
both grinding and polishing, the wheel speed was maintained at 150 rpm, counter clockwise to
the movemenbof the sample. For polishing, a 1um diamond suspension and colloidal silica
(OP-S) on an MBChem paper were used, with the same force and wheel speed.

After polishing, the samples were dried using compressed air, and chemically etched using
Kr ol | otg3miHEBmléINQand 100ml deionized water). Thast and sintered samples

were immersed into the etchant for 30 seconds, and immediately washed with deionised water
to avoid overetching. The washed samples were dried using compressed air andrstared |
desiccator. Microstructures of ttedl the samples were analysed using an Olympus BIOX
B51M optical microscope, with a resolution of 20um. The microscope was connected to an
Olympus Motion Stream image analyser, supported by MATLAB software, whichseasto

determine grain size by the intercept method.

3.7.2 Determination of Morphology and Compositionof Heat Treated Cast
Samplesby SEM and EDX
The heat treated samples were analysed using a JEOL JSM 5400 Scanning Electron
Microscope (SEM), which was coupléo a JSM Energy Dispersiveray Spectrum Analyzer
(EDX). Data acquisition was through an integrated Vantage data acquisition instrument. The
incident electrons were accelerated at a voltage of 20 kV, and analysis of the samples was done
in either the bek scattered electron (BSE) or the secondary electron (SE) mode. Image
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magnification ranged from 5X to 15000X, and to authenticate th¢ &malysis, a certified

99.99 wt% titanium reference was used to calibrate the instrument.

3.7.3 Hardness Measurements
Hardness measuremerits both ascast, sintered and heat treated cast sanwpdes done
using aFutureTech FM-700 Vickers hardness testing instrument, with a 300g force. After
unloading, the diagonals of the indentation were automatically measuredrevaiited to a
Vickers hardness number, which was related to the indentation d¢paivérage length of the
diagonals of the indentation) and lodg) @ccording to Equation 3.2. Each sample was
randomly indented on 10 different areas to give an average.

€N ,,: ‘ Equation 32

3.7.4 Tensile Testing of CasSamples
Tensile tests of the castings, in thecast condition and after heat treatment, were done using
an MTS Criterion Universal electromechanical uniaxial tensile testing machAlhehe
castings were cast and no machining was necessary. The oitipredcbperation on the
samples was grinding off the alpha casing using a Manfredi HF 50-pudishing machine.
The tensile specimens conformed to the ASE®Istandard, with dimei@s, in mm, shown
in Figure 3.3 The tensile specimens were held usioligc grips, and tensioned to failure. The
initial separation of the grips g.and the diameter of the gauge were measured using a vernier
calliper, and the diameter of the gauge was used to calculate thesexigmal area of the
specimens (4. Loadcells on the instrument continuously recorded the force applied to the
sample throughout the tensioning, and the grip separation was continuously measured as a
function of the | oad. The |l oad on the sampl
crosssectional area to give the engineering stress. The elongation of the specimens was
normalized against the gauge length to give the engineering strain. In all tests, the strain rate
was fixed at 0.1mm.mihas required by the ASTNES standard. Data analysiss done on
the instrumentds integrated data acquisition
for the plotting of the stresstrain curve, elastic limit, yield strength, ultimate tensile strength
Reduction in area was determined by measuringtba at the breakpoint of the specimens

and dividing it against the original cressctional area.
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3.7.5 Thermo-Calc
The relative amouns and composition®f the equilibrium phases othe test alloywere
calculated using the titanium database V3 (TTTI3) in fifeeCalc. Theinput wasthe nomina
composition of the test alloy amptessure was fixed at 1 atmosphevhile temperature was
specified ad80CC to 25C. Calculations were also performed per phase or crystal structure
to determine the phasesd individual vari at

temperature.
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Chapter 4 RESULTS

4.1 Characterization of source materials
The source powders were all high purity materials, which was confirmed by their composition
analyses. XRF showed they were each at least 99.5 wt% pure, and this was corroborated by
XRD, which showed only the expected peaks. The amount of interstitiaks $sotirce powders
was relatively low, as shown in Table 4.1, and this made the Timetatyl2powder mixture
have an interstitial content similar to Grade 2 titanium (Matthew and Donachie, 1988).

Table 4.1: Compositions of the source powders by XRF and LECO (wt%).

Powder Metal content @) N H

Ti 99.90+0.06 0.08+0.02 0.021+0.003 | 0.009+0.001
Mo 99.50+0.03 0.13+0.02 0.020+0.003 | 0.010+0.001
Y 99.75+0.04 0.15+0.01 0.021+0.002 | 0.009+0.001
Al 99.90+0.01 0.07+0.04 0.020+0.003 | 0.010+0.002
Fe 99.95+0.02 0.02+0.01 0.020+0.002 | 0.010+0.001

The particle size distributions of the source powders are shown in Figure 4.1. After sieving to
the +75106um size fraction, the powder mixtures did not show segregation. This was
confirmed by energy dispersivE-ray spectroscopy EDX) analyses, which shed the
compositions of randomly selected areas to be the same as the overall composition, as shown
in Table 4.2.

Table 4.2: Composition of randomly selected areas of the Timetal 125 powder DX
(wWt%).

Element | Overall Spot 1 Spot 2 Spot 3 Spot 4 Spot5 | Averagetsd
Ti 79.5 79.5 79.6 79.5 79.6 79.5 79.5£0.1
Al 2.7 2.7 2.6 2.7 2.7 2.7 2.7+0.1
Fe 5.7 5.7 5.8 5.6 5.7 5.7 5.6+0.1
Mo 6.1 6.0 6.1 6.2 6.0 6.1 6.1+0.1
\Y 6.0 6.1 5.9 6.0 6.0 6.0 6.0+0.1
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Figure 4.1: Superposed particlesizedistributions of the elemental feed powders.

The blended powder had g@f 78 pum, which was adequater the purpose of this work,
bearing in mind that the work sought to produce the alloy from low cost powders. In more
sophisticated powder metallurgy work, much finer powders with more uniform shape and
morphology are used. However, they are more costly that the powders that veefer uke

present work.

4.2 Thermochemical reactions of the elements of Timetal 125
Repeated differential thermal analysis (DTA) results of blanks showed endothermic peaks at
~120°C and 238C, shown in Figure 4.2. The peaks were attributed to a systesnaticof the
instrument, and had to be subtracted from the scans of the samples. In tests where the heat flow

intensities were high, these systematic peaks were smoothed out.
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Figure 4.2: DTA scanfor a blank run showing low temperature peaks due to a systematic
error of the instrument.
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4.2.1 Thermal behaviour of titanium powder
The thermal analysis results for the titanium powder showed a single endothermic peak at
873C, which is the beta transuand minor undulations at lower temperatures, as shown in
Figure 4.3. The shape of the peak at®®7®&as somewhat unusual, but repeated tests showed

it was reproducible.
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Figure 4.3: TGA-DTA scanfor the asreceived titanium powder in argon.

The slight increase in mass (~2%) was attributed to a drift of the balance, and not to an increase
in the actual mass of the sample because the chemical compositions of the titanium powder
before and after #grmal analysis were the same. Similar drift was observed in a number of
other tests, but was not consistent. To rule out oxygen pick up, samples from the DTA were
analysed for interstitials by LECO whenever the drift was observed, and the results showed no

pick up of oxygen during thermal analyses.

4.2.2 Thermal behaviour of aluminium powder
The TG scan for the aluminium powder did not show a change in mass, while the DTA scan
had an endothermic peak at ~85&n heating, and an exothermic one at 264@n coolng,
as shown in Figure 4.4. The melting point of aluminium is 660@5@aruchuriand

Massalski, 1991), and this corresponded well with the peak positions on the scan. As a result,
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the endothermic peak in Figure 4.4 was attributed tonibiing of aluminium, while the

exothermic one was attributed to its solidification.
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Figure 4.4: TGA-DTA scanfor the asreceived aluminium powder in argon.

The absencef any other DTA peaks was expected, since aluminium is not polymorphic
(Glover, 1969), and was an indication of the high purity of the powder. The DTA scan was
used as a reference when aluminium was mixed with the other powders, and made it possible
to deermine if the emergence or disappearance of peaks was associated with its reactions with

the other powders.

4.2.3 Thermal behaviour of iron powder
Iron showed a mass drift similar to titanium, and its heat flow scan showed four endothermic
peaks on heating tbt400°C, as shown in Figure 4.5. Since iron is allotropic, the peaks were
attributed to its phase transformations, and because it only melts 8€138&js and Colvin,
1964), none of the peaks were attributed teondting As was done with the scans of all the
source powders, the scan in Figure 4.5 was used as a reference to determine if iron chemically
interacted with the other metals. The low temperature peaks were not associated with any

reactions of the metal for reasostated eatrlier.
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The peaks, all endothermic, were observed at@2749C, 942C and 1156C. They were

successfully associated with phase transformations on tt& prease diagram (Arajs and

N Ex
' |Exo

r14

Colvin, 1964), as will be discussed further in the next @rapt
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Figure 4.5: TGA-DTA scanfor the asreceived iron powder in argon.

To confirm the mass gain was due to drift, the iron powder after DTA was analysed by XRF
and LECO, which showed no differentlem the source powder, as shown in Table 4.3

although the possibility of oxidation could not be completely ruled out

Table 4.3: Chemical compositions of fresh iron and iron powder from DTA (wt%).

Iron powder Fe 0] N H
Source 99.95 0.02 0.02 <0.01
After DTA 99.96 0.02 0.01 <0.01

4.2.4 Thermal behaviour of vanadium powder
The thermal behaviour of vanadium was somewhat different from the other powders in that the
nature of the heat flow peak was quiteusual. No sharp defined peaks were present, but a
broad plateau occurred between 500 and@p®@hich could not be readily explained. While

the TG curve showed some significant upward drift, LECO and XRF analyses of the powder
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obtained from the TEDTA tests did not show any compositional differences from the source

vanadium powder.
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Figure 4.6: TGA-DTA scanfor the as received vanadium powder in argon.

The absence of heat flow peaks was attributed to vanadium not being allotropic (Henry, 1870).
Thus, no phase reactions were expected in the test temperature range. Repeated tests showed
the scan was reproducible, and Figure 4.6 was deemed to be represeatat o f v anadi 1
thermal behaviour in argon. This broad plateau was also evident on some scans for powders
blended with vanadiunThe increase on the TG curve, as shown by the changes inislope,

likely to have been due to oxidation or interaction witd alumina crucibles.

4.2.5 Thermal behaviour of molybdenum powder
Molybdenum did not show major changes on heating to°Cl@& shown on its TGTA scan
in Figure 4.7. The low temperature undulations were not associated with the metal, but because
there were no pronounced heat flow peaks from the sample, the undulations appeared much

larger than on the scans of the other pensd

Similar to vanadium, molybdenum is not allotropic and, so no phase transformations were
expected in the test temperature range. Molybdenum has one of the highest melting points of
any element, at 2628 (Cuzon et al., 1971), and therefore ntglting was not expected,

although it agglomerated upon heating to 280
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There was no mass drift, and this inconsistency of the balance showed that the error was not
systematic. As a result, analyses of powders from the instrument were only carried out when

the drift was observed.
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Figure 4.7: TGA-DTA scanfor the asreceived molybdenum powder in argon.

4.3 Characterization of Blended Powders
The various analytical techniques that were used for the blepdediers generally
complemented one another. While XRF, XRD and LECO generally showed an average of the
properties of the individual powders, thermal analyses showed a complete change in behaviour
when the powders were mixed. Table 4.4 shows the targeeeiahrcompositions and the
LECO results for the various powder mixtures. The amount of interstitials in the blended
powders was an average of those of the elemental powders, which showed a negligible pick up
of interstitials during mixing. Therefore, theximg of the powders was satisfactory, since the

spread in oxygen and particle sizes of the blended powders was very small.
Energy dispersive spectroscopy was used to determine the overall and spot compositions of the

powder mixtures, and showed the coipons of randomly selected spots were not different

from the overall compositions. This homogeneity was further support that the mixing was
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effective. This gave confidence that no areas would be short of, or in excess of, the alloying

elements during #hcasting operation.

Table 4.4: Elemental Compositions of the raw powder test samples (wt%).

Sample Target composition Oxygen

Ti 125 Ti2.7AI5.7Fe6Mo6V 0.13+0.07
Ti-Al 50-50 0.10+0.03
Ti-Fe 50-50 0.06+0.02
Ti-V 50-50 0.12+0.07
Ti-Mo 50-50 0.12+0.08
Al-Fe 50-50 0.09+0.03
Al-V 50-50 0.13+0.08
Al-Mo 50-50 0.14+0.07
FeV 50-50 0.09+0.03
Fe-Mo 50-50 0.10+0.04
V-Mo 50-50 0.12+0.05

The XRD patterns for the powder mixtures showed peaks of the elements involved, with
intensities in proportion to the amount of each powder in the mixture. The XRD pattern for the
powder blended to target the Timetal 125 composition is shown in Figurk: gh®wed the

peaks of all the five elements, without shifts or peak broadening.
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Figure 4.8: XRD pattern of the Timetal 125 powder blend before processing.
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4.3.1 Thermal Analysis of Powder Mixtures
Figure 4.9 shows the DTA scan for the powder mixture with the Timetal 125 target
composition. The scan was quite different from the scans of the elemental powders, and it was
not a summation of the scans of the constituent powders. Two endothermic and twarezother
peaks were observed on heating the mixture in argon t¢@6@bile no clearly defined peaks
were recorded on cooling. The endothermic peak at 662°C was attributed to the melting of
aluminium, as supported by the scan in Figure 4.4. An exothermicpaslobserved at
~668°C, while a second almost overlapping exothermic peak was observed at ~715°C, and a
third at ~1244°C.

An understanding of the peaks in Figure 4.9 was gained from the DTA scans of the binary
powders. In some cases, these showed peakshwvere not present on the scans of the
elemental powders, and such peaks were attributed to the reactions of the powders.
Additionally, some of the peaks occurred at approximately the same temperatures as the peaks

in Figure 4.9.
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Figure 4.9: DTA scan for the powder blend with Timetal 125 elemental composition.

4.3.2 Thermal Analysis of the titanium-aluminium powder mixture
When titanium was mixed with aluminium, the DTA scamheatingshowed som significant
differences from those of the two individual metals. Figure 4.10 shows the DTA scan for the

Ti-Al powder mixture superposed with the DTA scans for pure titanium and pure aluminium,
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for direct comparison. The scan showed three peaks & 88P7°C and 1119C, and only the

662°C peak was endothermic. The peak at°66@as attributed to the melting of aluminium,
while the other two were attributed to the reaction of the two metals. The endothermic peak
observed on the scan for the elementahititan powder at ~87& was not present on the scan

of the titaniumaluminium mixture.

The presence of the peak at 86Zhowed that elemental aluminium was still present in the
mixture at this temperature. Therefore, no notable reactions took place b#te/égo metals

prior to the melting of aluminium. The absence of the endothermic peak’&t Bdg&ated that
elemental titanium was no longer present at this temperature, agreeing with the emergence of

the exothermic peak at ~8%7in Figure 4.10.
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Figure 4.10. DTA scans (on heating) of pure titanium and a 5050 wt% of titanium-
aluminium blend showing a negative enthalpy of mixing.

The second exothermic peak at 11 1vas unique to the mixture, amds attributed to an
interaction of the two metals. It was suspected to be a phase transforaradiont necessarily

a chemical reaction between the two elements, since no elemental titanium was expected after
the reaction at 8PC. Therefore, the segnee appeared to have been: aluminium melted at
662°C, probably wetting the titanium powder and perhaps dissolving some of it. This was
followed by an exothermic reaction of the two metals at°®@17o form an intermetallic

compound. The formation of an @rtnetallic compound was plausible, since no elemental
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titanium was observed at 813 The intermetallic compound underwent a phase

transformation at 112C.

4.3.3 Thermal Analysis of the titanium-iron powder mixture
Up to approximately 80X, the DTA scan fothe titaniumiron mixture was essentially a
summation of the scans of the elemental powders, except for the endothermic pedk at 598
as shown in Figure 4.11. Beyond 800the endothermic peak associated with pure titanium
was not present, while a smalothermic peak emerged at ~926However, the scan showed
a broad downward dip around the same temperature associated with the endothermic peak on
the scan for the titanium powder. The shape of the dip was such that it was not identifiable as
an actual pak. A third endothermic peak was observed at 1296°C, while the endothermic peak

that had been associated with pure iron at 1160°C was no longer present.
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Figure 4.11: Superposed DTA scans fopure iron, pure titanium and a 50-50 wt% Ti-
Fe binary alloy.

The endothermic peaks at PZ3and 746°C on the F#e DTA scan were also present on the
scan for elemental iron powder at 7@@and 748C respectively. This suggested that there was
still elemenal iron and titanium in the mixture, at least up to @18The absence of the
endothermic peak associated with pure titanium at@&Biggested that either no elemental
titanium was present at this temperature, or that iron had significantly shifteet#heamsus.
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4.3.4 Thermal Analysis of the titanium-vanadium powder mixture
The scan for the titaniwwanadium mixture showed an endothermic peak atGamd an
exothermic one at 546. These peaks were not on the scans of the elemental powders, and so
they were attributed to interactions of the two metals. The scan is shown in Figure 4.12,
superposed with the DTA scans for pure titanium and pure vanadium. The broad plateau that
was onthe scan for vanadium was no longer present, while the endothermic peak associated

with elemental titanium was much smaller.

Therefore, the two peaks on the scan for the mixture were due to interactions of titanium and
vanadium. The absence of the brqdateau indicated vanadium had interacted with titanium
before reaching this temperature, and the absence of the high intensity titanium peak supported
this. The small endothermic peak at 86%oincided with the titanium peak at 8Z3 It was
concluded tk two were the same peak because a 50 wt% (V)mixture translated to 48.45

at.% V, which meant titanium was in excess. It was this excess titanium that gave rise to the
peak, and its slight depression was probably because of the presence of vanadibng s
betastabiliser.
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Figure 4.12: Superposed DTA scans for pure vanadium, pure titanium and a 580 wt%
Ti-V binary alloy.
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4.3.5 Thermal Analysis of the titanium-molybdenum powder mixture
Figure4.13 shows the DTA scan for the titanimolybdenum powder mixture, superposed
with the scans for pure titanium and pure molybdenum. The low temperature undulations on
the scan of the mixture had been observed on the DTA scans for the elemental molybdenum
and titanium powders. These peaks were attributed to the systematic error of the instrument,

and for that reason they are not discussed further.

However, the endothermic peak at 419°C, with an onset temperature of ~376°C, had not been
associated with thendividual metals, and was attributed to the interaction of titanium with
molybdenum. The endothermic peak at ®3&ssociated with pure titanium was not as
pronounced on the scan of the titaniomlybdenum mixture, although its presence suggested
thatthere was still some elemental titanium at this temperature. The dip aroui \8&8
attributed to excess titanium in the mixture, since-&8®Wt% composition translated to 33.29

at.% (Mo). Therefore, the scan was not a true representation of the caghafve mixture
titanium and molybdenum where the two have the same number of atoms, as titanium was

clearly in excess.
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Figure 4.13. Superposed DTA scans for pure molybdenum, pure titanium and &0-50
wt% Ti -Mo binary alloy.
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4.3.6 Thermal Analysis of aluminium-iron powder mixture
The DTA scan for the aluminiwinon mixture was a summation of the scans for the two metals,
up to ~800C, as shown in Figure 4.14. The peak that was associated withettiag of
aluminium at 662C was still present, same as the endothermic peaks 4t 226 748C for
iron. This showed there was not much interaction between the two metals, at least 4@ to 800
However, the exothermic peak at 13G2vas unique to the xture, and hence associated with
a reaction between aluminium and iron. Additionally, the endothermic peak‘& 886 the
exothermic one at 1146 on the scan for pure iron were not present on the scan for the mixture.
Their absence could not be readilyplained for two reasons. First, the scan showed not much
interaction of the two metals, at least up to the emergence of the new peak@t Thé2efore,
elemental iron and aluminium were expected to be present for all temperatures belt® 1152
Secondy, the two high temperature peaks on the scan for pure iron were both at a temperature
lower than 115ZC, and as a result were expected to be on the scan for the mixture. Their
absence indicated that iron was probably no longer present in elemental 261Gt The

1152C peak was attributed to a reaction of aluminium with iron.
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Figure 4.14: Superposed DTA scans for pure iron, pure aluminium and the AFe powder
mixture.
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4.3.7 Thermal Analysis of the aluminiumvanadium powder mixture
The scan for the mixture of aluminium and vanadium had an exothermic peak &€ ~a83
well as at ~96&. These peaks were not present on the scans of the unblended powders, so
they were attributedo the interaction of the two metals. Figure 4.15 shows the DTA scan,
superposed with the DTA scans for pure aluminium and pure vanadium. The peak associated
with themeltingof aluminium was present, suggesting that the metals were in elemental form
at least up to 66Z. However, the intensity of the peak was not proportional to the amount of
aluminium in the mixture. The intensity was much lower than expected for a 65.37 at.% Al
composition. The heat loss during tinelting of pure aluminium was 35uV.sgi, and only
5uV.s.mg* for the mixture. If there had been no interaction between the two metals before the
melting of aluminium, the heat loss durimgelting would have been around +17uV.sg
The pronounced decrease of peak intensity suggested th@nificant amount of the
aluminium was no longer in elemental form, although the presence of the peak showed that
some elemental aluminium was still present in the mixture anéingtemperature. This was

understandable, because aluminium was cleamdyxcess.
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Figure 4.15. Superposed DTA scans for pure aluminium, pure vanadium and a 580
wt% Al -V binary alloy.

The broad plateau associated with pure vanadium was not present on the scannafryhe

powder. The onset of the plateau on the scan for pure vanadium was bef@y &&@ the
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absence of the peak on the scan for the mixture indicated that the two metals had already

chemically interacted.

4.3.8 Thermal Analysis of the aluminium-molybdenum powder mixture
When aluminium was mixed with molybdenum, the heat flow scan became very different from
those of the elemental powders, as shown in Figure 4.16. However, the alummasiting
peak was preserved, and its intensity was concomitant with thenambaluminium in the
mixture. This showed that the two metals did not react, at least up ¥G.682 exothermic
peak was present at 783 which was attributed to the reaction of the two metals. An even
higher intensity exothermic peak was observe®&tQ, and its magnitude showed that it was
not a simple phase transformation, but a highly exothermic reaction between the two metals.
Three endothermic peaks were observed atIM0BL70C and 1258C, and their intensities
were much lower than the peak790C.
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Figure 4.16: Superposed DTA scans for pure aluminium, pure molybdenum and a 580
wt% Al -Mo binary alloy.

At this stage, it was not clear whether the endothermic peaks were due to a chemical reaction
of the two elements, or a phase transformation occurred at a lower temperature. However, due

to the very limited amount of molybdenum in the mixture, these peaks not due to its
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reactions. They were either due to phase transformations of compounds formed at the lower

temperatures, or interactions of these compounds with the excess aluminium.

4.3.9 Thermal Analysis of the iron-vanadium powder mixture
The DTA scan fothe ironvanadium mixture showed no major differences from those of the
pure metals, except for the emergence of an endothermic peak at ~1300°C. The peak, shown
in Figure 4.17, was attributed to the interaction of the two metals. The broad plateaulwas stil
evident, while the endothermic peaks associated with pure iron at 723°C and 746°C were also
still present. The attenuation of the broad plateau, as well as of the endothermic peaks was
proportional to the dilution of the powders. It was concluded thattwo metals did not

chemically react, at least up to 13GQwhere the new endothermic peak emerged.
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Figure 4.17: Superposed DTA scans for pure iron, pure vanadium and a 580 wt% Fe-
V binary alloy.

4.3.10 Thermal Analysis of the iron-molybdenum powder mixture
Except for the two low temperature endothermic peaks at about 100°C and 230°C, the DTA
scan for the irobmolybdenum mixture was essentially a summation of the scans of the
constituent metals, ashavn in Figure 4.18All the endothermic peaks associated with pure

iron were present on the scan for the mixture, suggesting there was minimal, or no, chemical
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interactions between the two metals, even up to A2l00he endothermic peak at ~2C5

althoughr e pr oduci bl e, was questionabl e consi der.
15C°C, according to the DTA rod that was used (Setaram, 2008). The peak & ~@8tbugh
reproducible, could not be easily differentiated from the systematic ndise wistrument.
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Figure 4.18: Superposed DTA scans for pure iron, pure molybdenum and a 580 wt%
Fe-Mo binary alloy.

Above 250C, the scans of the elemental powders were preserved. Since thierspare
molybdenum was essentially flat, it was concluded that it too was preserved. However, the lack
of chemical interaction did not preclude the possibility of physical interaction between the two
metals. Since physical interactions, such as phassfdranations, are not normally associated

with intense heat flow peaks, it was possible that such peaks were masked by the pronounced

peaks of the transformations of iron. This had to be confirmed using other techniques.

4.3.11 Thermal Analysis of the molybdenumvanadium powder mixture
Except for the emergence of a small endothermic peak &386ad the disappearance of the
vanadium broad plateau, the DTA scan for molybdemamadium mixture was essentially
flat. Figure 4.19 shows the scan for the molybdemamdium powder mixture, superposed

with the scans for pure molybdenum and vanadium. The peak atC-38d the exothermic
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one at ~130% were not on the scans of either metal, and so they were attributed to an
interaction. The disappearance of the vanadilatepu was further support for some form of

interaction between vanadium and molybdenum.
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Figure 4.19: DTA scan pure molybdenum, pure vanadium and for a 560 wt% Mo-V
binary alloy showing an almostzero enthalpy for most sections of the curve.

The thermal analyses of the pure powders and their binary permutations not only allowed for
the deduction of the temperatures where the metals reacted, but gave insight into the enthalpy
of mixing for each pa A number of models, such as the classical regular solution model and

the embeddedtom method, use the heats of solution to predict the interaction of two elements
during alloying (HumeRothery, 1935; Johnson, 1989). All the peaks that emerged afi@gmi

the el ements were attributed to the metal sb
the alloys. Both the nature of the enthalpies, whether exothermic, endothermic or zero, and

their magnitudes are important for the models.

4.4 Properties of the Cast Alloys
The XRD pattern of the alloy cast from the powder with the Timetal 125 target composition is
shown in Figure 4.20, in whiwih hbotthhe WTTii ahnadv i
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major peak Thepeaks had shifted relative to pur&anium because of the alloyifdopano,
2003).The peak at 2theta = 2&vasmatchedasb Ti fr om t he wor k of Lui

The peaks were broader and less symmetrical than in Figure 4.8, and this indicated a range of

lattice parameters, since theogllhad not been homogenised.
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Figure 4.20: XRD pattern of the Timetal 125style alloyin the ascast condition.

When compared to the superposed stick diagrams, the peaks in Figure 4.20 were generally

shifted both to the left and right, and this suggested that the interplanar sphahdhe

titanium lattice increased in some directions, and decreased in oftersilaying (Warren,

1969), according to the modified Braggds equ
i

T =, Equation4.1
wheredis the diffraction anglen is an integerd is the interplanar distance, ass the incident
wavelength. The cast alloy was not expected to have the same peak pattern as pure titanium.

Howeverthe paternsf or pure titanium were usafTit.o det e
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4.4.1 Density ofthe as-cast Timetal 125style alloy
The theoretical density dhe Timetal 125style alloywas calculated to be 5.04g.¢pbased
on the weighting of the elements, i the alloy and their respective densities, according to
Equation 4.2Table 4.5 gives the measured densities of a number of 4tesaalloys, where
the targeted composition was Timetal 125. To minimize measurement error, the density of
each sample veameasured in triplicate, and averaged.

i1 BO Equation4.2

The theoretical densitiesf the Timetal 125 style alloy in the ascast condition were
consistently 98.8+0.2%, and this relatively low density was an indication of possible porosity
in the castings. Additionally, the -east microstructure, shown in Figure 4.21, had a large

volumefraction of precipitates.

Table 4.5: Densities ofthe Timetal 125 style samples in the asast condition (g.cn?).

Density 1 Density 2 Density 3 Average density | Theoretical Density (%)
4.973 4.971 4.977 4.974+0.003 98.6+0.2
4.981 4.983 4.984 4.983+0.001 98.8+0.2
4.983 4.981 4.985 4.983+0.002 98.8+0.3
4.976 4.979 4.978 4.978+0.001 98.7+0.2
4.973 4.974 4.969 4.972+0.003 98.7+0.2
4.977 4.973 4.977 4.976+0.002 98.7+0.2

4.4.2 Microstructure of the CastTimetal 125style alloy
In the ascast condition, e Timetal 125style alloyhad a microstructuref U T grains with
fine bTi ,asshewninphe opacal emisrograph in Figure 4iis was because the
cooling rate after the casting operationswa n o t fast enough to ret.
microstructure, as would normally be expectBae grain size was determined to be 19+7um
by the grain intercept method, and the small size was attributed to rapid cooling, due to the
high thermal conductivity fothe copper mould. The microstructure had precipitates, which
formed as colonies. However, manytbé UTi grains had areas without precipitates, and this
allowed for measurement of composition of the matriEBYX. The colonies of precipitates

were alsdarge enough to have their compositions determined.

94



Figure 4.21: Optical micrograph of the Timetal 125 style alloy in the ascast condition
(micron bar = 100pm).

Composition analyses by energy dispersi+eay spectroscopy showed the precipitates had
elevated amounts of iron, molybdenum and vanadium than the matrix, while aluminium was
more uniform, as shown in Table 4The EDX was only a comparative measure, since the
analysis of the precipitates alswiuded part of the main graing.was not possible to view

the phases without etching. Consequently, the EDX analysis was on etched samples, making it
more of a comparative than quantitative study, since some elementsossiiglylost during
etching.It was not possible to measure the composition of the grain boundaries due to their
size. Therefore, it could not be determined if they were compositionally different from the
matrix, or the precipitate colonies. However, their difference in contrastifotimthe matrix

and colonies suggested they may have been different, but this might have been due to sample

preparation.

Table 4.6: EDX analyses of the matrix and precipitates (wt%).

Element Matrix Precipitates
Ti 79.5:1.3 78.3t0.6
Al 2.740.1 2.240.2
Fe 5.3t0.3 6.3t0.2
Mo 5.3t0.5 6.3t0.4
Y 5.7+0.4 6.9+0.6

The SEM micrograph in Figure 4.22 shows some fine precipitates within the grains. The size
of these precipitates, as well as the thickness of the grain boundaries, was submicron. Their
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small size did not allow for separate analysi€IDX, which made it impossible to determine
if they were compositionally different from the colonies. At this magnification some pores
could be seen, and it was concluded porosity was a contributing factor to the relatively low

density of the alloy in the asast condition.

Fine (BTi) precipitates

Grain boundary

Porosity

Figure 4.22. SEM-BSE image ofthe Timetal 125 style alloy in the ascast condition
showing intragranular precipitates and porosity (micron bar = 20um).

Five mounted Timetal 128tyle alloycastings werd&ept in a desiccator &w temperature.

The first sample was examined after 5 hours, and did not show any difference frorsdke as
samples. However, the sample that was examined after 24haalfsweiprecipitate colonies,

as shown in Figure 4.23(aJhe asc a s t sampl e sHchangedc aver dimeratl ct ur €
roomoi98 temperatureNatural ageing of titanium alloylsasnot been reported toesult in

observable changes in microstructure. Soagharenthanges were attributed to etch effects,

since the samples had been etcfewdmetallograpl prior to storage. It is possible that the

etchant continued acting on the sampdeen after washing and storage, resulting partial

dissolution of prone phasesypa i cul ar |y DbTi
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Figure 4.23. Optical micrographs of a castTimetal 125 style alloy sampleafter (a) 24h,
(b) 48h, (c) 72h (d) 300t room temperature showing dissolution of precipitates (all
micron bars = 100um).

The samples aged for 48 and 72 hours did not contain the precipitate colonies, as shown in
Figures 4.23 (c) and (d). This showed tmdonies wergossiblymetastableand there was a
driving force to achieverhich homogenigy. The driving force for the dissolution was believed

to be the unoptimised microstructure in thecast conditionHowever, an observable change

in microstructure at room temperature in titaniutoya has never been reported. The observed
change (dissolution) was likely to be due to etch effects, as the etchant possibly continued to

act on the desiccated samples.

Table 4.7: Grain size as a function étime.

Ageing time (h) Grain size (um)
0 19+7
24 19+8
48 20+8
72 23+11
300 23+11
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The SEM micrograph in Figure 4.24(b) is a higher magnification of the precipitatareas

in Figure 4.24(a). It was clear at this magnification that the precipitates were acicular. Analysis

of a precipitateich area byEDX showed their composition wasfferent from the overall
composition, as shown in Table 4.8, although the accuracy of the method was questionable due

to their fine size, and it would have been impossible to distinguish between the precipitates and

the matrix. So, the absolute valuesTiable 4.8 were of no value, although they qualitatively

showed the difference between the overall alloy composition and of the areas richer in the
precipitates. The acicular precipitates were richer in molybdenum, iron and vanadium, but
lower in aluminiumt han t he overal/l composition. , Since
molybdenum and vanadium thahT i (Hansen et al ., 1951) , it
wer e, ballit hough t h edp rdéc@olihgs, 198%Tvhee bpereens éorthee of b
ascast condition had been confirmed by the XRD pattern in Figure 4.20. It was concluded the
matrix was UTi for two reasons. Firstly, t h
phase in the alloy. Secondly, the solubility of iron, molybdenudhaemadium in the matrix

was very limited.

Analysed area

(c

Figure 4.24. SEM-BSE images ofthe Timetal 125 style alloy, showing acicular
precipitates: (a) is the micrograph from where the areatomposition was measured and
(b) is a magnification of the precipitaterich area marked 1 in (a), (micron bar = 5um).
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The areal alloy composition of the micrograph in Figure 4.24 (a), shown ECtKespectrum

in Figure 4.24 (c), and the composition oé thnalysed area in Figure 4.24 (b) are shown in

Table 4.8. Although for iron, molybdenum and vanadium, there were differences, since both

areas analysed had precipitates, the differences for the other elements were not significant.

Also, it was only poskie to view the grains under scanning microscofter aetching.

However, etching wuld have partly dissolved the less corrosioe s i st achtmaythdve , whi

affected the analysgbringing the compositions of the two phases closer together

Although Figue 4.24(b) was taken from a precipitaigh area in Figure 4.24(a), the analysis

definitely included the matrix as well. So, it was mainly a qualitative comparison of the overall

composition and that of areas richer in the precipitates.

Table 4.8: Areal and spot composition determined byEDX (wt%b).

Element Overall Analysed area(Figure 4.24(b)
Al 2.6:0.1 2.1+0.2
Fe 5.8:0.3 6.1+0.3
Mo 6.0+0.3 7.4+0.2
V 6.1+0.4 6.6+0.2
Ti 80.5t0.2 77.8t0.2

4.4.3 Phase Reactions otfhe Timetal 125 style alloy

The differential thermal analysis results fume ofthe Timetal 125style alloycasting are

shown in the scan in Figure 4.25. No major heat flow peaks were observed, except for an

exothermic peak &90°C and 800C on heating, and an endothermic one a80fh cooling.

Since no chemical reactions were expected in the cast alloy, the peaks in Figure 4.25 were

attributed to phase transformations.

The exothermic peak &8CC wa s

attributedmtogtthe

KTi, twhinl

800°C on thecooling curve was attributed to the onset of the transformatiod ®fi b T io

transformation(the beta transus). The very small endothermic peak &C883uld not be

readily assigned to any transformationt s presence was confirmed when similar tests

showed it was reproducible.

The thermogravimetric curve was flat, showing no change in mass during the experiment. This

excluded the possibility of the alloy having reacted with oxygen, and gave some flevel o

confidence in the results.
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Figure 4.25: TGA-DTA scan for the cast Timetal 125style alloy, showing first UTt o
transfornation at 590°C and thefinal Uz b tr ansf or ACat i on at
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4.4.4 Mechanical Properties ofthe cast Timetal 125style alloy
There was no appreciablaange in density with timeas shown in Table 4.®ut this may
have been due to the method used, which is not very sengiimsity measurements from
l i ght microscopy may have been more accur at e
method.The dissolution of the precipitates, Figure 4.23, did not result in a measurable change
in the ultimate tensile strength or elongation

Table 4.9: Density of the Timetal 125 style alloy castingsafter extended time g.cr¥).

Time (h) J1 J2 }3 Mean Theoretical density (%)

0 4.973 4.971 4.977 4.974+0.003 98.81+0.06

24 4.983 4.981 4.985 4.983+0.002 98.99+0.04

48 4.987 4.987 4.998 4.990+0.006 99.12+0.11

72 4.989 4.986 4.986 4.987+0.002 99.07+0.04
120 4.989 4.990 4.989 4.990+0.001 99.12+0.02
180 4.990 4.988 4.989 4.989+0.001 99.11+0.02
240 4.988 4.989 4.989 4.989+0.001 99.11+0.02

The hardness dhe Timetal 125style alloywas highest in the asast condition, ~495+15HV,
Table 4.13and decreased with increasing heat treatment temperature and time. The highest

strength and lowest ductility dhe Timetal 125style alloywere also bserved in the asast
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condition. The tensile strength in theaast condition was consistently above 1470MPa, while
the elongationat fracture average8 1+0.2% as shown in Table 4.1The low ductility was

due to the unoptimised microstructure assumedigh dislocation density from the rapid
cooling after castingThe stresstrain curve did not have a plastic region, and this was
corroborated by the tensile specimens which did not neck. Many of tbasasamples
fractured at the heagluge inérface, as shown in the photographs in Figure 4.26, and did not

show necking, as shown in Figure 4.26(a) and (b).

Brittle fracture

(0)

Cme

up Neck

Figure 4.26. Photographs of tensile specimens after fracture (a) and (b) brittle fracture
at the headgauge interface in the asast condition, and (c) and (d) ductile fracture after
heat treatment for 60mins at 900C followed by water quenching(original length of the
tensile specimens was 80mm)

The fracture at the heads was attributed &ptofile of the casting die, which did not allow

for tapering from head to the gausyed hence acted as a stress concentrBites led to change

in the design of the die, which resulted in fracture at the desired position. However, the change
still resuted in brittle fracture, although the measurable strain before fracture indicated the

alloy was not completely brittle.

The photographs of the tensile specimens analysed after heat treatme?€ db060 minutes,

followed by water quenching, are shown Figure 4.26(c) and (d) for comparison. They
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showed a cup and cone after fracture, indicating ductile failure. Since the alloy was not cold
worked after casting, dislocation density was not expected to be high. The major strengthening
mechanisms in thesacast condition were precipitation hardening and4Ralich strengthening

due to the small grain size. Therefore, the change from a brittle to a ductile mode of failure was

due to the loss of precipitates and grain growth during heat treatment.

Table 4.10 gives the properties tbe Timetal 125style alloyin the ascast condition. The
results were reproducible, as shown by the relatively small errors. The fracture strength in the
ascast condition was ~1500MPa, as shown in the sgteas cure in Figure 4.27. While it
is not uncommon for titanium alloys to attain such high strengths (Papirno, 1968), the strains
are normally higher than what was recorded for the test alloy. The curves were typical of a
more brittle material, with no plastic fieg. The elongationat fracture was very small,

3.1+0.2%, probably showing the effect of the precipitates and the unoptimised microstructure.

Table 4.10: Mechanical properties ofthe Timetal 125style alloyin the ascast condition.

UTS (MPa) Strain [f| Fracturetoughness (MPa.n¥9 | Reduction in Area (%)
1439 3.0 22 1.6
1432 3.3 24 1.7
1453 2.9 22 1.7
1499 3.0 22 1.6
1513 2.9 22 15
1483 3.0 22 1.6
1476:24 3.1+0.2 2241 1.6:10.1

The modulus of elasticity of the alloy wastimatedrom the slope to be ~483GPa, a stiffness
much higher than the typical 1:020GPa associated with titanium alloys (Srinivan and Rao,
2012). A more accurate measurement would have required the usgaof gaugesThis

directly supported that the microstructure was not optimal. Fracture toughness was estimated
from the area under the strestgain curve. Such a calculation was just an approximation, and
the values were only qualitative, but could Ised for comparison. Similar calculations from
stressstrain curves of known titanium alloys showed values in the rang&k4Pa.m"'? (Kim,

1994). However, from the values presented in Table 4.10, the fracture toughtheSsrottal
125style alloyin the ascast condition was about half that of common titanium alloys and about

the same as of titanium aluminides, which range betwe@s\Pa.m? (Kim, 1994).
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2
Strain(%)

Figure 4.27. Stressstrain curve of the Timetal 125 stylealloy in the ascast condition
showing high strength and relatively low ductility.

4.5 Spark Plasma Sintering
The sntered Timetal 125tyle alloyhad precipitates inside welleveloped large polygonal
grains. The samples had porosithich decreased with increasing sintering temperature and
time. Samples sintered at 1200 Figure 4.28(a), had a density less than 85% theoretical, due
to the amount and size of pores. After sintering above®@@@0e samples were far less porous
and themicrostructure had needli&e precipitates inside some of the grains. There were also
some regions without precipitates. Although the volume fraction of pores appeared higher in
Figure 4.28 than Figure 4.21, the castings were more porous, particulatycempared to
samples sintered at 122@ It was suspected that the pores in theass microstructure were

masked by the slightly smaller grain sizes and precipitates.

The samples sintered at 12Q0or less than 10 minutdésd large pores and theierbity was

below 95% of theoretical. This necessitated the use of longer sintering periods. After sintering
for between 10 and 20 minutes had a density greater than 98%, due to less porosity. However,
they had much larger grains than those sintered foteshimeriods. Grain size plays a key role

in the mechanical properties of a material, and the effort to improve the density of the sintered
samples by increasing the holding time had the adverse effect of causing excessive grain
growth.
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(c) f (d)
Figure 4.28: Optical micrographs of Ti-2.7AI-5.7Fe6Mo-6V (a) after sintering at 1100C and
30MPa for 5 minutes, and after sintering at 120 and 30MPa for (b) 5 minutes, (c) 10 minutes
and (d) 15 minutes(micron bar =100um).

A further distinction between the sintered samples and the castings was the slightly larger grain
size in the sintered alloyhere were acicular precipitates, which may have beart irside

the majority of the grains in trentered samplebfere were other grains which had no needles.
Analysis of the needi&ee grains showed higher aluminium content than the other grains, as
shown in Table 4.11. The grains with precipitates were richer in molybdenum and vanadium,
although he difference between the matrix and the precipitates could not be measured, due to
the small size of the precipitaiethough etching would have removed the less corresion
resistant elementsiowever, a longer holding time could have improved homoggeruaie to
diffusion of solutes to eliminate concentration gradients.

Table 4.11: Composition of the phases in sintered Timetal 128tyle alloy (wt%).

Element Grains with precipitates | Grains without precipitates
Ti 79.2+0.2 79.9t0.1
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Al 1.9+0.3 4.3+0.3
Fe 2.6£0.5 3.8£0.2
Mo 8.9+0.3 5.9+0.3
\Y 7.4+£0.2 6.1+0.2

The SEM micrographvhere the analyses in Table 4M2re taken is shown in Figure 4.29,

from where another phase was observed. The phase was darker than both the matrix and
precipitates, andEDX showed it was higher in iron, as shown in Table 4.11. The SEM
micrograph also showed the porosity of the simtedéoys, and confirmed the dark spots in the

optical micrograph in gure 4.29vere pores.

g i councry R

Grain boundary

Precipitates

Figure 4.29: SEM-BSE image ofthe Timetal 125 style alloy after spark plasma sintering
at 1200C, 30MPa for 5mins, showing porosity.

The density of sintered Timetal 125 sintered at $2@6r 5 minutes was on average 99.2%

of the theoretical, as shown in Table 4.12. This was marginally higher than the castings, and
was attributed to the more compadtrostructure in the sintered samples, with less porosity.
The increase in density on extending sintering time to 20 minutes was less than 0.1%, possibly
indicating that although the pores after 5 minutes were large, they were not many. Additionally,
sintering for more than 10 minutes resulted in ssoge grain growth, Figures 4@ and (d).

Table 4.12: Densities ofthe Timetal 125style alloysintered at 1200C for 5 minutes at
30MPa (g.cm?).

| J1 | 12 ‘ I3 Mean Theoretical Density (%) ‘
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4.99 4.99 5.01 5.00 99.1 0.2
4.98 4.99 4.98 4.99 98.9+0.2
5.01 4.99 5.00 5.00 99.2+0.2
4.98 4.98 5.00 4.99 98.9 +0.2
5.00 4.99 5.01 5.00 99.2 +0.2
4.99 5.02 4.98 5.00 99.1+0.2
5.00 4.98 4.99 4.99 99.0 +0.2

The Timetal 125style alloywas harder when sintered than cast, although the difference was

very small, as shown in Table 4.13. The increase in hardness was attributed to higher
densification in the sintered alloys than the castings (which contained poesgityossibly

the presence of T iSince sintered samples could not be subjected to tensile tests, it was not
possible to determine their strain at fracture. However, because there was direct proportionality
between hardness and fracture strength, it Wasred thathesintered Timetal 125tyle alloy

had a slightly higher fracture strength, and hence lower ducliligy ascast samples had small

UTi and DbTi grains, with colonies of bTi pr e
microstructue, with acicular precipitate$he difference in microstructure between theast
(finer UTI gr ai nand assinterbd aboyJ§i ¢ oparrescd rp i U Tait egsr)ai ns
Ua, Uda or bwhd duepto thecpregsirg during snjering, theddifferent cooling

rates.

Table 4.13; Hardnesses ofthe sintered Timetal 125style alloy.

Sample HV
S1 51348
S2 517+6
S3 509+8
S4 515+9
S5 50145
S6 506+6
S7 514+9

Mean 511+7

As-cast 495+15
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4.6 Heat Treatment Responsef the Timetal 125 style alloy
The mechanical properties of Timetal 125 in theast condition made it unsuitable for any
application because the microstructure was not optimized. As a remedy, some stabilizing heat
treatment wasecessary. Since the ¢gt was to obtain an optimizédTi al | oy, it was
to solutiontreat first, and then age. During annealing, the precipitates gradually dissolved,
resulting in a more uniform microstructure. The grain size of the matrix generally increased
with annealing temperature and time,uléeg in a significant change in the mechanical
properties. However, extended heat treatment at any temperature resulted in the grain size

reaching a plateau.

The hardness and tensile strength decreased with increasing annealing temperature and time,
while ductility increased appreciably. After annealing, the stsésgn curves showed a clear

yield point, UTS and a plastic region before fracture. Visual inspection of the annealed tensile
specimens revealed significant reduction in cross sectionabevaad the region of failure,

by necking, as shown in Figure 4.26.

4.6.1 Annealing the Timetal 125 style alloy Castings at 300C
After annealing at 30C for 20 minutes (Figure 4.30a), thkboy had far fewer precipitates and
a larger mean grain size than e tascast conditionThe grain size increased rapidly up to 60
minutes, and marginally thereafter, and the amount of precipitates was significantly lower than
in the ascast condition. When the heat treatment time was extended to 30 minutes, a fine phase
precipitated inside the grains. It was not possible to analyze the precipitdi&xiyecause
of their small size, so no distinction could be made between their composition and that of the

matrix.

Grain size results are listed in Table 4.14. Ggaowth was not rapid during the first 5 minutes,

but this changed on extending to 20 minutes. The grain size increased by less than 2% in the
first 5 minutes, and this small change in grain size was suspected to have been due to the
competing precipitationeaction. However, there was more significant grain growth between

5 and 60 minutes. Very marginal growth was observed on extending time to 2 hours, as shown
in Table 4.14. The slower growth rate on extending to 2 hours was attributed to equilibration
of the microstructure, resulting in a loss in the driving force as the interfacial energy decreased

with increasing grain size.
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Figure 4.30: Optical micrographs of the Timetal 125style alloy heat treated at 300C for
(a) 20 mins, (b) 30 mins, (c) 40 mins, and (d) 60 mins (all micron bars = 100um).

Table 4.14: Grain size as a function of time during annealing at 30C.

Annealing time (mins) Grain size (um)

0 19+7
5 20+8

20 30+16

30 36+17

40 39+21

60 42+17

120 44+23

The precipitation at 30C showed the temperature was not adequate for solution treatment. In
fact, the precipitation indicated accelerated ageing, instead of siidgtdution. The aim of

solutiontreatingwas to dissolve all the solutes to create a saturated solid solution
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The XRD pattern of the alloy heat treated at°@@r 60 minutes, and watguenched, is
shown in Figure 4.31, in whidbothU Ta n d werg€identified. The main peak &theta =

3P wasstill a double pealhut was much sharper and more symmetrical than in Figure 4.20.

The peak that could not be identified in Figure 4.20 was no longer present. It was concluded

that annealing at 300 transfomedsome of thé T i

to

UTi The

associ

ati

peak in Figure 4.20 with a titanium oxide was ruled out because the same samples were used

for heat treatment. If an oxide were present in theaa$ condition, there was no way the
oxygen cald have been removed in the subsequent heat ea&nThalecrease in the amount

theb Tand the disappearance thie unidentified peak, led to the conclusion the two were

associated al t hough

responsible for the peak

met as tgadd the gmega snaysajso Mabeenh

as |

Since the XRD database was limited to pure titanium and only a few of its binary and ternary

alloys, the exact patterns for quinary alloys like Timetal 125 were not present. The similarity

was

because ti

of the patternri Figure 4.31 tohat for pureJ T i
solvent).
Til25_300°C

2 10 20 30 40 50

2-Theta - Scale

Titanium - alpha-Ti - Hexagonal - 03-065-6231 (C) - I/lc PDF 6.4

el

Figure 4.31: XRD pattern of the Timetal 125style alloy heat treated at 300C for 60

mins.
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After annealing at 30C for 2 hours, the strength decreased to +4TMPa, while strain at
fracture increased to 4.2+0.2%he hardness of the alloy was 48@HV, which was similar
to the 49%15HV in the ascast condition. The decrease in strength, ate tcorresponding
increase in ductility were attributed to dissolution of precipitates during the heat treatment, as

well as the increase in grain size.

4.6.2 Annealing the Timetal 125 style alloyat 400°C
Further grain growth was observed upon annealieglimetal 125style alloyat 400C, as
shown in the optical micrographs in Figure 4.32. After annealing for 20 minutes, the grain size
was 4221um, which was approximately the same as after 2 hours 4€30be grain size
increased further and reached atphu at 5218um after 60 minutes. Therefore, elevating
temperature marginally accelerated grain growth, and increased the mean grain size. However,
the microstructure was not different from that at°80rhe precipitates were still present, but
they appared to be more than at 3@ The grain sizes after annealing at 40dor the
different test periods are shown in Table 4.15. The grain size for the time recorded as 0 minutes
was for the alloy in the asast condition. Similar to at 300, grain growthwas slow in the
first 5 minutes, probably due to some incubation, but rédpedeafter before the grain size

reached a plateau.

LA

#& Analysed area (light phas

Analysed area (precipitates)s

(b) e

()8

Figure 4.32: Optical micrographs of the Timetal 125 style alloy heat treated at 400C for
(a) 20 mins, and (b) 60 mins (micron bars =100um).
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Table 4.15: Grain size as a function of time during annealing at 40C.

Annealing time (mins) Grain size (um)

0 19+7
5 2149

20 42+21

30 48+22

40 50+19

60 52+18

120 53+21

An attempt was made to measure the compositions of the light phase (matrix) and the
precipitates, and the results are shown in Table 4.16. They were similar because of the fine
sizes of the precipitate3he lack of compositional difference between the matrix and the
precipitates was likely due to the inability to separately analyse the phases due to the fineness

and distribution of the precipitates.

Table 4.16. EDX analyses of the light and dark contrast phases after annealinthe
Timetal 125 style alloyat 400°C (wt%).

Element Matrix (light phase) Precipitates (Dark phase)
Ti 80.0t1.3 79.4+0.8
Al 2.7+0.6 2.6£0.5
Fe 5.3t0.3 6.0+0.4
Mo 5.9t0.5 6.1+0.5
Y, 6.1+0.4 5.9+0.5

The SEM micrograph from where the analyses in Table 4.16 were taken is given in Figure
4.33, which shows the fineness of the precipitates and how intimately they were mixed with
the matrix. Since the interaction volume of the electron beam and the sam@eread up to

2um, and the beam can also penetrate the sample, the ability to separately analyse such fine
grains was questionable. Furthermore, the matrix had no grains without precipitates to be
separately analysed with precision. Therefore, the aeslys Table 4.16 are likely to have
included both the matrix and the precipitates, which explains the similarity in composition. The
microstructure had some dark regions, particularly at the triple points. These had a higher iron
content than the overalllay composition, becauseDX analysis showed their iron content

was 6.%0.3wt%, compared to the overall 5.8+0.4wt%.
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Precipitates

Figure 4.33: SEM-BSE image ofthe Timetal 125 style alloy after annealing at 400C for
2 hours (micron bar = 50um).

The strength and hardness of the alloy further decreased ta11I3ViBa and 454+8HV,
respectively, while strain at fracture increased to 5.1+0.3%. There was not much difference
with respect to the type and volume fraction afgppitates after annealing at 3@0and 40€C.

The notable difference was the larger grain size atGlObherefore, the decrease in strength

and hardness, as well as the increase in ductility, were attributed to the larger grain size.

4.6.3 Annealing the Timetal 125 style alloyat 500°C
The microstructure after annealing at 8D@vas similar to that at 400, except for a reduction
in the amount of the precipitates, as shown in the optical micrographs in Figure 4.34. The
number of grains without precipits increased, but such grains were smaller than those that
still contained the precipitates. The average size of the grains did not significantly change on
elevating the temperature to 30 The mean grain size was#28um after 20 minutes, and
61+25um afer 60 minutes, which were marginally larger than the mean grain sizes for samples
annealed at 40C for 60 minutes. It was suspected that the dissolution of the precipitates was
a competing process which consumed some of the energy that could havedokefem gsin
growth. However, grain growth was rapid in the first 5 minutes, showing there was enough

energy to overcome incubation.

112



(@&

Figure 4.34: Optical micrographs of the Timetal 125 style alloy after annealing at 500C
for (a) 20 mins, and (b) 60 mins (micron bars = 100um).

The amount of the intragranular precipitates slightly decreased after annealing for 60 minutes,
while the matrix grain size at this temperature slightly increased with increasing annealing
time, as shown in Table 4.17. Grain growth was rapid in the frshidutes, and thereafter
slowed down until the size reached a plateau.

The ultimate tensile strength decreased further to A18VIPa, and hardness to 430+9HV,
while strain at fracture appreciably increased to 8.4+0.2%. This corresponded well with the
significant dissolution of precipitates. Since grain size did not change on elevating temperature
from 400°C to 500C, it was concluded only the dissolution of the precipitates had affected the
reported properties

Table 4.17: Grain size after annealingthe Timetal 125 style alloyat 500°C.

Annealing time (min) Grain size (um)
19+7
37+13

20 55+24
30 58+21
40 60+26
60 61+25
120 63+21

4.6.4 Annealing the Timetal 125 style alloyat 600°C
A major change of microstructure occurred after annealing 4€6@8 shown in Figure 4.35.
The alloy had a duplex microstructure, characterized by light and dark grains. The light phase

also formed on most of the grain boundaries, while the fine and acpnécipitates observed
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at lower annealing temperatures were no longer present. The mean grain size was much smaller
than at the lower annealing temperatures. After heat treating for 60 minutes, the average grain
size ofb T the darlerphasgincreasedrbm 22:18um to 39+15um

Figure 4.35: Optical micrographs of the Timetal 125 style alloy heat treated at 600C for
(a) 20 mins and (b) 60 mins (micron bars = 100um).

Energy dispersive Xay spectroscopgnalysis of the two phases showed the darker was lean

in aluminium but rich in iron, molybdenum and vanadium, while the lighter was richer in
aluminium, as shown in Table 4.18. It was concluded tieatdlatively darker phase wlasT i

while the lightewas UTi . Thi s st r omgtlryamsufppromdteido nt haft

commenced at ~590, as was shown on tiETA scanin Figure4.25.

Table 4.18: EDX analyses of the matrix and precipitates after annealinghe Timetal 125
style alloyat 600°C (wt%).

Element Light UTi Dark bTi
Ti 80.0+0.3 79.1+0.2
Al 3.9+0.3 1.940.1
Fe 4.7+0.3 5.9+0.4
Mo 5.6£0.3 6.8+0.3
\Y 5.8+0.2 6.3+0.3

Although attempts toneasure the elemental compositions of the acicular precipitates at lower
annealing temperatures were unsuccessful, it
di sappearance at a temperathune ammsd oa imatte d nwi
The dsence of the acicular precipitates inside the grains was clearer on the SEM micrograph

in Figure 4.36, where also the analyses in Table 4.18 were taken. The lighter phase had areas

large enough for accurate analysis without interference from the médtexpdrallel marks in
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the grain labeled 1 could have been due to scratching during samgmaration The

composition of the grain was the same as the other dark grains.

Figure 4.36: SEM-SE image ofthe Timetal 125 style alloy after annealing at 600C for 2
hours (micron bar =50um).

While the grain growth generally increased with increasing temperatures at the lower annealing
temperatures, the grain size at @DOwas smaller. This was attributed to thertiph

transformation of the UTi matrix to the bTi

The XRD pattern after annealingat800 f or 2 hours is shown i n Fi
and possibly omega titanium, although the matching was pamweter, the presence of

omega titanium (BiseV1.14) was rejected based on the very small amount of vanadium in the

alloy. For the whole alloy to transform to full omega, about 15 wt% V would be required, yet
vanadium made only 6 wt% of the allojhe U Twas a better match but with some shifts,

which was expected since the sample was not pure titanium, and there was solid solution.
Two low angle peaks could not be identified, and this underlined the inadequacy of the database
that was employed. However, the very pronounced broadening of these peaks compared to the

rest, as well as their occurrence at very low angles, suggesteddlidyarre been background

noise, probably due to the plasticene sample holder.

hTi
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Figure 4.37: XRD pattern of the Timetal 125 style alloy annealed at 606C for 2 hours,
followed by water-quenching(2 theta in decades)

Tensile test and hardness results showed both strength and hardness were lower than after
annealing at 50C. The tensile strength was ¥®MPa, and hardness was marginally lower

at 419+11HV. However, strain f&cture increased to 9.7+0.3%, and this was also evident in

the test samples, which showed a significant reduction in area at the point of fracture. The
significant decrease in strength and the corresponding increase in strain were attributed to the

compktely different microstructure, which was also precipifete.

4.6.5 Annealing the Timetal 125 style alloyat 700°C
After heat treating at 70Q, the microstructure of the alloy was still duplex and very similar to
that at 608C, except for largermeangraing e of t he (bBTi ), as shown
a few of the light grains were actually larger than att600’he mean grain size of the lighter
phase diminished on elevating to Y700However, similar to 60C, the light phase was still
mainly present on all the grain boundaries, and the mean grain size of the lighter contrast phase

further decreased @38+14um
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Figure 4.38: Optical micrograph of the Timetal 125 style alloy heat treated at 700C for
60 mins (micron bar = 100um).

The composition of the two phases, determineB b}, showed a slightly elevated amount of
aluminium in the lighter phase, almost 50% higher than the same phasé@t Bd€darker

phase had a composition very similar to the dark phase & 686 shown in Table 4.19. The
increased amount of aluminium in the remaini

aluminium in (bTi) (Duerig and Wi lliams, 198

Table 4.19: EDX analyses of the matrix and precipitates after annealinghe Timetal 125
style alloyat 700°C (wt%).

Element Light UTi darker bTi
Ti 77.1£0.3 79.1+0.2
Al 5.5+0.3 2.1+0.1
Fe 5.70.4 5.8:0.1
Mo 5.9+0.3 6.5+£0.5
\% 5.8t0.2 6.3+0.3

The SEM micrograph from where the analyses in Table 4.19 were taken is shown in Figure
4.39. The lighter phase was thinner than after annealing & @00 the same time period,
probably due to decomposition, but there were still areas large enough for accurate analyses

without interacting with the matrix.
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Figure 4.39: SEM-SE image ofthe Timetal 125 style alloy after annealing at 700C for 2
hours (micron bar =100um).

Tensile tests gave an ultimate strength off3491Pa after annealing at 7@ for 2 hours,
which was almost similar to the strength after annealing &06f@0 the same time period. The
strain at fracture was 1@@.6%, whichwasalso not significantly different from that at 6@
Hardness results were also similar to those obtained &C608e hardness of the alloy after
annealing at 70T for 2 hours was 4¥®HV. The very marginathanges of these properties
between 608 and 708C were concomitant with the small change in microstructure in the

temperature interval.

4.6.6 Annealing the Timetal 125 style alloyat 800°C
Exceptfor the grain boundaries, théTi compl et el y dingat®dE andamed on
homogeneous bBbTi was the matrix, as shown in
spots, which could not be separately analysed due to their size. The grain size increased from
37+14pum at70(C to 56:24um after 20 minutes &00°C. However, there was very limited
isothermal grain growth as time increased, probably showing that the available energy was
utilised for the transformation of the lighter phase. After 60 minutes the mean grain size was

very similar to at 20 minutest 88&26um.

ThelightertUphase defined the grain boundaries of
the pores after annealing at this temperature, although the reason for the sudden clarity was not
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clear. Clearly, the alloy had porosity from the timfecasting, as the pores could not have

formed during annealing.

Porosity

(aTi) on (BTi) grains ) 2 _ ‘ '. " (BTi) grains

g i ¥ N ; : y ATV
‘ 4

’ 100pm : [

. ) T Rl ¢ b R 100um
@ ! ’ a3 % yA A ;: ®)

Figure 4.40: Optical micrographs of the Timetal 125 style alloy heat treated at 800C for
(a) 20 mins, and (b) 60 mins (micron bars =100um).

The significant decr ease G6dgavdthé mostdiredisugport t r e a
to the interpretatio of the DTA scan in Figure 4.2% supported that the peak @@C on

coolingwas the beta transusthie Timetal 125style alloy This was corroborated by the XRD

pattern after quenching from 8@) shown inFigure 4.41, which showedorfiyTi , and a wi
peak which could not be identified. It was concluded that abo\C8@e alloy wasnostly

singl e phtha i wasdiple, frora80@C to room temperatuye&vi t h bot h UTi
bTi. However, the UTi precipitates were stil
This probably suggested the alloy had to be heat treated for longer to ensure complete

transformation.

The closest match to théRD pattern in Figure 4.41 wds T i although the f
perfect due to it comprising a solid solution, rather than pure titanium. The broad peak around

15° 2theta had been observed in the XRD pattern after annealing 4, 800Figure 4.34.

However, when compared to Figure 4.37, the XRD pattern was significantly different. There

main peakwasaround2theta =40°, while many of the lower intensity peaks in Figure 4.37

were no longer preseraxcept for the broad peak arou2ttieta = 18 which could have been

due to the amorphous sample holdene higher angle peaks associated with beta titanium

were also present.
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Figure 4.41: XRD pattern of the alloy in the after heat treatment at 800C for 2 hours
showing (bTi).

Tensile test results showed a significant decrease in strength, and increase in strain at fracture
after heat treating at 800. The tensile strength was 8446MPa,and strain at fracture was
13.2:0.7%. The strength was lower than at all the lower annealing temperatures, while this was
the highest ductility for the same temperature interval. Hardness decreased &V at

700°C, to 38211HV. The decrease in stigth and hardness, as well as the increase in ductility,

were attributed to further dissolution of the precipitates, as shown in Figure 4.40.

Since the matrix was now a single phase, measurement of grain size became more accurate and
reliable. The mean grasize was still smaller than at the lower heat treatment temperatures, as
shown in Table 4.20. The small grain size was attributed to plenty nuclei offered by the prior

UTi grains and precipitates.
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Table 4.20: Grain size ofthe Timetal 125style alloy after annealing at 800C.

Annealing time (min) Grain size um)
0 19+7
20 52+22
30 56+19
40 59+23
60 61+19
120 66+22

4.6.7 Solution Treatment ofthe Timetal 125 style alloyat 900°C
Annealing at 90%C for 2 hours resulted in a microstructure similar to that aP@pBut the
difference in contrast between the grain boundaries and the matrix was less pronounced, as
shown in Figure 4.42. This decrease in contrast was attributed to further transformaten of th

U to b, resulting in a more homogeneous comp

Figure 4.42: Optical micrograph of the Timetal 125 style alloy heat treated at 900C for
2 hours (micron bar = 100um).

Due to the fine size of the grain boundaries, particularly when observed under SEM in Figure

4. 43, it was not possible to separately anal
had transformed to bTi, ex cuwtpetsupportthatihhe betar ai n
transus ofthe samplesvas ~®0°C on cooling The incomplete transformation probably

showed the alloy needed to be annealed for a longer period to equilibrate.
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Grain boundaries

Figure 4.43: SEM-SE micrograph ofthe Timetal 125 style alloy after annealing at 900C
for 2 hours (micron bar =100um).

The grains were generally equiaxed, with a mean grain sizetddth. The grain size was
smaller than after ageing at 8@for 2 hours, and theeason for this decrease in the mean
grain size after the temperature was elevated by as much @486 not immediately clear.

The alloy was still porous after heat treatment at this temperature, as shown in Figures 4.42
and 4.43.

The XRD pattern ofhe Timetal 125style alloyafter annealing at 906G is shown in Figure

4.44, in which the peaks were sharper and narrower than in 4test@asondition, or after
annealing at 80, although some shift was still present. The sharper peaks were attributed to
the more homogeneous microstructure, while their symmetry was attributed to the dissolution
of precipitates. The broad peaks which were suspected to be noise in Figure 4.37 and 4.40 were
no longer present, but a sharp peak which could not be identifpexhiegnl at 2&2theta. The

same peak was present in the XRD pattern of treastsalloy in Figure 4.20, in which it could

also not be identified.
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Figure 4.44: XRD pattern of the Timetal 125 style alloyafter annealing at 900C for 2
hours.

4.7 Properties ofthe Solution Treated Timetal 125style alloy
The alloys were deemed to be soluttoeated after annealing at $@for 2 hours, followed
by water quenching. The stressain curve of solutioftreated alloy is shown in Figure 4.45.
The alloy was ductile, and had its lowest strength in this state. Visual inspection of the broken
samples showed significant necking, ancomparison of the gauge thicknesses showed
30+£5% reduction in area at fracture. Heat treatment at the various temperatures improved
ductility, but at the expense of strength and hardness, Table 4.21.

Table 4.21: Variation of UTS, strain and hardness ofthe Timetal 125style alloywith
annealingtemperature.

Temperature (°C) UTS (MPa) Strain (%) Hardness (HV)
As-cast 1476:11 3.1+0.2 49518
300 141112 4.2+0.4 48049
400 137311 5.1+0.3 45448
500 118712 8.4+0.2 43049
600 978+10 9.7+0.3 41941
700 87911 10.4+0.6 41349
800 844+13 13.2+0.6 389411
900 769+13 15.7+0.6 375+7

The tensile strength and strain at fracturthefTimetal 125style alloyafter solution treatment
were 769+13MPa and 15.7+0.6%, respectively. Hardness was also substantially lower than
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after annealing at the lower test temperatures. The microhardness results for the overall sample
gave a hardness of 375£7HV, which was simaaat 800C, but much lower than for the lower

annealing temperatures.

The decrease in strength and hardness, as well as the increase in strain at fracture, were
attributed to the absence of precipitates and secondary phases after annealifi@,aar2D0
hence lack of precipitation hardening. Since the increase in ductility far outweighed the loss in

strength, the fracture toughness of the alloy increased.

Engineering stress-strain curve for Timetal 125 in the solution-treated condition
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Figure 4.45; Stressstrain curve of the Timetal 125 style alloy after heat treatment at
90C°C followed by water quenching.

Heat treating lower than 88D resulted in a microstructure characterized by precipitates, as

was shown in the micrographs of the alloys annealed at the lower temperatures. Complete
solutionization only occurred between 8CG0and 900C. Since 808C was below the
transformation temperature, it did not guarantee a single phase. Therefore, a higher temperature
was necessary to ensure a f ul° waspurelyfdegauseni cr os
the increments in test temperature were’CQ@therwise the optimum was in this temperature

interval.
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4.8 Solution Treatment and Ageing (STA) ofthe Timetal 125 style alloy

After keeping the solutictreated alloys for ~5 hours, fine precip at e s

f or med

i nsi

grains, as shown in Figure 4,48though this was probably due to surface oxidation and etch

effects Their size was too small for analysis BYpX, and they were homogeneously

distributed in the matrix, which made analydishe matrix unreliable. However, there were a

few areas where the volume of the precipitates was high enough to allow anall&Xby

There were no grains without precipitates, so only the overall composition was measured, and

compared to the compositiah the precipitates, to derive a difference. The grain size after 72

h was 43+21um, which was the same as in the solitgated state.

Figure 4.46: Optical micrographs of the Timetal 125 stylealloy after solution treatment

at 90°C for 60 minutes followed by natural ageing for (a) 5 hours and (b) 72 hours

(micron bars = 100um).

TheEDX results in Table 4.21 showed the precipitates were higher in aluminium compared to

the overall compositionThepr eci pi t abes posse bUVi U6

f or med

from

t he

parti al

decomposition

or

approximately the same size as the mean grain size after solution treatment.

Table 4.22: EDX analysis of the phases in Timetal 12&wt%).

Phase Ti Al Fe Mo \%
Matrix 79.740.9 2.6+0.2 5.7+0.3 6.0+0.2 6.0£0.1
Precipitates | 79.0t1.1 3.7#0.3 5.8:0.3 6.0+0.3 6.1+0.1

of

Uéod f

The SEM micrograph from where the analyses in Table 4.21 were taken is shown in Figure

4.47. Although the precipitates were small, and their separate analysis unreliable, there were

125



grains large enough with areas without precipitates to measure the cioomposthe matrix
accurately. The micrograph had a higher magnification than Figure 4.46, and showed the alloy
was still porous. The SEM image also showed a dark phase, which was higher in iron than
either the matrix or precipitates, beca&f2X analysisshowed the phase had $002wt% Fe,

which was about 1wt% higher than the matrix orghecipitatesnside the grains.

Figure 4.47: SEM-BSE image ofthe Timetal 125 style alloy after solution-treatment,
followed by natural ageing for 72 hours (micron bar = 50um).

The ultimate tensile strength marginally increased and reached a plateau at ~809MPa after 72
hours, as shown in Figure 4.48. The strain at fracture decreased fra.6%7n the solution

treated state to 110.7% after natural ageing for 72 hours. The increase in strength and
decrease in ductility were attributed to increased precipitation hardening as the volume fraction
of the precipitates increased over time. However, most alloys which use precipitadiemiigr

as a strengthening mechanism have precipitates which are much finer than those here.
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Figure 4.48: Variation of the ultimate tensile strength ofthe Timetal 125 style alloywith
time at after solution treatment at 900C.

Hardness showed a similar trend, and the increase was also marginal. When thetseduéidn
Timetal 125style alloywas subsequently artificially aged at various temperatures, grain size
generally increased with ineaising ageing temperature and time. From aboufC500
precipitation also occurred along the grain boundaries, and the precipitates coarsened, while
many of the grains became free of precipitates. Thus, it was easier to measure their elemental

compositions.

4.8.1 Ageingthe Timetal 125style alloyat 400°C
The microstructure after ageing at 400s shown in Figure 4.49, in which the most distinct
feature was the allotriomorphic precipitates along the grain boundaries, which also extended
into the grains. Thererere also some precipitates inside the grains, although they were much
smaller than those along the grain boundaries. The mean grain size aitgy atgthis
temperaturavas significantshowing increasing temperature greatly improved the kinetics of
grain growth. Unlike the grains in the naturally aged alloy, there were many grains which had
areas without precipitates. The areas void recipitates were analyzed by EDAnd their
composition was the alloy composition, Ti.2.7Al5.7Fe6Mo6V (wt%). Howelteras not

possible to analyze the precipitates separately because of their small size.
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The microstructure still contained equiaxed grains, with most triple points at. Ti0alloy
was still porous, although the volume fraction of the pores was srtiadle after annealing.
This was supported by the higher density of the samplest(®22%), which was significantly
higher than the densities in the annealed state.

Figure 4.49: Optical micrographs of Timetal 125 after solution treatment at 900C,
followed by atrtificial ageing at 400C for (a) 20 mins., and (b) 60 mins (micron bars =
100pm).

The grain size after 20 minutes wast#3um, which was about the same as in the solution

treated state. THack of grain growth was attributed to the precipitation in this time period, as
shown in Figure 4.48(a). The size marginally increased #828n when time was increased

to 40 minutes, but no further growth was observed beyond this, as shown in Tableh4.23

lack of growth was attributed to a loss in driving force as the interfacial energy decreased with

i ncreasing grain size. prdipgategvastalcompeting pracesp.i t at i

The grain size corresponding 0 minutes was for the atlayediately after solutiotreatment.

Table 4.23: Grain size of the( b Tmat)ix during ageing the Timetal 125style alloy at
400°C.

Soaking time (minutes) Grain size (&gm)
0 40+16
20 45+17
40 48+22
60 49+18
120 50+21
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Figure 4.50 is a higher magnification optical micrograph after aggiegolution treated
Timetal 125style alloyat 400C for 2 hours. It clearly showed the acicular precipitates, as well

as grains which had regions near the grain boundaries without precipitates. The alloy annealed
for 2 hours appeared to have less precipitates within the grains. This was attributed to
coasening, which was particularly evident along the grain boundaries, where some

allotriomorphs were present.
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Figure 4.50: Optical micrograph of the Timetal 125 style alloy after Solution treatment
at 90°C and artificial ageing at 400C for 2 hours (micron bar = 20pum).

The strength of Timetal 125 after ageing at@@or 60 minutes was 1153+21MPa, while

strain at fracture decreased to &1%#. The hardness of the overall sample was 429+8HV,
which was much higher than for tis®lutiontreatedalloy. The increase in strength and
hardness, as well as the corresponding decrease in strain, was attributed to age hardening due

to increased precipitatio of t he secondary UTi

4.8.2 Ageingthe Timetal 125 style alloyat 500°C
Metallography showed the microstructure of Timetal 125 after ageing & 5@ similar to
after ageing at 40C, at least with respect to the phases present. After ageing for 20 minutes
the acicular precipitates appeared inside th
boundaries, together with some allotriomorphic precipitates. Compared to the microstructure
after ageing at 40C for 60 minutes in Figure 4.51, where thieqipitates were fine; after only
20 minutes at 50 the precipitates had coarsened. The same coarsening happené@€at 400
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but after extending the ageing to 2 hours. Therefore, elevating @€ S@elerated the
formation of the acicular precipitatesdan t hei r coar sening into al/l
of the phases present, no change was noticed between the two temperatures, suggesting that
the two temperatures marked the same vase field.
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Figure 4.51: Optical micrographs of Timetal 125 after solution treatment at 90€C for 60
minutes followed by artificial ageing at 500C for (a) 20 mins, and (b) 60 mins (micron
bars = 100um).

On extending the ageing to 60 minutes, Ybkume fraction of the acicular precipitates and

grain size increased, while the precipitates along the grain boundaries coarsened into
allotriomorphic precipitates, as shown in Figure 4.51(b). &pearent increase in the
precipitationwas attributedtb ur t her decomposition of the met
in grain size after ageing was large, as shown in Table 4.24. The grain size reached a plateau

at 55N20em after 40 minutes, which W& sligh
Thevery marginal grain growth as temperature was increased was attributed to the competing
precipitation reaction, and resistance to grain boundary mobility due to the increasing

precipitates.

Table 4.24: Grain size after solution treating at 90€C and ageing at 50€C.

Soaking Time (mins) Grain size
0 40+16
20 50+19
30 53+22
40 55420
60 56121
120 57426
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Figure 4.52 is a high magnification optical micrograph after ageing for 2 hours°a, Z0@
tshows the all otr i omoaaulariprecpitaldsTwithintt®sT i welrlai as . t
was possible to separately analyze the matrix and the allotriomorphic pha&Xbyput not

the acicular precipitates, as shown in Table 4.25.

G

Figure 4.52: Optical micrograph of the Timetal 125style alloyafter solution treatment at
90(C for 60 minutes followed by artificial ageing for at 500C for 2 hours (micron bar =
100um).

Table 4.25: EDX analyses of the matrix and the allotriomorphic precipitates.

Phase Ti Al Fe Mo \/
Matrix 79.504 2.6+0.2 5.7+0.3 6.2+0.2 6.0+0.1
Precipitates 78.9+0.1 5.9+04 4.2+0.3 5.1+0.3 5.9+0.1

The SEM image from where ttamalyses in Table 4.25 were taken is shown in Figure 4.53.
The acicular precipitates inside the grains were not easy to observe, but were suspected to be
the dark spots inside the matrix. The dark and light phases were distinct and large enough to

allow for separate analysis. The allotriomorphic precipitates were richer in aluminium, and

|l ower in the other solute elements, and this
the matrix was bTi. The higher maegimgiofftiec at i or
UTi along the grain boundaries.
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Figure 4.53: SEM-SE image ofthe Timetal 125 style alloy after ageing at 500C for 2
hours (micron bar = 50um).

The Timetal 125style alloyattained its highest strength (1285MPa) after ageing &C5f0

60 minutes, while elongation at fracture was at its lowest, at 6.3+0.2%. Hardness of the alloy
was also highest after ageing at this temperature. The microhardness analysis gave an average
value of 497+6HV for the matrix, and 370+9HYV for the precipitates along the grain boundaries.
This was the highest hardness recorded for the matrix. The hardness of the allotriomorphs was
similar to lower temperatures, and lower than the matrix. This wrdisef support that the

Il ighter phase was UTi . At t eYBpdsudted inca gradywa f or
decrease in strength, which was attributed to -ageing. Extended ageing time, as well as

ageing higher than 500, resulted in the coarsegin of t he UTi precipitat

4.8.3 Ageingthe Timetal 125 style alloyat 60C°C
Partial dissolution of the precipitates inside the grains occurred when the alloy was aged at
60C°C, resulting in some grains which did not contain precipitates, as shown in Figure 4.54
The precipitates along the grain boundaries were thinner than after ageingdGt I50@as

suspected the UTi was dissolving into the BT

Many of theb T i gr ai ns b dreepbotall thee graircbioymdatiea stilecontained the

UTi ptraetceispi The dissolution of the -DTi pr
transformation, which was supported by the DTA scan in Figure ERX. analyses of the
allotriomorphic phase showed an even higher aluminium content than &, 5@ this

132



showedal mi ni um was retained in the residual UTi

solute elements partitioned to beta.

Figure 4.54: Optical micrographs the Timetal 125 style alloy after solution treatment at
90C°C, followed by ageing at 608C for 2 hours (micron bar = 100pum).

There was a small increase in the mean grain size when temperature was increased@om 500
to 600C. However, similar to the observations at ®DO0the grain size did not change
significantly with increasing ageing time. Also, the change in grain size betwe&t &A0

600°C was very small. The grain size was 58+2@&fter ageing for 2 hours at 5@@) while it

was 67+24m at 600C for the same period. Therefore, the increase amgize was very
marginal, and this probably showed the phase transformation in this temperature range was
competing with grain growthlThe grain size reached a plateau after ~40 minutes, just like at

the lower ageing temperatures, as shown in Table 4.26.

Table 4.26: Grain size ofthe Timetal 125style alloyafter STA at 900°C and 600C.

Soaking Time (minutes) Grain size
0 40+16
20 55+21
30 59+23
40 62+34
60 65121
120 6624

133



The coarsening of thprecipitates inside the grains for ageing times beyond 40 minutes at
600°C was an indication of ovaxgeing, although most alloys with precipitation hardening
have much finer precipitates than seen here. This was in agreement with the loss in tensile
strength and hardness upon increasing the ageing temperature from 508CtoTd@0tensile
strength fell from its peak of 1285+23MPa at 8D@o 1249+19MPa after ageing at 8GCor

60 minutes, as shown in Figure 4.55. However, compared to all the |lothar ageing
temperatures, the tensile strength was higher. dlbagationat fracture increased from
6.3+0.2% at 50 to 7.6+0.2% after ageing at 6@for 60 minutes.
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Figure 4.55: Variation of ultimate tensile strength of the Timetal 125 style alloy with
ageing temperature after soaking for 60 minutes.

4.8.4 Ageingthe Timetal 125style alloyat 700°C
The average size of the acicular precipitates and the thickness of the preciloitaféiseagrain
boundaries decreased after ageing for’CQ@ven for as short as 20 minutes, as shown in

Figure 4.56, and the grains were mainly equiaxed.

There was no appreciable change in grain size on increasing temperature ftGrro6UI0C,

and eve on increasing the ageing time at ®OThe grain size for samples that were aged for
1 hour was 49+14m, which was actually smaller than 67424 after 2 hours at 60G. There
was a small reduction in the amount of both the acicular and allotriomgopuitates

134



compared to afterageingat86@0. The decrease in the mean gr

nucl eating on the many prior UTI grai ns.

Pt
%
R

Figure 4.56. Optical micrograph of the Timetal 125 style alloy after solution treatment,
followed by ageing at 708C for (a) 20 mins and (b) 60 mins (micron bar =100um).

Tensile test results showed ultimate tensile strength and strain at fracture for alloys aged at
700°C for 60 minutes were 1099+17MPa &hd+0.3% respectively. This was a decrease from

the strength that was recorded at ®)0and an increase in the strain at fracture. Hardness
measurements gave a mean of 445+17HV, which was also lower thari@t 06 softening

of the alloy, as shown lihe decrease in strength and hardness, was further support that it was

overaged.

4.8.5 Ageingthe Timetal 125 style alloyat 80C°C
The optical micrographs after ageing at ®€or 20 and 60 minutes are shown in Figure 4.57.
The microstructure was similar &fter solution treatment at 9D, shown in Figure 4.42.
However, the phase that precipitated along the grain boundaries was still present. The single
phase microstructure supported that the beta transus of the alloy wég ~@tdshowed both

theacicula and grain boundary precipitates were |

Tensile test results showed the ultimate strength was 793+36MPa, while the strain at fracture
was 14.1+0.4%. The values were very similar to when the alloy was solution treated. The
hardness was 389+8HV, whichaw also close to the hardness after solution treatment. The
density of the alloy after ageing at this temperature for 60 minutes was 99.6+0.3%, which was
also similar to the solutietreated state, and significantly higher than at all the other ageing

temperatures.
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(a)

Figure 4.57: Optical micrographs of the Timetal 125 style alloy after ageing at 800C for
(a) 20 minutes and (b) 60 minutes (micron bar = 100um).

4.9 Thermodynamic modelling
The phase assemblage of, as well as the partitioning of the solute elements in, Timetal 125 was
modeled by Thermo Calc. The alloy composition was fixed to that of Timetal 125, while
pressure was invariant at 1 atm. The basis of the modeling was a mathédescription of
the Gibbs energy of all the composition permutations at different temperatures, to establish the
phases which had the elements at their lowest chemical potential. Tempphatsee
proportion (Fx) plots were then intrinsically generafeshd compared with experimental data.
This was important, since the development and interpretation of quinary phase diagrams are
not trivial. Similar to phase diagramsxXIplots are also equilibrium thermodynamic diagrams,

and hence their predictions magt always be the same as experimental observations.

4.9.1 Phase compositions of Timetal 125
The calculated phase composition of Timetal 125 at different temperatures is shown in the
ThermaCalc temperaturphase proportion plot in Figure 4.58. Ttwculation showed four
phases to be thermodynamically stable in Timetal 125, the melting point a®€1540U T i and
bTi, as well as | iquid titaniBadphaseswefertethe al c ul
ordered compounds TiFe, TiMo or TiV (Yang &t 2012), and were also shown to be stable,
but at much lower temperatures and in smaller quantities. At°€5@0e proportios were
calculated to be ~56wt%H Ti , 43wt % UTi, and 1wt % inter met a
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