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ABSTRACT 

The alloy Ti-2.7Al-5.7Fe-6Mo-6V (wt%), commercially known as Timetal 125, is used as a 

high strength fastener in aerostructure assemblies. Very little information is available on its 

properties and processing, and this study investigated its consolidation from low cost elemental 

powders, to achieve the minimum mechanical properties for use as a high strength fastener. 

Reactions during alloying and its beta transus were investigated by differential thermal 

analysis. The Ŭ+ɓ phase region was established to lie between 590oC and 800oC by thermal 

analysis, metallography and XRD. The alloy was consolidated to ~99% theoretical density by 

semi-centrifugal casting, and spark plasma sintering of the blended powders. Various heat 

treatments were undertaken, and the microstructures were evaluated by optical and scanning 

electron microscopy. Tensile properties, hardness and density were measured after each heat 

treatment, to establish the optimal combination of mechanical properties.  

The experimental Timetal 125 style alloy was found to be a metastable beta titanium alloy, 

which could be strengthened by ageing. It had a microstructure consisting of alpha grains with 

fine beta precipitates in the as-cast condition, while the sintered samples had acicular 

precipitates and larger grains, due to the unusually long period that was required to sinter the 

samples. The ultimate tensile strength was >1500MPa, and elongation was ~3% in the as-cast 

condition, thus failing to conform to the Airbus EN6116 standardôs specification for ultimate 

tensile strength and elongation for a high strength fastener in the as-cast or sintered condition. 

After annealing the castings at 900oC for 1 hour, the ultimate tensile strength decreased to 

~760MPa, while elongation increased to ~15%, which still did not conform to the Airbus 

standard, due to the low strength. The alloy was solution-annealed at 900oC, followed by water 

quenching to retain a fully ɓTi microstructure. The minimum properties for the Airbus standard 

were achieved after ageing between 500oC and 590oC for 1 hour, with an ultimate tensile 

strength of ~1285MPa, and elongation of ~6.3%.  

The strengthening depended on the amount and morphology of ŬTi precipitates from ageing. 

The ŬTi/ɓTi ratio increased with increasing temperature and holding time (shown by XRD), 

up to 590oC where the precipitates progressively transformed to ɓTi. Extending isothermal 

holding time coarsened the precipitates, which was deleterious to strength. There was generally 

a positive correlation between mean grain size and temperature or holding time, although 

competing transformations suppressed grain growth, particularly after heat treatment close to 

transformation temperatures. Although grain size had an effect on the strength of the Timetal 
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125 style alloy, the main mechanism was precipitation hardening by the secondary ŬTi. 

Extended ageing resulted in the formation of allotriomorphic alpha titanium, and a 

corresponding decrease in the ultimate tensile strength.  

It was not possible to subject the sintered samples to tensile testing, due to their shape. 

However, the sintered samples were less porous and had higher Vickersô values than the 

castings, suggesting they had similar, if not higher tensile strengths. The acicular precipitates 

in the sintered samples were possibly martensite or omega titanium (ɤTi, Pearson symbol hP3 

and space group P6/mmm) although they were too fine to be detected by X-ray diffraction and 

too fine analyse separately by energy dispersive X-ray spectrometry.   
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1.Chapter 1 INTRODUCTION  

 

Titanium has the highest specific strength of all metals, and has replaced steel in many 

applications where weight savings are critical (Matthew and Donachie, 1988). It has excellent 

corrosion resistance, which makes it the material of choice in marine constructions (Litvin and 

Smith, 1971; Mountford, 2002). Additionally, it is biocompatible and has been increasingly 

used in biomedical engineering (Branemark, 1983). However, production and processing costs 

are much higher than for the other common structural materials, like steel and aluminium 

(Leyens and Peters, 2003). This has resulted in very limited usage, particularly for civilian 

applications.  Significant strides have been made in the past two decades to produce low cost 

titanium stock, particularly powder (Gasbarre and MacGeehan, 2012). This has led to renewed 

research, and wider spread usage of titanium and its alloys. Early research concentrated on 

alpha titanium alloys, mainly because they are cheaper and technically simpler to produce 

(Crossley, 1981).  

However, focus shifted to alpha + beta (Ŭ+ɓ) alloys in the 1950s, since their properties can be 

greatly enhanced by heat treatment, unlike the alpha alloys. The research effort produced the 

alloy Ti-6Al-4V (wt%), also known as ASTM Grade 5 titanium, which is still the most 

produced and used titanium alloy to date (Emsley 2001; Sevan and Vardan, 2006). In the past 

decade, attention has shifted from Ŭ+ɓ alloys to structural components made of beta titanium 

alloys, because these alloys achieve much higher strength than the other two classes. 

Additionally, beta titanium alloys are easier to work than Ŭ or (Ŭ+ɓ) Ti alloys, particularly in 

the solution-treated state, which results in significant cost savings. Palpable effort has been put 

toward understanding the thermomechanical treatments and chemical and mechanical 

properties of this class of titanium alloys, and it has been established they can be significantly 

strengthened by solution-treatment and ageing, without compromising ductility or fracture 

toughness (Duerig and Williams, 1984). 

Numerous beta titanium alloys have been developed and introduced to the market in the past 

two decades (Leyens and Peters, 2003; Seong et al., 2009). Unfortunately, very little is reported 

on their properties or methods of production, at least not in the public domain. Some of the 

alloys are used on critical components of aerostructures, making a good understanding of their 

properties necessary.  
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The novelty of the present work is in the production of an alloy similar to Timetal 125 by spark 

plasma sintering and centrifugal casting of low-cost elemental powders. The use of elemental 

powders is more economical than using a master alloy, since the process of making the master 

alloy is avoided. This was demonstrated in a General Motorôs connection link, weighing 0.32 

kg and costing less than US$3, which is far less than the cost of conventional feedstock for 

melting and forging operations (Moxson, 2013). The feedstock for Timetal 125 fasteners is 

currently about US$200/kg before the necessary machining operations, which is way higher 

than the cost of elemental powders (Moxson, 2013).  

In the present study, the titanium alloy Ti-2.7Al-5.7Fe-6Mo-6V (wt%) was investigated. It is 

a beta titanium alloy commercially known as Timetal 125, and was developed and introduced 

by Timetal Corporation (TIMET) in 1980 (Matthew and Donachie, 1988; Leyens and Peters, 

2003). However, very little is available about the alloy in the public domain, and therefore, 

there is a need to fill the gap through structured research. The only information in the literature 

is that it is a beta titanium alloy used as a high strength fastener on airframes and other critical 

aircraft components (Leyens and Peters, 2003). The purpose of this research was to establish 

if Timetal 125 could be produced from low cost powders by semi-centrifugal casting or spark 

plasma sintering. Additionally, the work sought to investigate thermochemical and 

thermomechanical treatments necessary to achieve the minimum mechanical properties for its 

use as a high strength fastener. An important aspect of the present work was to investigate if 

these mechanical properties could be attained with the alloy consolidated from low cost 

elemental powders, as these are significantly cheaper, due to their coarser sizes than the 

feedstock currently used for the commercial Timetal 125 fasteners.  

The present research succeeded in producing a Timetal 125 style alloy by both casting and 

sintering low cost elemental powders.  The castings were subsequently subjected to various 

heat treatments and mechanical tests, leading to the establishment of an appropriate thermal 

treatment to attain the minimum mechanical properties of high strength fasteners, stipulated in 

the Airbus EN6116 standard (Campbell, 2006). The microstructure after each treatment was 

investigated, and related to the mechanical properties. Due to the shape of the sintered samples 

in the present work, it was not possible to subject them to mechanical testing. In spite of that 

limitation, the results showed spark plasma sintering is a low cost technology that can produce 

Timetal 125 with a similar microstructure and density to the castings.  The chemical reactions 

during the alloying of the powder blends were investigated by differential thermal analysis 

(DTA). It was confirmed that thermal analysis can be successfully used to determine the 
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chemical and physical reactions that occur during the alloying of metallic powders, in addition 

to the reaction temperatures. Such information is critical for alloy design. 

The results from the present research indicate that after an appropriate double heat treatment, 

the Timetal 125 style alloy is suitable for use as a high strength airframe fastener. The findings 

show the Timetal 125 style alloy can be solution-treated between 850oC and 950oC, followed 

by water quenching to retain a fully beta microstructure. Subsequently, it has to be aged 

between 500oC and 600oC for a time proportionate to the size of the castings to achieve strength 

of >1245 MPa and minimum ductility of 6%. The heat treatment is similar to most established 

beta titanium alloys (Sluiter and Turchi, 1991). Finally, it was also established that grain growth 

in the Timetal 125 style alloy did not conform to the common growth models during heat 

treatment, and it was clear that the main strengthening mechanism in the alloy was the 

secondary alpha phase. Strength and hardness had a strong correlation with the (ŬTi)/(ɓTi) 

ratio, which in turn depended on thermal history. However, ductility and fracture toughness 

decreased as the (ŬTi)/(ɓTi) ratio increased. 

A better level of understanding of the thermochemical treatments and mechanical properties of 

Timetal has been developed in the current research.  The mechanical properties of the sintered 

Timetal 125 style alloy still have to be established. More advanced techniques, such high 

temperature X-ray diffraction (HT-XRD) and transmission electron microscopy (TEM) have 

to be employed to gain even better understanding. The chemical reactions and phase 

transformations were determined by relating the DTA scans to established phase diagrams. 

HT-XRD allows direct observations of the phases, and its use in future work is recommended. 

The use of TEM will resolve very small particles, and perhaps shed light on whether there was 

also strengthening by fine precipitates. 

This thesis has six chapters, including this introduction. Chapter 2 reviews the literature on 

titanium and its alloys. It gives an overview of the history of titanium and its major alloys. It 

also presents past and present research efforts on beta alloys, and concludes by reviewing the 

specifications for high strength fasteners for aerostructures. Chapter 3 summarizes the 

methodologies and materials used in the present work. The centrifugal casting and spark 

plasma sintering of the powder blend targeting the Timetal 125 composition are described. The 

chapter also describes the equipment and instruments used for the research. Chapter 4 presents 

the results of the research. The first part gives the thermal analysis results for the elemental and 

blended powders, as well as for the powder with the Timetal 125 target composition. The 
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second section presents the results after annealing the as-cast alloys between 300oC and 900oC, 

focusing mainly on microstructure, grain size and mechanical properties at the different 

annealing temperatures. Part of the chapter gives the microstructures and mechanical properties 

obtained after solution-treatment and ageing. The chapter ends with calculating the equilibrium 

phase compositions of Timetal 125 at different temperatures using Thermo-Calc. Chapter 5 

discusses the results, and relates them to the literature. The first section discusses the DTA 

scans in Chapter 4, and relates them to established binary phase diagrams. The second part 

discusses the microstructures and mechanical properties after annealing, and attempts to relate 

the two. The fourth part of Chapter 5 also discusses microstructures and mechanical properties, 

but after solution-treatment and ageing. This part of the chapter compares the microstructures 

in the as-cast condition and after solution-treatment, and seeks to use these different 

microstructures to explain the differences observed after annealing and after ageing. The 

chapter ends with a discussion on grain growth during annealing and ageing, and attempts to 

explain the growth kinetics using established grain growth models. The effect of grain size on 

strength is also discussed, and compared to the other operative strengthening mechanisms in 

the Timetal 125 style alloy. The thesis ends with the major conclusions from the present work 

and recommendations for future study in Chapter 6. 
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2.Chapter 2 LITERATURE  REVIEW  

2.1 Titanium  

Titanium possesses mechanical and chemical properties superior to those of commonly used 

structural materials, such as steel and aluminium (Greiner and Ellis, 1948). The only reason 

why its use is not widespread is because the extraction costs from its ores are still very high 

(Leyens and Peters, 2003). Titanium is the fourth most abundant structural metal in the earthôs 

crust after aluminium, iron and magnesium (Duwez, 1949). It has the highest strength-to-

weight ratio of any pure metal, shown in Table 2.1 (Matthew and Donachie, 1988). Strength-

to-weight ratio, also known as specific strength, is the stress bearing capacity of a material at 

fracture normalised against its density (Knott, 1973). It is a critical design factor, particularly 

for applications where weight savings are necessary, such as in the aerospace and the naval 

industries. When alloyed, titanium can significantly exceed its elemental specific strength 

(Duwez, 1949). This high specific strength is one of the primary drivers for the use of titanium 

and its alloys in the aerospace and naval industries, motor racing and biomedicine (Boyer et 

al., 1994).  

Table 2.1: Strength-to-weight ratios of common engineering materials (Matthew and Donachie, 

1988). 

Material  Ultimate 

Strength (MPa) 

Density  

(kg.m-3) 

Specific Strength  

(kN.m.kg-1) 

Aluminium 600 2.80 214 

Carbon fibre 4300 1.75 2457 

Concrete 10 2.30 4 

Copper 220 8.92 25 

Nickel-based super alloy steels 2000 7.86 254 

Titanium 1300 4.51 288 

 

High strength low alloy (HSLA) steels were developed by the need to reduce the weight 

associated with steel for demanding applications (Kim, 1983). While they have significantly 

higher strength than titanium, their weight required to achieve the desired strength can exceed 

that allowable for the intended application. High strength low alloy steels have seen an increase 

in popularity in the past few decades, but they still do not come close to the strength of titanium 

and its alloys when compared weight for weight. 
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Titanium and its alloys made their debut as critical engineering materials in the 1950s in 

response to the growing aviation industry. They are widely used as artillery, due to their low 

weight and high strength, as well as their ability to withstand moderately high temperatures, 

i.e. 300-600oC (Arnold, 1959). From the 1970s, the cost of primary titanium, as well as its cost 

of processing has been decreasing, resulting in wider applications. Titanium and its alloys are 

now also used in the medical field as structural prosthetic materials due to their light weight, 

excellent corrosion resistance, and low modulus of rigidity, biocompatibility and hypoallergic 

properties (Branemark, 1983). The other industry that is becoming a major user of titanium is 

the automotive sector. It is reported that titanium increases engine horsepower and torque, 

while greatly reducing noise and vibrations (Froes and Faller, 2001). As a lighter material, it 

improves the fuel economy of automobiles and aids the mitigation of greenhouse emissions. In 

high end vehicles, titanium is used for engine valves, connecting rods and suspension springs. 

For example, the 2013 Range Rover boasts a weight reduction of 13% compared to its 

predecessor, partly because of the use of titanium on some of the major components 

(Vijayaram, 2013).  

The second main reason why titanium is finding increasing favour as the structural material of 

choice is its excellent corrosion resistance (Chernova et al., 1961; Mountford, 2002). Unlike 

ferrous materials, titanium forms a tenacious micro-oxide layer on its surface in oxidising 

environments, thereby inhibiting further oxidation (Chernova et al., 1961). The oxide layer has 

the advantage of forming without tarnishing the metal. Titanium, in its elemental form, resists 

attack by all acids, except boiling hydrofluoric acid, and it is resistant to corrosion in saline 

water (Litvin and Smith, 1971). It is for this reason that titanium is used in the oil industry as 

a piping material and on the hulls of ships (Litv in and Smith, 1971). In 2010, the US Office of 

Naval Research awarded a three year US$4.8m grant to the University of New Orleans to 

advance research in titanium ship building. The focus of the group was on investigating the 

manufacturability and welding properties of titanium with the aim of building a full mid-ship 

section out of joined titanium (Skolnick and Wilson, 2012). In other aquatic uses, titanium is 

used for housing of ocean surveillance devices for scientific and military purposes, and in 

submarines (Huber and Goode, 1965). 

In a critical review of the applications of titanium (Emsley, 2001), it was stated that about two 

thirds of all titanium produced is used in aerospace engines and frames. The extensive use of 

titanium in the aerospace industry was further corroborated by Sevan and Vardan (2006), with 

approximately 59 metric tonnes used on the Boeing 777, and 45t in the Boeing 747, 12t in the 
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Airbus A330 and 32t in Airbus A340. The first use of titanium in an aircraft was in the 

Lockheed SR-71 Blackbird spy plane in the 1960s, in which 85% of the structure was made 

out of the metal (Merlin, 2009). Due to the exceptional corrosion resistance of titanium, the 

longevity of the structures in which it is used and reduced operational downtime usually justify 

its use, in spite of its high cost. In the long term, using the metal becomes more economic, 

particularly for capital intensive constructions such as aircraft and ships (Boyer et al., 1994). 

Titanium is a group 4, block d, transition metal with the electron configuration 1s22s22p63s23p6 

3d24s2, and atomic weight of 47.867g.mol-1 (Greiner and Ellis, 1948). It has a density of 4.506 

g.cm-3 which is about half that of stainless steel and about twice that of aluminium, yet the 

metal is almost as strong as the common types of austenitic stainless steels,  and about twice 

as strong as aluminium (Duwez, 1949). Like iron, titanium exhibits polymorphism (McQuillan, 

1949). Titanium crystallises from its melt at 1668oC in the body centred cubic (bcc) form 

known as beta titanium. This crystal structure persists down to approximately 882oC, below 

which the metal transforms into a hexagonal close-packed (hcp) crystal structure known as 

alpha titanium (McQuillan, 1949). Therefore, alpha titanium is the lower temperature phase of 

the metal, while beta is the more stable phase at higher temperatures. Some elements, such as 

oxygen, nitrogen and hydrogen, are small enough to fit into the interstices of the hexagonal 

close-packed structure of titanium to form interstitial alloys (Wells, 1962). When they do so, 

they make the alpha structure stable and more difficult to transform to the higher temperature 

beta phase. They thus stabilise the alpha phase to higher temperatures and for that reason, such 

elements are known as alpha-stabilisers. There are also non-interstitial elements such as 

aluminium, tin and zirconium with the same effect (Peart and Tomlin, 1962). On the other 

hand, there are elements that interact with beta titanium to make it stable at lower temperatures. 

Such elements are known as beta-stabilisers, and include molybdenum and vanadium (Elliot, 

1962).  

Except for applications where its high corrosion resistance is the required property, titanium is 

rarely used as a pure metal. For most applications, it is alloyed with a number of other metals 

and non-metals to achieve higher levels of strength and in some cases to achieve both extra 

strength and higher corrosion resistance (Litvin and Smith, 1971). When the alloying additions 

are alpha-stabilisers, the corresponding alloy is referred to as an alpha titanium alloy, while if 

beta-stabilising, the alloy is termed a beta alloy. A further distinction is made on beta alloys 

depending on the effectiveness of the beta-stabilising addition. A titanium alloy is beta if only 

the beta phase is retained at room temperature after water-quenching (McQuillan, 1949).  
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In some cases, the amount of the beta-stabilisers is inadequate to fully retain the metal as beta 

when cooled to room temperature (Elliot, 1962). When both and beta- and alpha-stabilizing 

elements are present in the alloy to retain both alpha and beta at room temperature, it is termed 

an alpha-beta alloy (Hansen et al., 1951; Elliot, 1962).  

2.2 Alpha Titanium Alloys  

Alpha titanium alloys are those in which titanium exists with a hexagonal close-packed (hcp) 

crystal structure (McQuillan, 1949; Hansen et al., 1951). The microstructures of alpha titanium 

alloys vary greatly depending on chemical composition and thermomechanical treatments. A 

common microstructure for alpha alloys is the Widmanstätten microstructure, also known as a 

ñbasket weaveò microstructure, which is obtained when alpha titanium alloys are quenched 

from the beta phase field, shown in Figure 2.1 (a). Figure 2.1(b) is the microstructure of an 

alpha alloy Ti-5Al-2.5Sn, obtained after furnace cooling from the beta phase (Semiatin et al., 

2004). 

 

Figure 2.1: (a) Widmanstätten microstructure typical of quenched alpha titanium alloys and (b) 

microstructure of furnace-cooled Ti-5Al-2.5Sn, with an equiaxed Ŭ matrix grains and globular 

inclusions due to 0.3 wt% Fe impurity (Semiatin et al., 2004). 

 

Alpha titanium alloys are a result of alpha-stabilising alloying additions, such as aluminium 

and oxygen. On heating, alpha-stabilising elements delay the transformation of hcp ŬTi to bcc 

ɓTi. As a result, the hcp phase field is widened at the expense of the beta field. A schematic 

binary phase diagram of titanium and an alpha-stabilising element is shown in Figure 2.2(a).  

Equiaxed h Ti grains

Globular inclusions

Thi

(a) (b)
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Figure 2.2: Effect of (a) an alpha stabiliser, and (b) a beta-stabiliser on the alpha-beta 

transformation temperature of titanium (after Biswas, 1973).  

 

On the other hand, beta-stabilising additions stabilise the beta phase by shifting the alpha/beta 

transformation temperature (beta transus) to lower temperatures as shown in Figure 2.2 (b). 

The driving force for the alpha to beta transformation is believed (Chureemart and Pinsook, 

2006) to be an increase in the anharmonic vibrational entropy of the hcp phase above 882oC. 

Chureemart and Pinsook (2006) carried out ab inito calculations to determine the variation of 

the Hemholtz free energy of the two phases, based on their internal energies (U) and entropies 

(S), and deconvoluted the entropy function into its harmonic and anharmonic components. 

They found that the internal energies and the vibration entropies of the two phases were almost 

the same for the considered temperatures, as shown in Figure 2.3 (Chureemart and Pinsook, 

2006). 

 

Figure 2.3: (a) Calculated potential energy of the hcp structure and the bcc structure phases as a 

function of temperature and (b) calculated values of the total vibrational entropy of the hcp Ti, 

the shaded circles represent bcc and the open ones represent hcp structure (Chureemart and 

Pinsook, 2006). 
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The internal (potential) energy of the hcp phase was calculated to be lower than that of the bcc 

structure for all temperatures, while the total vibrational entropy of the structures was 

calculated to be almost equal (Chureemart and Pinsook, 2006). This would suggest that the hcp 

structure is more stable at all temperatures, although experimental results show a transition at 

882oC. Their molecular modelling work showed that by deconvoluting the vibrational entropy 

into its harmonic and anharmonic components, the anharmonic entropy of the bcc phase 

dramatically increased at about the same temperature as the beta transus. In comparing the 

relative stability of the phases, the relative Helmholtz free energies (F) of the two structures 

were considered, as shown in Equation 2.1 and modelled in Figure 2.4.  

                      ἐ ἐἪἫἫἐἰἫἸ ἣἪἫἫἣἰἫἸ ἢἡἪἫἫἡἰἫἸ                       Equation 2.1 

 

Figure 2.4: (a) Anharmonic contribution of the hcp and the bcc structures, and (b) the differences 

of the components of F composed of the energy difference and the entropy difference, where the 

point of intersection denotes the transition temperature (Chureemart and Pinsook, 2006). 

 

Therefore, the anharmonic vibrational entropy appears to be the driving force for the phase 

transition. Alpha- and beta-stabilizers are elements that alter this energy relationship. When 

titanium or titanium alloys are melted, for example during casting, it is the higher temperature 

beta phase that nucleates from the liquid first and persists down to the beta transus (McQuillan, 

1949). Below this temperature, the first alpha starts to nucleate. Since the beta phase nucleates 

from the melt, it requires some degree of undercooling, as there are very few nucleation sites 

in the liquid. Therefore, the nucleation of the alpha phase is expected to have a lower activation 

energy, since prior beta grains provide nucleation sites, making the process heterogeneous 

(Hansen et al., 1951; Greenfield and Pierce, 1973). 

(a) (b)  
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The two crystal structures exhibit different properties, and advantage is taken of this to engineer 

alloys with unique properties, depending on the desired application. In some cases, a 

combination of the two crystal structures may be desirable, such as in the most common 

titanium alloy, Ti-6Al-4V (wt%), which is also known as ASTM Grade 5 titanium or Ti-6Al-

4V (Sridhar et al., 1987). Alpha titanium alloys generally exhibit the highest corrosion 

resistance of the alloys of titanium. They also possess good notch toughness and are easily 

workable due to their generally good ductility (Duwez, 1949). However, alpha titanium alloys 

are not heat-treatable, meaning their strengths cannot be increased by heat treatment 

(Greenfield and Pierce, 1973). As a result, the alloys possess low to medium strength, and this 

limits their uses. Their high corrosion resistance, coupled with good weldability makes them 

the ideal materials of construction for chemical reactors and low to medium temperature heat 

exchangers (Chernova, 1961).  

The most common alpha alloying element is aluminium. As a result, the alpha-stabilising 

capacity of alloying elements of titanium is reported as the aluminium equivalence, [Al] eq. The 

higher its magnitude, the higher the alloying element(s) will shift the alpha/beta transformation 

temperature from 882oC. The aluminium equivalence is calculated from a consideration of the 

stabilising capacities of several alpha-stabilisers as given by Equation 2.2, with all the elements 

expressed in weight percent (Donachie, 2000).  

          ἋἴἭἹ Ἃἴ  Ⱦ  ἡἶ  Ⱦ  ἨἺ   Ἓ  Ἅ  Ἒ                Equation 2.2 

There are a number of variations of this expression, but in all cases, they yield similar values 

with deviations of about 5%. Fanning (2000) calculated the aluminium equivalence of titanium 

alloys using Equation 2.3. 

                                                 ἋἴἭἹ Ἃἴ  Ἓ                                                Equation 2.3 

2.3 Alpha-Beta Titanium Alloys 

The second class of titanium alloys are the alpha-beta alloys. They are so named because they 

contain both alpha (hcp) and beta (bcc) titanium crystal structures at room temperature. Alpha-

beta titanium alloys have a bimodal equilibrium microstructure, where one phase is alpha 

titanium and the other is beta. Examples of microstructures of alpha-beta titanium alloys are 

shown in Figure 2.5 (Salem et al., 2014). 
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Figure 2.5: Typical microstructures of alpha-beta titanium alloys, (a) fully lamellar 

microstructure (b) equiaxed microstructure, and (c) bimodal microstructure, showing lamellar 

ŬTi and equiaxed ɓTi (2) (Salem et al., 2014).  

 

The properties of alpha-beta titanium alloys are a weighted average of those of pure alpha and 

pure beta alloys, depending on the relative volume fractions of the two phases in the alloy 

(Williams et al., 1963; Duerig and Williams, 1984). Alpha-beta alloys are usually produced by 

adding both alpha- and beta-stabilising alloying elements to titanium. Grade 5 titanium is found 

in this class, and it is a duplex alloy comprising aluminium-stabilised alpha titanium and 

vanadium-stabilised beta. Ti-6Al-4V makes up about 50% of all titanium alloys produced 

globally and 80% of all the titanium used in aerospace (Crossley, 1981). The advantage of this 

group of titanium alloys is that they are heat treatable and, so their mechanical properties can 

be altered significantly (Greenfield and Pierce, 1973). Thus, they possess medium to high 

strength compared to the alpha alloys, and their applications are much wider than those of alpha 

alloys. Alpha-beta titanium alloys are weldable and, although less ductile than their alpha 

counterparts, they still possess good hot working properties (Fujii, 1998). The main weakness 

of the alloys in this group relative to alpha titanium alloys is their much lower creep resistance 

and higher weight due to the generally heavier beta alloy additions (McQuillan, 1949).  

2.4  Beta Titanium Alloys 

When enough beta-stabilisers are added to titanium to allow for retention of only the beta phase 

upon water quenching from the beta phase field to room temperature, the alloy becomes known 

as a beta titanium alloy (Hansen et al., 1951). In a similar way to the aluminium equivalence 

for alpha alloys, molybdenum equivalence, [Mo] eq, is defined for the beta-stabilisation ability 

of elements as shown in Equation 2.4 (Zwicker, 1980).  

Thi

T̡i

T̡i

Thi
T̡i Thi
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                      ἙἷἭἹ Ἑἷ Ȣ ἤ Ȣ ἨἺ Ȣ ἍἺ Ȣ ἐἭ                Equation 2.4 

It is generally agreed that only titanium alloys with a [Mo]eq greater than 10 can be successfully 

water-quenched from the beta phase to obtain a full beta structure at room temperature (Guo et 

al., 2005). The reason for quenching beta titanium alloys from the beta phase field to room 

temperature is to deny them the minimum time required to transform through diffusion. The 

resultant non-equilibrium cooling then proceeds by other mechanisms, with very limited 

diffusion.  In extreme cases, the transformations will occur without diffusion at all, and will 

form martensite (Hammond and Kelly, 1968). The resultant structure of the alloy normally 

becomes strained because phases may contain solutes in excess of their solubility limits. The 

supersaturated systems will thus have a driving force to eject such solutes, resulting in the 

precipitation of secondary phases. The function of beta-stabilisers is to suppress the martensite 

start temperature, Ms/M f, so that on quenching, only the beta phase can be retained (Hammond 

and Kelly, 1968).   

The microstructures of beta titanium alloys vary greatly depending on chemical composition 

and thermomechanical processing. The mechanical properties of the alloys also vary widely 

depending on the alloysô microstructures. Figure 2.6 shows the microstructures of a heavily 

stabilised (probably more so than Timetal 125, so could behave differently) beta titanium alloy 

Ti-35Nb-7Zr-5Ta, also known as TNZT, in the solution-treated condition and after solution-

treatment and ageing (Taddei et al., 2007).       

                       

 

Figure 2.6: Microstructure of TNZT after (a) solution treatment, showing a single homogeneous 

beta phase with all solutes in solution, and (b) solution treatment and ageing, showing 

intragranular alpha precipitates in a beta matrix, and grain boundaries (Taddei et al., 2007). 

 

(a) (b)

Intragranular h Ti

Grain boundary

T̡i
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Timetal 125, on the other hand, is not a heavily stabilized beta titanium alloy, so a fairer 

comparison would be with metastable beta titanium alloys. Both beta and metastable beta 

titanium alloys are alloys that can be water-quenched from the beta phase to retain a fully beta 

microstructure at room temperature. Both ɓTi and metastable ɓTi alloys are water quenched 

from the ɓTi phase to retain a fully ɓTi microstructure at room temperature. The beta alloys 

have no to tendency to form ŬTi once quenched, whereas metastable beta alloys can form ŬTi 

even at moderately low temperatures. Metastable beta titanium can significantly age-harden 

compared the heavily stabilised ɓTi (Guo et al., 2009). A metastable beta titanium that is 

currently a subject of intense research is Ti-10V-2Fe-3Al (Ti-10-2-3) (Bohanek, 1973; Messler, 

2007). Its beta transus is 805oC and it is solution treated at temperatures 50-90oC above this 

temperature. Terlinde et al. (1980) reported that after solution treatment, the alloy is fully beta 

and comprises almost equiaxed grains. When the alloy is aged (at temperatures lower than the 

beta transus) between 200oC and 500oC, primary alpha precipitates from the metastable beta 

phase but this may be preceded by the formation of omega titanium at temperatures between 

200oC and 450oC (Terlinde et al., 1980). The omega phase transformed to alpha precipitates 

after long holding periods at these temperatures. It was also observed that the volume fraction 

of the primary alpha precipitates decreased with increasing ageing temperature, reaching 0% 

at the 805oC, the beta transus. The most used metastable beta titanium alloy is Ti-5Al-5Mo-

5V-3Cr (wt%), also known as the Ti-5-5-5-3 or Ti-5553 (Campanelli, 2016). As a similar alloy, 

Timetal 125 is expected to exhibit similar properties and to have a similar microstructure and 

heat treatment response.  

2.5  Diffusion of Alloying Elements in Titanium 

When an alloy is quenched, all equilibrium processes, such as diffusion, are retarded due to 

kinetic limitations. Diffusion is the major mechanism for equilibrium transformations, and is 

dependent on the diffusivities of the atoms in the host material and time, according to Fickôs 

second law as shown in Equation 2.5. 

                                                       
Ἅ

Ἴ
Ἆ

ὀ

Ἅ

ὀ
                                                   Equation 2.5 

The diffusion coefficient depends strongly on temperature according to the Arrhenius equation 

as in Equation 2.6 (Arrhenius, 1889).  
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                                                         Ἆἢ Ἆἷ Ἥ
Ἕ

ἠἢ
                                                          Equation 2.6 

The logarithmic form of Equation 2.6 is shown in Equation 2.7, and has been used extensively 

to evaluate the diffusivities of alloying elements in titanium, as well as the diffusivities of self-

diffusion of titanium in alpha and beta titanium as a function of temperature. 

                                                         ἴἶἎἢ ἴἶἎ
Ἕ

ἠ
Ȣ
ἢ
                                       Equation 2.7 

Elliot (1962) determined the diffusivities of oxygen, aluminium, vanadium and molybdenum 

in alpha and beta titanium using an electron microprobe. The results are shown in Table 2.2, 

together with diffusivities for self-diffusion of titanium, determined with a titanium isotope 

generated from the bombardment of scandium with protons. Invariably, diffusivities of both 

interstitial and substitutional atoms were higher in beta titanium than in alpha titanium. This 

was attributed to the more open bcc structure compared to the close-packed hcp structure in 

alpha titanium (Elliot, 1962). 

  Table 2.2: Diffusivities of different elements in alpha and beta titanium (Elliot, 1962). 
 

Diffusivity (cm 2.s-1) 

Element ŬTi ɓTi 

Titanium ÌÎ$ ςρȢπψ υȢχππȾ24 ÌÎ$ ψȢτπ ςψȢφππȾ24 

Vanadium ÌÎ$ σρȢσω σȢρππȾ24 ÌÎ$ τȢτπ τρȢτππȾ24 

Molybdenum ÌÎ$ ρχȢρω ςψȢτππȾ24 ÌÎ$ ωȢππ σσȢρππȾ24 

Aluminium ÌÎ$ ρρȢπτ ςσȢχππȾ24 ÌÎ$ ρρȢρρ ςρȢωππȾ24 

Oxygen ÌÎ$ υȢςψ σσȢυππȾ24 ÌÎ$ ρπȢσυ φψȢχππȾ24 

2.6  Processing of Titanium and Titanium Alloys 

The majority of titanium stock is produced as sponge from the Kroll process. The sponge is 

normally compacted into small briquettes using hydraulic presses, as shown in Figure 2.7 

(Kroll, 1940). Alloying additions in the form of metal powders or master alloys may be added 

to the sponge at this stage. The briquettes are vacuum welded into electrodes for further 

processing. The electrodes are melted more than once under vacuum to de-gas, as well as to 

distillate any excess magnesium from the extraction process.   
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Figure 2.7: Conventional processing of titanium sponge to ingot (Kroll, 1940). 

 

Once the ingot has been formed, it can be processed by conventional methods, such as rolling, 

extrusion, casting and forging. Casting has the advantage that it can incorporate up to 25% (by 

weight) titanium scrap from other operations, thereby reducing wastage and cost (Leyens and 

Peters, 2003). Increasingly, methods that convert the sponge, or powder, directly to final shape 

have become available, even at a commercial scale (Leyens and Peters, 2003). Conventional 

sintering, spark plasma sintering (SPS) and hot isostatic pressing have become commonplace 

technologies for processing low cost titanium and titanium alloy powders, mainly because of 

their less wasteful nature than machining operations. Generally, as a result of the high cost of 

titanium and its associated alloys, near net shaping (NNS) is invariably targeted (Hurtung et 

al., 1982). Machining operations are kept to a minimum and are normally limited to finishing 

near net formed components. 

2.7  Casting Technologies for Titanium and Titanium Alloys 

Due to the high cost of extraction and post-processing of titanium, near net shape (NNS) 

processing of the metal and its alloys is the generally preferred method to conventional 

machining (Hurtung et al., 1982). Aerospace structural components weighing over 130kg can 

be successfully produced by precision investment casting (Donachie, 2000). On the other hand, 

machining of titanium is generally wasteful, and therefore expensive, and is also fraught with 

a number of technical problems (Siekmann, 1955; Donachie, 2000; Marusich, 2005). As an 

example, due to the low thermal conductivity of titanium, dissipation of heat from the work 

piece during machining is poor, and this usually results in burning of the work piece and rapid 

degradation of the expensive tooling (Marusich, 2005). However, casting is generally much 
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cheaper and technically easier. Additionally, casting of titanium allows for the production of 

intricate profiles and very large pieces, which are otherwise not practically possible with 

machining.  

On average, machining costs constitute approximately 60% of the total fabrication cost of a 

modern aeroplane, while the use of precision casting reduces this cost to just about 5%, as 

illustrated in Figure 2.8 (Donachie, 2000). The other major advantage of casting is its ability 

to use scrap as part of the charge, as this further improves the economics of the process 

compared wrought operations. Typically, 25% of mass of the charge during vacuum arc 

remelting or the casting of the final titanium ingots is titanium scrap from other ñwastefulò 

operations, such as machining (Arnold, 1959; Leyens, 2003).  

 

Figure 2.8: Cost comparison for a titanium alloy design machined from blocks, forgings and 

precision investment casts (Donachie, 2000). 

 

There are three commonly used casting technologies for titanium: conventional casting, 

precision investment casting and vacuum die casting. Regardless of the casting method, an 

inert atmosphere has to be provided, either by an inert gas or vacuum (Arnold, 1959).  

2.7.1 Centrifugal Casting of Titanium and Titanium Alloys  

Semi-centrifugal induction casting involves the induction heating of a material and then 

centrifuging the molten metal into a mould. Induction heating is electromagnetic and generally 

rapid. A major advantage of the process is that the molten bath is stirred by the electromagnetic 

field, thereby promoting homogenization (Brown et al., 1947). In addition to the rapid even 
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heating and bath stirring associated with induction heating, a very important aspect is that it is 

a non-contact method. The heating is therefore clean and best suited for sensitive materials, 

such as titanium and its alloys. In most laboratory castings of titanium, copper is used as the 

mould. Copper does not react with molten titanium, and due to its very high thermal 

conductivity, the melt cools quickly, minimizing impurity segregation in the final casting. 

However, the quenching in the copper moulds causes brittleness in the as-cast condition. 

Therefore, the castings generally require some heat treatments for stress relief, and in many 

cases, they disintegrate on extruding from the moulds. The high thermal conductivity of the 

copper moulds makes it difficult to control the solidification rate of the melt (Birmingham et 

al., 2000). Thermal conductivities of common engineering materials are shown in Table 2.3. 

Table 2.3: Thermal conductivity of selected metals at 25oC and atmospheric pressure 

(Birmingham et al., 2000). 

Metal Thermal Conductivity (W.m -1.K -1) 

Aluminium 237.0 

Copper 408.0 

Titanium 21.9 

Gold 317.0 

Nickel 90.7 

 

Birmingham et al. (2000) reported cooling rates in excess of 150oC.s-1 during the first 1-2 

seconds of solidification for a number of titanium alloys, decreasing to about 30oC.s-1 during 

the ɓ/Ŭ transition. These fast cooling rates had a very strong effect on the as-cast 

microstructures, and the microstructures were generally dendritic. This was attributed to 

significant undercooling of the melts due to rapid conduction of heat from the melt by the 

copper moulds (Kattamis and Flemings, 1966). As a result, dendritic beta titanium nucleated, 

and thereafter various alpha morphologies nucleated on the prior-ɓ grains. 

2.8 Sintering of Titanium and Titanium Alloys  

Sintering is a thermally activated process in which powders or porous materials transform to 

compact structures, and become more thermodynamically stable through the minimization of 

surface energy. Frenkel (1945) and Pines (1946) described sintering as a thermal treatment for 

bonding of particles via mass transport that often occurs at an atomic scale, leading to improved 

strength and a lower energy of the system.  
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Surfaces have high energy due to incomplete coordination, compared to atoms in the bulk of 

the material. This is illustrated in the 2D lattice of atoms shown in Figure 2.9 (Adam and 

Kensington, 1941), which shows a coordination of six for inner (bulk) atoms, and only three 

or two for surface atoms. The lack of complete coordination for surface atoms results in them 

failing to achieve equilibrium rest positions, because they are pulled more inward by the bulk 

atoms. As a consequence, such atoms have excess energy and will tend to minimise it by 

making the affected surface area a minimum (Adam and Kensington, 1941).  

 

 

Figure 2.9: Diagram of a 2D lattice showing lower coordination for surface atoms (Adam and 

Kensington, 1941). 

 

With respect to titanium and its alloys (and many other materials), advantage is taken of the 

excess energy of free surfaces to consolidate them during sintering. This is particularly 

effective when the starting material is powder, sponge or is porous (Adam and Kensington, 

1941). The driving force for sintering is therefore the minimization of surface energy through 

the reduction of free surfaces and the formation of bulk structures with very limited surface 

areas (Frenkel, 1945; Pines, 1946). The major process events that take place during sintering 

of a powder or a porous material into a consolidated mass are shown in Figure 2.10 (German, 

1996). Here, originally small particles, with large surface areas, and hence high surface energy, 

coalesce into a larger mass by contact, resulting in a much lower surface energy per unit 

volume.  

Atom bonded to 6 neighbors

Atom bonded to 5 neighbors

Atom bonded to 4 neighbors

Atom bonded to 2 neighbors
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Figure 2.10: Major stages of sintering showing reduction in free surfaces and contact formation 

(German, 1996). 

 

The major theories on sintering were developed by Frenkel in 1945 and Pines in 1946, and are 

generally in agreement that four mass transport events are responsible for the densification of 

materials during sintering: surface diffusion, grain boundary diffusion, lattice diffusion and 

simple evaporation (Frenkel, 1945; Pines, 1946).  

There are a number of technical problems associated with sintering powders, including titanium 

and its alloys. For example, Gasik and co-researchers (2009) studied the sintering behaviour of 

the alloy Ti-33Al-33V (wt%) using dilatometry and differential scanning calorimetry (DSC). 

They showed that during sintering, often new phases formed, which resulted in volume 

changes, stress and misfits. Some phases underwent thermal expansion, further complicating 

the process. It was concluded that the success of sintering titanium alloy powders depended on 

appropriate heating rates and final sintering temperature, and very minimally on green density 

variations. They calculated the activation energy for sintering the alloy to be approximately 

296 kJ.mol-1. 

2.9 Spark Plasma Sintering of Titanium Alloys 

Spark plasma sintering (SPS), also known as the fast assisted sintering technique (FAST) and 

pulse electric current sintering (PECS), is a relatively new metal and ceramic forming 

technique used in the powder metallurgy industry (Gasik et al., 2009; Gasbarre and 

MacGeehan, 2012). It uses high intensity direct current pulses to raise the materialôs 

temperature by the Joule effect. Unlike conventional hot pressing, spark plasma sintering relies 

on internal heating. Pulsed direct current (DC) is passed through a graphite crucible, or through 

the powder compact if the material is conductive (Tokita, 2006). Internal generation of heat 

produces rapid heating and cooling, which makes the process much faster than conventional 

sintering. Due to the rapid nature of the process, grain coarsening is normally avoided during 
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sintering (Tokita, 2006; Munir and Tamburini, 2006). The technique is still based on the theory 

of sintering developed by Frenkel and Pines, except that the method of heat generation is 

different, and that the technique also incorporates the simultaneous application of pressure to 

ensure maximum density of the sintered parts (Munir and Tamburini, 2006). As with all 

sintering techniques, external pressure assists by providing stress on the material. Normally, 

large pores resist sintering, and the application of pressure collapses them, resulting in the 

material attaining full density at lower temperatures (German, 1996). A spark plasma sintering 

machine is shown in Figure 2.11.  

 

Figure 2.11: Basic Configuration of an SPS machine (Tokita, 2006). 

 

Xiao et al. (2009) claimed that the technique compacted powders satisfactorily. They studied 

the spark plasma sintering response of a Ti-47Al alloy, and reported an average theoretical 

density of 99.9±0.1%. They also showed that the heating profile, pressure, soaking time, and 

heating and cooling rates played crucial roles in developing the microstructure, and hence 

mechanical properties of the sintered parts. When heating rates and pressure were kept 

constant, the sintering temperature was critical for closure of pores and attainment of full 

density, as shown in Figure 2.12 (Xiao et al., 2009). 
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 (a)  (b)  

Figure 2.12: SEM micrographs of Ti-47Al after spark plasma sintering at 50MPa at a heating 

rate of 50oC.min-1 at (a) 400oC and (b) 900oC (Xiao et al., 2009). 

 

Weston et al. (2015) investigated the sinterability of commercial alpha and beta titanium by 

spark plasma sintering. They concluded that the process was insensitive to feedstock size and 

morphology, although very coarse particles were difficult to sinter. It was also demonstrated 

that the maximum sintering temperature and pressure were the main parameters that 

determined the densification and the sintered microstructure (Weston et al., 2015). Sintering of 

beta titanium alloys requires relatively shorter periods than Ŭ or (Ŭ+ɓ) Ti alloys, and this has 

been attributed to more open bcc structure, which allows for better diffusion (Liu et al., 2006). 

Young and Qian (2015) reported that spark plasma sintering of T-6Al-4V (wt%), an (ŬTi+ɓTi) 

alloy, resulted in mechanical properties very close to those of the cast alloy. They found that 

solute homogenisation was faster in the spark plasma sintered than hot isostatically pressed 

alloys, and identified this as the main advantage of spark plasma sintering over hot isostatic 

pressing, since  achieving solute homogenisation in titanium alloys containing slow diffusers 

is one of the processôs key requirements. 

2.10 Machining of Titanium and Titanium Alloys  

Titanium and its alloys can be machined into different shapes using conventional machining 

methods. While machining is less favoured than near-net shaping operations such as casting 

and sintering, it is almost inevitable, since even near-net components require some finishing 

through machining. Compared to mild steels, machining of titanium is more difficult because 

of the metalôs low thermal conductivity, which makes dissipation of heat from the work piece 

problematic (Siekmann, 1955). The heat generated in the areas experiencing the cut causes 
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hardening of the surface, resulting in poor geometric accuracies and severe reduction in fatigue 

strength (Siekmann, 1955). Thus, it is essential to be generous with coolants when machining 

titanium or its alloys, if oxidation (ñburningò) is to be avoided. Due to the reactivity and high 

affinity of titanium for oxygen, nitrogen and hydrogen at high temperature, the choice of 

coolant is critical.  The RMI Titanium Company (2000) recommends the conditions required 

to successfully machine the metal and its alloys. Apart from having sufficient coolant to cater 

for the low thermal conductivity of the titanium alloy, sharp tooling should be used to avoid 

heat build-up and galling (loss of material due to sticking of the surface of the work piece to 

the cutting tool). Due the reactivity of titanium at high temperatures, not all coolants can be 

used, and it is generally agreed that water-based coolants are best for its machining (Turkovish, 

1982; Marusich, 2005). Chlorine and sodium ions have been associated with stress-corrosion 

cracking of titanium, and so these two ions cannot form part of the coolant during machining 

(Marusich, 2005).  

The second problem associated with the machining of titanium and its alloys is that they have 

a strong alloying tendency with the chemical components of most cutting tools at tool operating 

temperatures (Turkovish, 1982). Consequently, the titanium work piece tends to periodically 

weld to the tool, resulting in galling, smearing and rapid destruction of the tool. Additionally, 

titanium has a relatively low Youngôs modulus and hence suffers from pronounced spring-back 

during machining (Lamaire and Backofen, 1971). Thin parts tend to deflect under tool pressure, 

resulting in tolerance problems. When machining titanium, it is thus critical to ensure the 

rigidity of the entire machining set-up and to make use of sharp tools.  

As with many machining operations, the temperature at the tool tip during machining is directly 

proportional to the cutting speed. The CIMCOOL report (2007) states that an increase in cutting 

speed from 20 to 150 surface feet per minute (sfpm) increased the tool tip temperature from 

425 to 925oC. Marusich (2005) simulated the temperature profile on a Ti-6Al-4V work piece 

and a WC/Co cutting tool using AdvantEdge software and the results are shown in Figure 2.13. 

The feed rate (fr) was 0.2mm.min-1 and the cutting speed (fc) was 115m.min-1. At such a high 

cutting rate, it was demonstrated that the temperature at the tool tip and contact with the work 

piece could easily reach 1100oC. 
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Figure 2.13: Third wave AdvantEdge simulation of temperature at tool tip-work piece contact 

during machining of Ti-6Al-4V at a feed rate 0.2mm.min-1 and cutting rate of 115m.min-1 using a 

WC/Co cutting tool (Marusich, 2005). 

 

Therefore, it is important to employ low cutting speeds when machining titanium. Finally, it is 

recommended to use high feed rates (Siekmann, 1955; Hurtung et al., 1982). Most titanium 

machining operations employ high speed steel tools because of their lower cost and higher 

flexibility than cemented carbides, although increasing operations are opting for cemented 

carbides due to their lower cost per cut. The technology of high speed cutting tools continues 

to develop, and the current inclination is towards using cubic boron nitride (CBN) and 

polycrystalline diamond (PCD) cutting tools for machining titanium (Davim, 2008). Their 

main advantages are extreme hardness, toughness and wear resistance, in addition to chemical 

inertness at the high temperatures associated with machining titanium or its alloys (Siekmann, 

1955; Machado and Wallbank, 1990; Ezugwu, 2005). Cubic boron nitride has a hardness in 

excess of 4500 HV, which is only second to PCD (9000 HV), and this significantly exceeds 

the hardness of molybdenum (M-series steels) or tungsten-based high speed cutting steels (T-

series) (Ezugwu, 2005). On the downside, extreme hardness has a deleterious effect on the 

fracture toughness of the tool. Thus, extremely hard tools like CBN and PCD are very fragile, 

making their use difficult and expensive (Whitney, 1994; Davim, 2008). However, as the 

demands of the titanium machining industry increase, a corresponding effort on improving the 

tooling capabilities through improvement of existing tools and introduction of new materials 

is to be expected.  
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2.11 Heat Treatment and Grain Growth in Titanium Alloys  

Normally, once shaped, the components are heat treated to obtain the best microstructure for 

further forming operations or service. For beta titanium alloys, a solutionizing heat treatment 

is normally preferred, as it produces a microstructure in which all solute components are 

dissolved in the main phase (Hansen et al., 1951). Solution treatment is normally done about 

50oC above the beta transus to ensure that the alloy is completely beta. With sufficient beta-

stabilisers, the beta phase can be retained upon water quenching. In the solution-treated state, 

all solutes are dissolved in the matrix, and the beta phase will be saturated and metastable 

(Hansen et al., 1951).  In this state, the alloy is normally ductile and malleable, allowing for 

relatively large reductions in area without significant strain hardening or fracture. This is 

attributed to the bcc structure having more slip planes than hcp (Moskalenko et al., 1973). Thin 

sheet and strip are therefore very common with beta titanium alloys. Thereafter, homogenizing, 

stress relieving and subsequent strengthening and stabilising by ageing heat treatments may be 

done on the final component (Greenfield and Pierce, 1973).  

In all hot working processes with titanium and its alloys, an inert atmosphere is required to 

shield the components from oxidation and nitridation by air. Normally, alpha-beta and beta 

titanium have to be aged in order to stabilise their microstructures, and hence properties, before 

use. This is because most of them are metastable as a result of the quenching that they undergo 

in order to retain the beta phase (Greenfield and Pierce, 1973). Once cold, some beta normally 

transforms into the more thermodynamically stable alpha phase through natural ageing. This 

inevitably results in a change of the properties, and even dimensions, of the alloy over time. To 

remedy this, alpha-beta and beta titanium alloys are artificially aged until they acquire their 

equilibrium states by allowing the (ɓTi) to (ŬTi) transformation to occur at a temperature higher 

than ambient temperature for faster kinetics. After artificial ageing, the alloys are generally 

deemed to be stable. Most beta titanium alloys are used in the solution-treated and aged (STA) 

condition, and the processing technology used is strongly determined by economic 

considerations.  

As mentioned previously, the majority of metals and alloys rarely achieve their desired 

mechanical properties without undergoing an appropriate heat treatment. Generally, once the 

final consolidated part has been shaped, the next step is to heat the component to produce a 

microstructure which gives the desired mechanical properties. Heat treatment generally entails 

both heating and cooling (Bain and Griffiths, 1927). The need for heating is to trigger thermally 
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activated processes, such as diffusion of solutes and grain growth. Diffusion tends to 

homogenise the system, eliminate solute concentration gradients and therefore minimise 

energy. On the other hand, grain growth minimises surface energy through the formation of 

larger grains and hence fewer grain boundaries (Beck, 1956). The process of thermally 

activating diffusion and grain growth is carefully controlled to result in a microstructure which 

gives the desired mechanical properties. While in many cases, equilibrium microstructures can 

be achieved at room temperature through natural ageing, elevated temperature aids in providing 

for better process kinetics, giving shorter processing time. Diffusion and grain growth are 

governed by temperature and time. Ideally, when grains grow without hindrance, the grain 

diameter, d, can be calculated if the initial grain size, do, is known, according to Equations 2.8 

and 2.9 (Beck, 1956).  

                                                   Ἤ Ἤἷ ἳἼ                                                        Equation 2.8 

                                                   ἳ ἳἷ Ἥ
ἝἯ

ἠἢ                                                          Equation 2.9 

For the ideal case, grain growth would obey these equations, but in real systems it is governed 

by some boundary conditions, and the grains cannot grow indefinitely as suggested by Equation 

2.8. When Equation 2.8 is differentiated with respect to time to establish its critical points, and 

hence the maximum grain size, d, Equation 2.10 is produced. It is evident that such a maximum 

would only exist at some infinitely large t, although this is not observed. 

                                                         
ἬἬ

ἬἼ

ἳ

Ἤἷ ἳἼ

                                                   Equation 2.10 

This is because the driving force for grain growth decreases with time, since the surface area 

of the grain boundaries per unit volume decreases as the grains grow (Doherty, 2005). In 

situations where a second phase is present, particularly rigid intermetallic compounds, grain 

growth is hindered by grain boundary (Zener) pinning by the secondary phase (Zener, 1948), 

and grain growth then ceases to obey Equation 2.8. Beck (1956) modelled grain growth in Ti-

6Al-4V and showed that grain size depended on the initial grain size of the alloy according to 

Equation 2.11.                                                    

                                                           Ἤ Ἤἷ ἳἼἶ                                                   Equation 2.11 

where  d = grain size at any time (t) 

           do = initial grain size 
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            t = heat treatment time. 

The constants, k and n, are dependent on the material, composition and heat treatment 

temperature, but are independent of grain size. The parameter, n, is known as the growth order 

of the material. For normal grain growth, where grains grow homogeneously, n is ~0.5, and 

Equation 2.11 becomes the same as Equation 2.8 (Beck, 1956; Rodriguez et al., 1995). In 

abnormal grain growth, where subsets of the grains tend to grow preferentially, n is normally 

smaller. However, in all cases grain growth is a diffusion process, and is a thermally activated 

event. Beck (1956) showed that the constant k was a rate constant which obeyed the Arrhenius 

equation shown in Equation 2.12 (Arrhenius, 1889).  

                                                 ἳ ἳἷ Ἥ
ἝἯ

ἠἢ                                                           Equation 2.12 

where ko = pre-exponential factor for the system 

           Qg = the activation energy for grain growth 

            R = the universal gas constant 

            T= absolute temperature. 

For titanium alloys, the heat treatment required depends strongly on the composition and the 

desired properties. For (ɓTi) alloys, part of the heat treatment involves quenching the alloy 

from the beta phase field to retain the (ɓTi) at room temperature (Silcock, 1955; Rodriguez et 

al., 1995). The retained (ɓTi) will be unstable at room temperature, but the presence of 

stabilizing elements, such as molybdenum and vanadium, assist in providing stability 

(Williams et al., 1971).  

2.12 Mechanical Properties of Titanium and Titanium Alloys 

The most sought-after mechanical properties of titanium and its alloys are high strength, low 

weight and good fatigue and corrosion resistance (Chernova, 1961). The mechanical properties 

of titanium alloys vary greatly, depending on chemical composition and microstructure. Table 

2.4 shows important mechanical properties of a number of titanium alloys which are 

commercially available (Davis, 1997). 

 

 

Table 2.4: Mechanical Properties of Common Titanium Alloys (Davis, 1997). 
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Alloy Type UTS (MPa) ůy (MPa) ắ (%) 

Grade 1 Ŭ 240 172 24 

Grade 4 Ŭ 552 483 15 

Grade 5 (Ti-6Al-4V) Ŭ + ɓ 896 827 10 

Ti-10V-2Fe-3Al 

Grade unassigned 

ɓ 1193 1103 4 

Grade 18 (Ti-3Al-2.5V) Ŭ + ɓ 620 483 15 

Grade 6 (Ti-5Al-2.5Sn) Ŭ 827 793 10 

Beta C (Ti-3Al-8V-6Cr-4Mo-4Zr) 

Grade 19 

ɓ 1172 1138 6 

 

Alloying greatly increases the strength of titanium, although at the expense of ductility. Grade 

1 titanium can be cold rolled at room temperature to above 90% reduction in area, without 

significant cracking. Taplin et al. (1979) attributed this extensive deformation, not to be 

expected in hcp structures due to limited slip planes, to the unusually low c/a ratio of alpha 

titanium, which results in more operative slip systems and twinning planes. From Table 2.4, it 

is noted that oxygen has a dramatic effect on the strength and ductility of titanium. The strength 

more than doubles, while ductility decreases by about 40% from Grade 1 to Grade 4, due to 

the oxygen. The only difference between Grade 1 and Grade 4 titanium is the amount of 

interstitial elements, particularly oxygen, otherwise Grades 1, 2, 3 and 4 titanium are the 

commercially pure forms of the metal (Matthew and Donachie, 1988). The maximum 

allowable oxygen content for Grade 1 is 0.18 wt%, while that for Grade 4 is 0.40 wt%, and this 

small change gives large differences in the mechanical properties of the metal. Biswas (1973) 

attributed the increase in strength of alpha-titanium to interstitial elements increasing the 

stacking fault probability of the hcp structure.  A major problem with titanium alloys is that the 

formation of titanium dioxide is very energetically favourable, with the consequence that all 

grades of titanium have some oxygen even after thorough efforts to exclude the element during 

extraction and processing. A major consequence of oxygen in titanium alloys is reduced heat 

treatment responsiveness, compromised ductility and low fracture toughness (Biswas, 1973).  

2.13 Fracture Toughness, Creep and Fatigue Resistance of 

Titanium and Titanium Alloys  

Fracture toughness is defined as the ability of a material to absorb energy during plastic 

deformation without rupture (Knott, 1973), and can be approximated by integrating the area 

under a stress-strain curve (Hull, 1995), although there are many more methods of measuring 

it. Generally, titanium and its alloys rank highly in fracture toughness, fatigue and creep 

resistance (Es-Souni, 2001). The fracture toughness of titanium is higher than most common 
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engineering metals and alloys, and all known engineering ceramics (Davidge, 1979).  Walcher 

et al. (1979) showed that the fracture toughness of titanium and its alloys was strongly affected 

by chemical composition, microstructure, presence and quantity of interstitial elements, and 

temperature. Goijaerts et al. (2001) reported that extra low interstitial (ELI) titanium alloys, 

with maximum allowable tolerances of 0.13 wt% O, 0.05 wt% N and 0.08 wt% C, exhibited 

the highest fatigue resistance. Horiya and Kishi (1994) demonstrated that in alpha and alpha-

beta titanium alloys, acicular microstructures had the highest fracture toughness, because a 

threadlike structure resisted crack propagation. They showed that ɓTi alloys generally had 

higher fracture toughness than alpha and alpha-beta alloys when their 0.2% proof stress was 

around 1000MPa, but a lower toughness when their proof stress was above 1500MPa. The 

reason for this could be that as the strength of the beta alloys increases, the decrease in ductility 

is much more pronounced. With such high strength values, ɓTi alloys have low ductilities 

which compromise their ability to absorb energy on impact. Almost invariably, the fracture 

toughness of titanium alloys, regardless of their type, increases with temperature (Peart and 

Tomlin, 1962). This is because materials lose strength but gain ductility with increasing 

temperature, which can be explained at the atomic level using the atomic theory (Pauling, 1932; 

Cottrell, 1958).  

Srivastava et al. (2004) studied the tensile properties of Ti-Nb-Zr alloys. Figure 2.14 shows the 

stress-strain curves of Ti-Nb-Zr alloys with varying amounts of the alloying elements, and 

demonstrates the complexity of alloying content on the mechanical properties of titanium 

alloys (Srivastava et al., 2004). 

For the alloys with 13 wt% Zr, increasing the amount of niobium from 8 to 13 wt% increased 

their tensile strength. However, the strength decreased when the amount of niobium was 

increased to 18 wt%. There was a clear improvement in ductility with increasing niobium, 

which was attributed to an increase in the volume fraction of the ductile ɓTi, since niobium is 

a beta-stabiliser (Srivastava et al., 2004). 
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Figure 2.14: Superposed stress-strain curves of variants of the Ti-Nb-Zr alloy (Srivastava et al., 

2004). 

 

The effect of zirconium was not clear, but it is known that zirconium reduces the volume 

fraction, upper temperature limit of formation and the stability of the omega phase. The omega 

phase is a metastable phase, which has been associated with brittleness in (ɓTi) alloys 

(Williams et al., 1971). Zirconium appeared to have a smaller effect on the strength than 

niobium. This could be attributed to Zr being alpha- and beta-isomorphous with titanium due 

to the two metalsô similar structure, size and valence (Hume-Rothery et al., 1935), so zirconium 

cannot markedly strengthen titanium by precipitation hardening, unlike niobium. 

The very low strength for the alloy with 41.1 Nb and 7.1 Zr (wt%) could be attributed to the 

alloy not being necessarily a titanium alloy since the alloying elementsô content was almost 50 

wt%. In such a case, the properties of the alloy cannot be dominated by titanium, but should be 

between the properties of the components, particularly Nb in this case.  

2.14 Alloying elements  

Of all titanium alloys, beta alloys exhibit the highest strength and lowest ductility, particularly 

after ageing (Moskalenko et. al, 1970). Except for aluminium, all the other common non-

interstitial alloying elements are heavier than titanium. In particular, molybdenum is a much 

heavier element than titanium, with a density of 10.28 g.cm-3 compared to 4.51 g.cm-3 for 

titanium. Molybdenum additions generally increase specific strength (Hoch and Viswanathan, 

1973). While the high density of molybdenum inevitably increases the densities of the titanium 

alloys to which it is added, its beneficial effects, such as high corrosion resistance and extreme 
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stability at high temperature, offset the increase in density (Stephens and Witzke, 1972). Better 

still, in most titanium alloys, molybdenum is used in very small quantities relative to the base 

metal, 8 wt% being the highest Mo content in known commercial titanium alloys currently 

available. The increase in the density of the alloy is therefore usually very small and, in many 

cases, the density increase is strongly countered by the density decrease from the lighter 

elements, such as aluminium, which are normally used in titanium alloys.  

Alloying elements interact with titanium in various ways, depending on their crystal structure, 

valence, electronegativity and size. Small atoms, such as oxygen, hydrogen, nitrogen and 

carbon, fit into the interstices of the titanium lattice to form interstitial alloys, and are all alpha-

stabilisers (Ageev and Petrova, 1970). All the metals that are commonly used to alloy titanium 

form substitutional alloys. Transition metals generally tend to be beta-stabilisers, while non-

transition metals stabilise the alpha phase. Ageev and Petrova (1970) postulated that the beta-

stabilization by transition elements could be justified in terms of the screening model. They 

argued that the high conduction-electron concentration of transition metals, which enhances 

screening of ion cores, may favour a symmetrical, and hence, cubic structure. They also showed 

that the beta-stabilization action of transition metals was greater the further away the transition 

element was from titanium on the periodic table. In general, transition metals lower the ɓ-

transus temperature and cause stabilization of ɓTi at lower temperatures. These ɓ-stabilizing 

elements are mainly classified into isomorphous or eutectoid-forming systems. Ti-V and Ti-

Mo are beta-isomorphous systems and form solid solutions at most temperatures, while Fe, Cr 

and Mn are eutectoid-forming elements, which result in the decomposition of ɓTi to ŬTi and 

an intermetallic compound (Silcock et al., 1955; Collings, 1984).  

The general behaviour of ɓTi has been studied in great detail for many years. Silcock et al. 

(1955) showed that ɓTi alloys formed martensite or athermal omega (ɤ) titanium, instead of 

the beta phase when quenched, depending on their composition. They found that the beta phase 

lost stability, and could separate into ɓ and ɓᾳ phases, both with a bcc structure, upon slow 

cooling. The ɓ phase contained more solute elements than ɓᾳ (Silcock et al., 1955). They also 

reported that when many beta titanium alloys were re-heated to temperatures below 500° C, 

they initially became hard and brittle. This was attributed to the precipitation of a metastable 

nano-sized phase, omega titanium. The alloys subsequently soften when the omega phase 

decomposes at higher temperatures, or after extended heat-treatment. The instability of the beta 

phase was corroborated by Rhodes and Williams (1975), who studied the ageing behaviour of 

metastable ɓ(Ti, Mo) alloys. They showed that, in addition to athermal decomposition, the beta 
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phase could also decompose isothermally to give two types of alpha titanium. Type 1 alpha 

obeyed the Burgers relationship (110)ɓ//(0001)Ŭ, [111]ɓ//[1120]Ŭ with respect to the parent beta 

phase, while Type 2 did not (Rhodes and Williams, 1975). They showed that Type 1 alpha 

formed during ageing between 450 and 600oC, but was replaced by Type 2 upon extended 

ageing.  

2.14.1 Thermodynamics, Phase Diagrams and Design of Titanium Alloys 

Simple binary and ternary alloys can be described using phase (constitution) diagrams. These 

are thermodynamic diagrams that show the most stable phases as a function of alloy 

composition and temperature. The principle behind the diagrams is that phases with the lowest 

Gibbs energy in a system are the most stable, and that all phases in equilibrium have the same 

chemical potential (van Laar, 1908; Hildebrand, 1929). 

Titanium alloys have been studied for many years, and many phase diagrams are available for 

simple two- and three-component titanium systems. For multicomponent alloy systems with 

more than three components, although representation on phase diagrams is possible, the 

interpretation of these phase diagrams is more difficult. For such alloys, a different 

representation is normally used, e.g. phase proportion diagrams.  

2.14.2 Equilibrium Phases 

Equilibrium phase transformations are reconstructive, and involve diffusion of atoms, atomic 

jumps, breaking and re-establishment of chemical bonds. Therefore, they require time to occur, 

as well as high enough temperature to surmount the energy barrier for diffusion (Bain and 

Griffiths, 1927). The transformations continue until the components in all the phases reach the 

same chemical potential.  

In titanium alloys, only two equilibrium phases, Ŭ and ɓ, are known to exist, in addition to 

intermetallic compounds for eutectoid-forming elements (Duwez, 1949). Since no alloying 

element can suppress the beta transus to below room temperature, it is not possible to retain 

the beta phase by equilibrium cooling. To retain the beta phase at room temperature, it is 

therefore necessary to quench, in order to deny equilibrium transformation the requisite time 

to occur (Bain and Griffiths, 1927). Griener and Ellis (1948) found that ŬTialloys could not be 

strengthened by heat treatment. It was later realised that it was not possible to retain (ɓTi) on 

quenching the alloys (Williams et al., 1971). Quenching (ŬTi) alloys resulted in the formation 

of martensite or the omega phase, which transformed to (ŬTi) or (ɓTi) respectively on heat 

treatment (Roy, 1973).  
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2.14.3 Non-Equilibrium Phases 

In cases where insufficient time is allowed for transformation, non-equilibrium phases are 

highly likely to form. Since phase diagrams represent equilibrium states, non-equilibrium 

phases do not usually appear (Bain and Griffiths, 1927). Non-equilibrium phases are regarded 

as intermediate or metastable phases, since the system will still tend to equilibrium. They form 

without diffusion, and hence do not require thermal activation (Bain and Griffiths, 1927; 

Bullens, 1938). The formation of non-equilibrium phases cannot be suppressed by quenching, 

since the process normally occurs at the speed of sound (Bullens, 1938). The process is 

displacive, and occurs by short range rearrangement of atoms, e.g. by shuffling of planes. 

There are three non-equilibrium phases that have been observed in titanium alloys                  

(Williams et al., 1971; Roy, 1973; Collings, 1984). They all result from quenching the alloys 

from the beta phase, and their formation depends on cooling rates and composition of the alloy. 

The phases are the omega phase (ɤ) and two types of martensite (Ŭᾳ and Ŭᾳᾳ). The Ŭᾳ phase has 

a hexagonal close-packed structure, just like alpha titanium. The Ŭᾳᾳ is a variant of the Ŭᾳ phase, 

and is orthorhombic (Roy, 1973).  

The ɤ phase forms when the amount of beta alloying additions is just enough to prevent the 

formation of martensite, but insufficient to stabilise the beta phase. It has a hexagonal close-

packed crystal structure, and precipitates as very fine particles, ~5nm. As a result, the 

precipitates cannot be resolved under an optical microscope, although they can be viewed using 

a high resolution transmission electron microscope (HRTEM) (Williams et al. 1971; Collings, 

1984). Williams et al. (1971) noticed that some (ɓTi) alloys became unexpectedly brittle during 

the early stages of ageing, and further investigation attributed this to the presence of the ɤ 

phase.  

Collings (1984) also showed that the stability of the beta phase depended on the electron to 

atom ratio (e/a), which should be higher than ~4.5. It was also shown that the martensite and 

ɤ phases had very similar internal energies, and substantial differences only occurred in a very 

narrow compositional range. The martensite start (Ms) and omega start (ɤs) temperatures 

generally overlap, as shown in Figure 2.15 (Collings, 1984). 
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Figure 2.15: Schematic diagram showing Ms and ɤs loci for a binary Ti -X system, where X is a 

beta stabilizing element, on rapid quenching from the beta phase filed, region I corresponds to Ŭȭ 

formation, II to Ŭȭ+ɤ, III to ɤ + ɓ, and IV to metastable or stable ɓ (after Collings, 1984). 

 

Williams et al. (1971) discovered that in the presence of beta-stabilisers, alpha-stabilisers (such 

as aluminium and oxygen) tended to suppress ɤ formation, and favoured the formation of (ɓTi). 

It is partly for this reason that many (ɓTi) alloys have some alpha-stabilisers, especially 

aluminium (Collings, 1984). 

2.14.4 Effect of Aluminium on Titanium  

For two reasons, a discussion of titanium can never be complete without mention of the Ti-Al 

phase diagram. First, aluminium is the most widely used alloying element of titanium, and 

second, the history of the Ti-Al system from the 1950s to date has been controversial but 

interesting.  

Aluminium, as a non-transition metal, has no d-electrons and hence cannot increase the electron 

density of titanium. Ageev and Petrova (1970) showed that this was the case with all non-

transition metals, because very few electrons appeared at the Fermi level, and most were in 

states within the lower part of the band. Titanium d-electrons tend not to interact with such 

atoms, which thus have the effect of diluting the titanium sub-lattice. The result is to emphasize 

any pre-existing Ti-Ti bond directionality, and thus preserve the hcp structure. Ageev and 

Petrova (1970) showed that continued addition of non-transition metals to titanium eventually 

destabilised the alpha structure through the formation of intermetallic compounds, which were 

also hexagonal.  

Apart from aluminium acting as an alpha-stabiliser in titanium, more has been reported about 

its effects on the metal. Batalu et al. (2006) claimed that aluminium is the most important 
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alloying element of titanium, as is carbon to steel. Attempts to derive the Ti-Al phase began as 

early as 1907, through the work of Manchot and Richter (1907). During this time, the interest 

was in aluminium alloys more than titanium. As such, studies of the Ti-Al phase diagram were 

limited to the aluminium-rich end of the system (Chin and Biederman, 1992). Hansen et al. 

(1936) also worked on the system, but they too were limited to the aluminium-rich end. 

However, in the early 1950s, because a commercial method of producing titanium was now 

available, focus shifted toward establishing the entire phase diagram. The earliest attempt to 

derive the full phase diagram was by Duwez (1951), although Ogden (1951) was the first to 

officially publish one. The system has been a subject of study since, and a number of variants 

of the phase diagram are currently available (Chin and Biederman, 1992). The early work was 

based on metallographical examination, as other techniques had not yet been developed. 

However, the accuracy of the results later became questionable as more accurate analytical 

techniques became available (Murray, 1988). Another problem encountered by the first 

researchers the lack of high vacuum technologies at the time. In the 1950s, the vacuum system 

was no better than 10-4 torr, and this was not enough to exclude oxygen from the alloys 

(Murray, 1981; Chin and Biederman, 1992). Since oxygen stabilises the alpha phase, the results 

by Duwez (1951) and Ogden (1951) were skewed toward a larger alpha phase field.  

The diagram by Ogden (1951) was experimentally derived up to only 1100oC, beyond which 

was extrapolation. The diagram, shown in Figure 2.11, was disputed because of lack of 

experimental data above 1100oC and was totally dismissed after realising that it showed the 

melting point of pure titanium to be 1690oC instead of the accepted value 1670oC (Mishurda 

and Perepezko, 1991).   

Bumps (1952) produced the full Ti-Al phase diagram by experimentation up to 1400oC. The 

work relied on heat treating Ti-Al alloys, followed by quenching and analysis of the samples 

by optical microscopy. The diagram, shown in Figure 2.17, showed that the alpha phase field 

terminated at 1240oC. This dismissed the extrapolation of Ogden (1951) which showed a 

peritectic reaction, shown in Equation 2.13, at 1480oC. 

 

                                      Ἐ ἢἱP ἢἱ                                                         Equation 2.13 
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Figure 2.16: Ti -Al phase diagram (Ogden et al., 1951). 

 

The phase diagram by Bumps (1952) gained more acceptance than that by Ogden (1951), but 

it too was put under scrutiny after concerns about the purity of the materials, as well as the 

integrity of the experimental procedure. It emerged that Bumps soaked the samples for only 10 

minutes to equilibrate, before water quenching. The period was deemed too short and, as a 

result, the diagram was also rejected (Blackburn, 1970). However, there were areas where the 

two diagrams were in agreement. They both showed extensive solubility of aluminium in (ŬTi) 

but very limited solubility in (ɓTi). There was also agreement on the phase boundaries of the 

beta phase, as well as the presence of the TiAl phase, which they named ɔ. 

Much more work was reported between 1955 and 1970, but there was always controversy on 

the phases present, and the associated phase boundaries (Mishurda and Perepezko, 1991). 

Kubaschewski and Von Goldberg (1983) attributed this lack of agreement to the purity of the 

materials used by the earlier researchers, while Mishurda and Perepezko (1991) argued that it 

was also due to misinterpretation of the microstructures. The earlier researchers reported a 

striated microstructure, which they associated with the presence of two phases. This was 

resolved by Blackburn (1970), who postulated that the striations were due to hydride during 

etching, and this was accepted after no striations were observed at temperatures where two 

phases were expected, using a hot stage microscope (Mishurda and Perepezko, 1991). 
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Figure 2.17: Ti -Al phase diagram (After Bumps et al., 1952). 

Another problem identified by Kubaschewski and Von Goldberg (1983) was the exceedingly 

long period required for annealing titanium alloys below 900oC (the Tammann temperature) 

(Kubaschewski and Von Goldberg, 1983). This put all the data obtained metallographically for 

temperatures lower than 900oC into question.  

The advent of high temperature XRD and transmission electron microscopy has led to better 

understanding of the Ti-Al system, as well as the discovery of new phases. From the very first 

work (Ogden, 1951; Bumps, 1952; Blackburn, 1970) there has not been much controversy 

about the beta phase and, as a result, attention has mainly been on the alpha and TiAl (gamma) 

phases. Lately, work using very different techniques has mainly complemented each other, and 

is in agreement that there is a high temperature phase field between the ɓ and ɔ phase fields. 

The techniques that have been employed to date range from traditional optical microscopy, 

measurement of lattice parameters by XRD, TEM, in situ HTXRD, electrical resistivity, DTA, 

hardness to ductility measurements. All the methods generally agreed with the early work of 

Ogden (1951) and Bumps (1952) on parts of the diagram, including the very low solubility of 
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titanium in aluminium, but more importantly they have managed to refine the diagrams by 

incorporating new phases and establishing the currently accepted phase boundaries.  

Further refinements in the compositional range 0 to 30 wt% aluminium were made by Shull et 

al. (1985), where they discovered a congruent point for the Ŭ to Ŭ2 reaction, which was later 

confirmed by Sircar et al. (1986). The diagram by Shull et al. (1985) for the low temperature 

Ti-rich end, shown in Figure 2.18, is the currently accepted version.  

 

Figure 2.18: Currently accepted low temperature Ti-rich end of the Ti-Al system (after Shull et 

al., 1985). 

 

In the 1970s and early 1980s, some attention shifted to calculating the phase diagram, but many 

extrapolations still relied on the earlier results of Duwez, Ogden and Bumps (Murray, 1988). 

The first calculated Ti-Al phase diagram was presented by Kaufman (1978), based on the 

available thermochemical data. The phase diagram showed a eutectic at 1525oC and peritectoid 

at 1150oC, shown in Equations 2.13 and 2.14 (Kaufman, 1978). 

                                                  ἘP ἢἱἢἱἋἴ                                               Equation 2.14 

                                               ἢἱ P ἢἱ                                            Equation 2.15 

The Ti3Al and TiAl phases, also known as Ŭ2 and ɔ respectively, had been first identified by 

Sagel (1956), and confirmed experimentally by Ence and Margolin (1961). The Ŭ2 is an 

ordered DO19 structure with the composition Ti3Al, while the ɔ phase is an L10 fcc structure 

with homogeneity ranging from 32.4 to 54.5 wt% Al.  The Ŭ2/(Ŭ2 + ɔ) and the (Ŭ2 + ɔ)/ɔ phase 
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boundaries were first reported from the magnetic susceptibility measurements by Collings 

(1979). Murray (1988) assessed the experimental data available in the early 1980s, and 

presented the Ti-Al phase diagram which became the most widely accepted throughout the 

1990s. The phase diagram is shown in Figure 2.19, and it showed a peritectic at 1500oC, a 

peritectoid at 1285oC and a eutectoid at 1125oC, as shown in Equations 2.16, 2.17 and 2.18 

respectively. The diagram differed from that of Kaufman (1979), particularly on the presence 

of the eutectic reaction.  

                                        Ἐ ἢἱP ἢἱἋἴ                                                         Equation 2.16 

                                       ἢἱἢἱἋἴP ἢἱ                                                  Equation 2.17 

                                      ἢἱP ἢἱἋἴ ἢἱἋἴ                                                  Equation 2.18 

The phase diagram had to be revised after studies by McCullough et al. (1988) and Oliver and 

Kad (1991) showed that there was a stable (Ŭ + L) phase field, as well as a second peritectic 

reaction, shown in Equation 2.19 (Chin and Biederman, 1992).  

                                        Ἐ ἢἱ P  ἢἱἋἴ                                                       Equation 2.19 

With more experimental data, Chang et al. (1991) recalculated the phase diagram, and 

confirmed the presence of the second peritectic reaction in addition to that in Murrayôs diagram 

(Chin and Biederman, 1992). To date, both phase diagrams are used, although there is still 

controversy on whether the Ti-Al system has one or two peritectic reactions. A review of the 

two phase diagrams by Chin and Biederman (1992) concluded that Changôs phase diagram 

(1991) was more consistent with experimental data, and should supersede that by Murray 

(1988).  

Braun and Ellner (2001) reviewed the Ti-Al system in the composition range 40 to 70 wt% Al 

using XRD, optical microscopy, SEM, DTA and electron probe microanalysis (EPMA), and 

they produced the diagram shown in Figure 2.20. They reported the presence of a high 

temperature phase TixAl 1-x, which exists as a single phase at 1300oC in alloys of 47 to 50 wt% 

Al, and eutectoidally decomposes at 1170oC, as shown in Equation 2.20. 

                                      ἢἱὀἋἴὀᴾ  ἢἱἋἴἢἱἋἴ                                             Equation 2.20  
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Figure 2.19: Ti -Al binary phase diagram (Murray, 1988). 

 

They also included the phase Ti3Al 5, and argued that it was a low temperature phase formed 

peritectoidally from TiAl and TiAl2 at 810oC, as shown in Equation 2.21 (Braun and Ellner, 

2001). The Ti3Al 5 phase had been reported earlier by Loiseau and Vannuffel (1988), but does 

not feature on any of the earlier phase diagrams, including that by Murray (1988). The diagram 

by Braun and Ellner (2001) divided TiAl3 into high and low temperature phases (TiAl3(h) and 

TiAl 3(l)), a distinction not made in earlier diagrams. Both phases were reported to be body 

centred tetragonal, but with different numbers of atoms per unit cell: 8 atoms per unit cell and 

Pearson symbol tI8 for the high temperature phase, and for the low temperature phase: 32 atoms 

per unit cell, and Pearson symbol tI32. The polymorphic phase transformation was said to occur 

between 950 and 735oC, depending on the composition of the phases. Braun and Ellner (2001) 

reported that the compositions of the two phases did not differ, and that no distinction could be 

made using optical or scanning microscopy. They based their argument on DTA measurements. 

Unlike the phase diagram by Murray (1988), the diagram by Braun and Ellner (2001) did not 

show TiAl3 as a line compound 

                                   ἢἱἋἴἢἱἋἴP ἢἱἋἴ                                                    Equation 2.21 
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Figure 2.20:  Ti -Al phase diagram for the 40-70 wt% Al composition range (Braun and Ellner, 

2001). 

 

Batalu et al. (2006) recently reviewed the two phase diagrams by Murray (1988) and Chang 

(1991), and they concluded that the most controversial area was between 40 and 65 wt% Al, 

and 900 to 1450oC. They performed thermodynamic and crystallographic analyses of Ti-Al 

alloys, and evaluated the intermediate phases. Their calculated binary phase diagram is shown 

in Figure 2.21, which has a number of differences from the diagram by Murray (1988). The 

diagram was quite similar to the one proposed by Murray (1988) but some important 

differences were notable. 

The phase diagram by Batalu et al. (2006) had a high temperature phase field Ti5Al11, similar 

to Braun and Ellner (2001), but did not make a distinction between the high and temperature 

TiAl 3 phases reported by Braun and Ellner (2001). Additionally, the TiAl3 intermetallic 

compound was presented with a variable composition in the diagram Batalu et al. (2006), 

compared to the diagram by Murray (1988). 
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Figure 2.21: Calculated Ti-Al binary phase diagram (Batalu et al., 2006). 

 

In agreement with the observations of McCullough et al. (1988), Batalu et al. (2006) showed 

an Ŭ + L field and a second peritectic. Batalu et al. (2006) concluded that their Ti-Al phase 

diagram had the following characteristics: 

¶ total mutual solubility in the liquid state, 

¶ partial mutual solubility in the solid state, 

¶ three intermetallic compounds with incongruent melting, formed by peritectic 

transformations (TiAl, Ti 5Al 11 and Ti Al3), 

¶ one intermetallic compound formed by peritectoid transformation (Ti Al2), 

¶ one transformation formed by order-disorder transformation, 

¶ Five peritectic reactions, shown in Table 2.5. 

 

 

 

 

 

м 

м 
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 Table 2.5:  Transformations in the Ti-Al binary system (after Batalu et al., 2006). 

Reaction Type Temperature (oC) Al composition (wt%) 
L + (ɓTi) ź (ŬTi) peritectic 1503 32.40 

L + (ŬTi) ź TiAl  peritectic 1443 40.00 

L + Ti5Al 11 ź Ti Al 3  peritectic 1395 69.75 

(ŬTi) ź Ti3Al  + TiAl  

 

eutectoid 1111 27.60 

TiAl+ Ti 5Al 11ź Ti Al2 peritectoid 1175 54.15 

Ti5Al 11  ź Ti Al 2 + Ti Al 3 eutectoid 990 62.15 

ŬTi ź ɓTi allotropic 882 0.00 

L + TiAl ź Ti5Al 11 peritectic 665 99.13 

L + TiAl 3 ź ( Al )  peritectic 665 99.53 

Al  ź L melting 660 100.00 

 

The currently accepted Ti-Al binary phase diagram is by Witusiewiscz et al. (2007), shown in 

Figure 2.22, which was developed by considering all the previous experimental data, and 

modelling the Gibbs energies of all the components of the system. Like Braun and Ellner 

(2001), there was a distinction between the high and low temperature TiAl3 phase, which they 

named Ů(h) and Ů(l), respectively, (Witusiewiscz et al., 2007).  

 

 

Figure 2.22: Ti -Al phase diagram (Witusiewiscz et al., 2007). 
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Additionally, the (ɓTi) phase field was split to include the ordered the bcc_A2 ordered beta 

solid solution, ɓo. Similar to Murray (1988), the phase diagram had a peritectic reaction at 

665oC, Equation 2.22 (Witusiewiscz et al., 2007). 

                                                          Ἐ ἴᴾ Ἃἴ                                              Equation 2.22 

The phase diagram also agreed with Bumps et al. (1952), Braun and Ellner (2001) and Batalu 

(2006) regarding the eutectoid reaction at 809oC, shown in Equation 2.23 (Witusiewiscz et al., 

2007).   

                                                   ἢἱP ἢἱἋἴἢἱἋἴ                                       Equation 2.23                                           

Clearly there is still need for consensus on the Ti-Al binary phase diagram, and this can only 

be achieved by researchers continuing to investigate the system using different methods and 

techniques until there is convergence. Since aluminium features in a great number of titanium 

alloys, the lack of understanding of the Ti-Al system makes it difficult to accurately extend to 

ternary and multicomponent systems. 

However, there is general agreement on the chemical and mechanical properties of the known 

phases of the system. For example, Cottrell (1958) and Elliot (1962) were in agreement with 

respect to the general properties of titanium aluminides. They concurred that aluminides 

showed high temperature stiffness retention and excellent creep resistance, which they 

attributed to the strong Ti-Al chemical bonds and high activation energy for self-diffusion. 

Cottrell (1958) showed that another advantage of titanium aluminides was the availability of 

aluminium atoms at the surface, which ensured the formation of a protective aluminium oxide 

scale in oxidizing environments at high temperature.  

2.14.5 Effect of Vanadium on Titanium 

Vanadium is beta-isomorphous with titanium and, as a transition metal, it stabilises the beta 

phase by increasing the d-electron density (Ageev and Petrova, 1970). It has extensive solid 

solubility in (ɓi), due to its similar crystal structure, size and valence (Hume-Rothery et al., 

1935; Chandrasekaran et al., 1972). Vanadium has been associated with titanium for over fifty 

years, as a constituent of the most common titanium alloy, Ti-6Al-4V. It is added to retain (ɓi), 

and hence to make titanium amenable to strengthening by heat treatment. The Ti-V binary 

phase diagram has been studied in detail by a number of researchers for many years (Murray, 

1981). Hansen et al. (1951) determined the liquidus and solidus for the system by heating and 

quenching various compositions of Ti-V, followed by metallographic examination. They 
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showed that the two metals had unlimited mutual solubility at all temperatures above 882oC. 

Their phase diagram showed a monotectoid reaction at 675oC, as shown in Equation 2.24 

(Hansen et al., 1951). 

                                      ἢἱȟἤ ᵶ ἢἱ ἤ                                                Equation 2.24 

The maximum solubility of vanadium in the (ŬTi) phase was determined to be ~2.8 wt%, with 

a miscibility gap in (ɓTi, V) (Hansen et al., 1951), and this was corroborated by Silcock et al. 

(1955) and Rhodes and Williams (1970). The monotectoid and miscibility gap were confirmed 

by Murray (1981), using more advanced analytical techniques, such as electrical resistivity 

measurements, differential thermal analysis, as well as thermodynamic modelling. However, 

apart from improvements on the accuracy of transformation temperatures of Hansen et al. 

(1951), the findings of Murray (1981) were not significantly different. The widely accepted 

phase diagram is shown in Figure 2.23 (Murray, 1981).  

The Ti-V binary phase diagram shows the strong effect of vanadium on the beta transus. 

Vanadium suppresses the martensite start temperature (Ms), and above 4 wt%, the Ms is 

suppressed to below room temperature (Hammond and Kelly, 1968). This makes it possible to 

retain the (ɓTi) upon water-quenching, and these alloys can be significantly strengthened by 

heat treatment. Donachie (2000) reported that titanium-vanadium alloys, in the solution-treated 

and aged condition, had the highest specific strength of all then known alloys. Titanium-

vanadium alloys maintain high strength, good toughness and stability up to moderate 

temperatures, ~400oC.  This has made the alloys, for example Ti-8Al-1Mo-1V, to be used 

extensively for critical applications, such as on aircraft structural and turbine engine 

components (Boyer, 1994).  

 

Figure 2.23: Ti -V binary phase diagram (Murray, 1981).   
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2.14.6 Effect of Molybdenum on Titanium 

Molybdenum is a transition metal, and is quite far away from titanium on the periodic table, 

and, as a result, it is a strong beta-stabiliser of titanium (Ageev and Petrova, 1970). The Ti-Mo 

phase diagram has been a subject of study for many years, and there are conflicting results from 

different authors (Murray, 1981). The first attempts to determine the Ti-Mo binary phase 

diagram were again by Hansen et al. (1951), as well as by Duwez (1952). They agreed about 

the monotectoid reaction at 675oC, shown in Equation 2.25 (Hansen et al., 1951; Duwez, 1952).  

                                     ἢἱȟἙἷ ᵶ ἢἱ Ἑἷ                                          Equation 2.25 

More recent measurements by differential thermal analysis have shown the temperature to be 

higher than reported by Hansen et al. (1951) and Duwez (1952), about 695oC, as shown in 

Figure 2.24 (Murray, 1981). Hoch and Viswanathan (1971) measured the activities of titanium 

in Ti-Mo alloys containing between 15 and 90 wt% Mo, and agreed with the assessed binary 

phase diagram in Figure 2.24. They showed that molybdenum refined the microstructure of 

titanium appreciably, giving significant strengthening without compromising ductility. Of the 

compositions they tested, Ti-3Mo (wt%) showed the highest elongation of 23%. They 

attributed this high level of ductility to the stabilization of (ɓTi) (which is more ductile than 

(ŬTi), since a cubic structure has many more slip planes than hcp). Similar work was conducted 

by Rhodes and Williams (1973), where they investigated the behaviour of metastable alloys 

Ti-6Al-14Mo and Ti-11.6Mo (wt%), and also found improvement in ductility with increasing 

Mo content.  

 

Figure 2.24: Ti -Mo phase diagram showing a monotectoid reaction (Murray, 1987). 
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2.14.7 Effect of Iron on Titanium  

The Ti-Fe binary phase diagram in Figure 2.25 shows both eutectic and eutectoid reactions 

near the Ti-rich part. Iron is an allotropic metal and undergoes two crystal structure changes 

from ambient temperature up to its melting point. From room temperatures up to 912oC, pure 

iron exists in a bcc structure (ferrite), while between 912 and 1394oC it exists in an fcc structure 

(austenite). Above this temperature, and up to its melting point, it exists again in a bcc structure 

(Bain and Griffiths, 1927; Bullens, 1938). Ferrite dissolves substantially in (ɓTi), but austenite 

has very limited solubility. Chandrasekaran et al. (1972) showed that iron and titanium had a 

negative enthalpy of mixing, and hence had the tendency to form intermetallic compounds. 

Van Thyne et al. (1952), Polonis and Parr (1954) and Murakami et al. (1957), were the first to 

attempt to derive the Ti-Fe binary phase diagram. Murray (1981) assessed the phase diagram, 

shown in Figure 2.25, using results from more accurate analytical techniques, and agreed with 

earlier researchers. The phase diagram shows a eutectic and eutectoid reactions at 1080 and 

595oC respectively on the Ti-rich side, and intermetallic compounds, which is typical of 

systems with a negative enthalpy of mixing (Hume-Rothery et al., 1935; Chandrasekaran et al., 

1972).  

Liu et al. (2006) reported the eutectic reaction to be beneficial in sintering of titanium powders 

containing iron, and showed the relative densities of sintered Ti, Ti-3 wt% Fe and Ti-5 wt% Fe 

were 90, 92 and 95% respectively.  They attributed the increase in density to the presence of 

the eutectic, which allowed liquid phase sintering. They also showed that increasing iron 

content refined the (ŬTi) which precipitated from (ɓTi) during ageing. However, iron decreased 

the ductility of titanium, because of formation of the intermetallic TiFe phase in the eutectoid 

reaction shown in Equation 2.26. An iron content of 2 wt% resulted in an elongation of about 

2%, which decreased to about 1% at 5 wt% Fe, compared to an elongation of 23% for pure 

titanium (Liu et al., 2006).   

                                      ἢἱ ἢἱἢἱἐἭ                                                   Equation 2.26 

Iron is known to have the highest diffusion rate of all the metallic alloying elements in titanium, 

and over twice the self-diffusion of titanium (Peart and Tomlin, 1962). Thus, iron has a marked 

influence on the microstructure and sintering behaviour of titanium-iron alloys. The effect of 

iron on the density of titanium after sintering is compared to the effect aluminium and 

molybdenum in Figure 2.26 (after Liu et al., 2006).  
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Figure 2.25: Ti -Fe binary phase diagram (Murray, 1981). 

 

The high diffusivity of iron in titanium also increases the machinability of titanium alloys. 

Mukarami et al. (2011) tested the hot working properties the alloy KS EL-F (Ti-4.5Al-4Cr-

0.5Fe-0.15C, wt%). The KS ELF alloy had similar properties to Ti-6Al-4V at room 

temperature, but superior hot working capabilities. This was attributed to a decrease in 

deformation resistance due to the high diffusivity of iron in titanium (Mukarami et al., 2011).   

 

Figure 2.26: Effect of iron, aluminium and molybdenum on the density of sintered titanium 

alloys (after Liu et al., 2006).  

 

In addition to improving the machinability of titanium, iron also improves the sinterability of 

the titanium alloys (Liu et al., 2006). This has also been attributed to the high mobility of iron 
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atoms in titanium, which an order of magnitude higher than the self-diffusion in the beta phase 

and five orders of magnitude higher in the alpha phase. (Savvakin et al. (2012) reported a 

significant increase in the interdiffusion within powder compacts of the alloy Ti-1023, which 

resulted in activated sintering and reduced porosity, due to a 1 wt% increase in iron. However, 

iron causes grain coarsening in many titanium alloys, which negatively impacts on strength 

(Liu et al., 2012).  

Additionally, iron has been found to reduce the general corrosion resistance of titanium 

(Covington and Schutz, 1981). In corrosion tests conducted by TIMET (1980), the general 

corrosion resistance of titanium-iron alloys was shown to decrease almost linearly with 

increasing iron content. An increase of iron from 0.012 to 0.169 wt% increased the corrosion 

rate of the alloy in HCl at pH=1 from 22 to 35mm.y-1 (Covington and Schutz, 1981). 

Conversely, there are also reports that iron improves the crevice corrosion resistance of 

titanium, although there is no conclusive evidence (Powell and Scully, 1968; Cotton and Hines, 

1970).  

2.14.8 Oxygen, Carbon and Nitrogen  

Oxygen, nitrogen, carbon and hydrogen are the only four interstitial elements that are known 

to have substantial solubility in titanium (Ogden and Jaffee, 1955). They preferentially dissolve 

in the alpha phase, with a deleterious effect on the ductility. However, they substantially 

strengthen titanium and its alloys, although this effect is lost at elevated temperatures (Biswas, 

1973). Oxygen and nitrogen have substantial solubility in ŬTi, and are the strongest alpha-

stabilisers to the extent that at high enough concentrations (8-10 wt% O), ŬTi nucleates directly 

from the melt (Ogden and Jaffee, 1955). However, hydrogen is a beta stabiliser (Biswas, 1973). 

It has been reported that the beta transus is raised by 50oC and 40oC per 0.1 wt% of N and O 

respectively (Ogden and Jaffee, 1955). The strengthening and hardening effect is normally 

quoted using the oxygen equivalence (Oe), calculated using Equation 2.27 (Ogden and Jaffee, 

1955; Boyer, 1994). 

                                   ἛἭ ϷἛ ϷἚ Ȣ ϷἍ                                    Equation 2.27 

Ogden and Jaffee (1955) reported that the hardness of titanium alloys, as measured by the 

Vickersô hardness number (HV), increased linearly with the square root of the oxygen 

equivalence, as shown in Equation 2.28.  
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                                                  ἒἤ ἛἭ                                               Equation 2.28 

All interstitial elements increase the c/a ratio of the hcp structure when they fit into its 

octahedral sites, as shown in Figure 2.27 (Kikuchi, 1951). The axial (c/a) ratio for pure titanium 

is 1.587, which is much smaller than the ideal value for hcp structures, 1.633 (Kikuchi, 1951). 

This small axial ratio has been attributed to the good ductility of ŬTi, a property not expected 

for an ideal hcp structure (Kikuchi, 1951). Interstitials reduce the number of slip and twinning 

planes for flow as the axial ratio approaches the ideal value of 1.633, causing embrittlement 

and making machining difficult.  A maximum allowable c/a limit of 1.595 was suggested to 

allow for good machinability (Paton and Williams, 1973). The most detrimental effect of 

interstitials is on toughness.  

 

Figure 2.27: Hcp crystal structure showing the octahedral positions occupied by interstitial 

elements (after Kikuchi, 1951). 

 

The solubility of interstitials increases with temperature. Paton and Williams (1973) reported 

that the solubilities of O, N, C and H in ɓTi were very low (less than 0.4 wt% O) at room 

temperature. When ŬTi nucleates from ɓTi, it acts as strong interstitial getter, making ɓTi 

relatively free of interstitial impurities. Ogden and Jaffee (1955) reported that interstitials 

increase the rate of ŬTi formation from the beta phase, by nucleation and growth, and showed 

that for Ti-11Mo (wt%), increasing oxygen content from 0.02 to 0.15 wt% greatly decreased 

the time for initiation and completion of the ɓTi to ŬTi transformation. 

2.15 The Ti-Al -V ternary system 

Clearly, a review of Timetal 125 cannot be complete without mention of the various ternary 

systems of titanium with the alloying elements. A detailed review of the Ti-Al -Fe system was 

given by Zhumagaliev et al. (2010), while that of the Ti-Al -Mo system was given by 
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Tretyachenko (2005). These two ternary systems and the Ti-Fe-Mo system are in the 

appendices. The Ti-Al -V phase diagram is one of the most extensively studied titanium ternary 

systems to date (Ball, 1971; Pederson et al., 2001; Tretyachenko, 2005; Jose et al., 2012), 

because of the widespread usage of Ti-6Al-4V.  The equilibrium phases are shown in Table 

2.6, while reaction scheme is summarised in Table 2.7 (Tretyachenk, 2005).  

2.15.1 Isothermal Sections 

The earliest study of isothermal sections of the Ti-Al -V ternary system was by Jordan and 

Duwez (1956). They reported a continuous solid solution between TiAl3 and VAl3 (TixV1-xAl 3, 

Ů) in samples annealed below 1100oC, which was supported by Raman (1966). Volkova and 

Kornilov (1970) established the titanium-rich corner of the system, and presented results on 

the TiAl-V5A18 section.  Hayes (1995) reviewed the data by Volkova and Kornilov (1970) 

and presented a 1400oC isothermal section. It was modified to the currently accepted version 

in Figure 2.28 by Tretyachenk (2005), by widening the liquid region and incorporating the 

L+◓+ɓ phase field.  

 

              Table 2.6: Equilibrium solid phases in the Ti-Al-V ternary system (Tretyachenk, 2005). 

Phase Temperature range (oC) Pearson symbol/Space group/Prototype 

(Al)  

 

 

Al  

<664.2 

 

 

<660.4 

cF4 

Fmσm 

Cu 

ɓ(Ti1-xVx) 

 

(ɓTi)(h) 

 

(ɓV) 

 

 

1670-882 

 

<1910 

cI2 

Imσm 

W 

ɓo Ti1-x-yVxAl y 1150 cP2 

Pmσm 

CsCl 

Ŭ(Ti1-x-yVxAl y) 

 

Ŭ(Ti) 

 

 

<882 

hP2 

P63/mmc 

Mg 

Ŭ2(Ti1-xVx)3-yAl y 

 

Ti3Al  

 

 

<1164 

hP8 

P63/mmc 

Ni3Sn 

◓-TiAl  <1463 tP4 

P4/mmm 

AuCu 

ɖ-TiAl 2 <1199 tP4 

P4/mmm 

AuCu 

ɕ  Tetragonal superstructure of AuCu type 

Ů, (Ti1-xVx)Al 3 

 

TiAl 3(h) 

  

tI8 

I4/mmm 
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VAl 3 

 

TiAl 3(l) 

TiAl 3(h) 

 

tI32 

I4mmm 

TiAl 3(l) 

ŭ 

 

V5Al 8 

 

 

 

V4Al 23 

 

 

 

 

 

<1408 

 

 

 

<736 

 

 

 

 

 

cI52 

Iτ3m 

Cu5Zn8 

 

hP54 

P63/mmc 

V4Al23 

 

 

 

 

Figure 2.28: Isothermal section of the Ti-Al -V phase diagram at 1400oC (Tretyachenk, 

2005). 
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Figure 2.29: Isothermal section of the Ti-Al -V phase diagram at 1300oC (Tretyachenk, 

2005). 

 

The liquid region was widened after a critical review of DTA data by Paruchuri and Massalski 

(1991). Kainuma et al. (2000) determined the Ŭ+ɓ phase boundary at 1300oC, Figure 4.29. 

Ahmed (1994) presented the first isothermal section at 1200oC, which was modified by Hayes 

(1995) to include the CsCl (B2) type ɓo (Ti1-x-yVxAl y) solid solutions, and two different 

(Ti,V)Al 3 phases which were termed Ů1 and Ů2. Tretyachenk (2005) rejected the existence of 

these two phases at this temperature, and argued there was one phase, Ů, with a D022 crystal 

structure.  
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Figure 2.30: Isothermal section of the Ti-Al -V phase diagram at 1200oC (Kainuma et al., 

2000). 

 

Figure 2.30 by Kainuma at al. (2000) is the currently accepted isothermal section at 1200oC. 

There is no agreement with the isothermal section at 1100oC (Hashimoto et al., 1986), and the 

isothermal section in Figure 2.32 is only tentative (Tretyachenk, 2005). Jordan and Duwez 

(1956) studied the ternary system at 1000oC by metallography, while Tsujimoto (1969) studied 

the titanium-rich corner at the same temperature. Eremenko (1962) reviewed the section, and 

Hayes (1993) proposed the assessed isothermal section, Figure 2.33. The presence of the 

continuous solid solutions between TiAl3 and VAl3 was in agreement with Jordan and Duwez 

(1956), Hashimoto et al. (1986) and Umakoshi et al. (1988). The Ŭ2+◓/◓ phase boundary on 

the isothermal section assessed by Tretyachenk (2005) agrees well with Hashimoto et al. 

(1988).  In the ternary phase diagram by Tretyachenk (2005), the DTA data Paruchuri and 

Massalski (1991) and electron probe microanalysis (EMPA) by Ahmed and Flower (1992), as 

well as calculated data by Shao et al. (1995), were used for the proposed isothermal section at 

900oC, Figure 2.34. The reaction scheme for the Ti-Al -V ternary system is summarised in 

Figure 2.31 (Tretyachenk, 2005). 
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Figure 2.31: Reaction scheme for the Ti-Al-V ternary system (Tretyachenk, 2005). 

 

 

Figure 2.32: Isothermal section of the Ti-Al -V phase diagram at 1100oC (Tretyachenk, 

2005). 
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Figure 2.33: Isothermal section of the Ti-Al -V phase diagram at 1000oC (Hashimoto et 

al., 1986). 

 

Figure 2.34: Isothermal section of the Ti-Al -V phase diagram at 900oC (Tretyachenk, 

2005). 

 

2.15.2 Invariant Equilibria  

The invariant equilibria for the Ti-Al -V ternary system are summarized in Table 2.7 

(Tretyachenk, 2005). There is agreement on the invariant equilibrium , ɻ4Éȟ6ᴾ

ɼ4Éȟ6 ◓, although its temperature has only been estimated (Ahmed and Flowers, 1994; 
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Hayes, 1995). Ahmed and Flowers (1994) and Kainuma et al. (2000) reported that the Ŭ+ɓ+◓ 

phase field was observed at 1200°C and 1300°C. Volkova and Kornilov (1970) calculated the 

L+ɓPŭ+◓ reaction at 1400oC, from the L+ɓ+◓ and L+◓+ŭ equilibria, and this was also 

observed and accepted by Hayes (1995). 

 

   Table 2.7: Invariant reactions in the Ti-Al -V system (Tretyachenk, 2005). 

Reaction Reported temperatures (oC) 

 

L + Ŭ = ɓ + ◓ 1460-1400 

L + ɓ = ◓ + ŭ 1400-1390 

L + ɕ = ◓ + Ů 1395-1360 

L + ◓ = ŭ + Ů 1360-1300 

L + ◓ = ɓ + Ů 1355-1300 

L + ɓ = ŭ + Ů 1320-1215 

◓ + ɕ = ɖ + Ů 1175-990 

Ŭ=Ŭ2+ɓ+◓ 1118-1100 

◓ + ŭ =Ů + ɓ 1100-1000 

  

 

Additionally, Ahmed and Flowers (1994) reported the coexistence of the ɓ and ŭ phases in as-

cast alloys. Hayes (1995) proposed the invariant reaction L+◓P ŭ+Ů from analysis of his earlier 

work (Hayes, 1993), and this was supported by Ahmed and Flower (1994), who observed the 

same reaction in their experimental work. The ɓ+◓+ŭ and ◓+ŭ+Ů phase fields were reported 

to exist down to 1200oC. Below this temperature, ɓ+◓+ŭ changed to ɓ+Ů+◓, while ◓+ŭ+Ů 

transformed to ɓ+Ů+ŭ (Ahmed and Flower, 1994). Shao et al. (1995) showed the same 

equilibria in their calculated phase diagram. A study of alloys annealed below 1100oC by 

Jordan and Duwez (1956) and Raman (1966) showed a continuous solid solution between TiAl3 

and VAl3 phases (D022), and this was also found by Frazer and Cook (1989) by XRD, and 

through DTA by Paruchuri and Massalski (1991). Both aluminides are formed through the 

peritectic reactions L+ɕP Ů in the Al-Ti system (Paruchuri and Massalski, 1991) and L+ŭP Ů in 

the Al-V binary system (Murray, 1989; Tretyachenk, 2005).  

2.15.3 Liquidus and Solidus Surfaces 

The liquidus surface projection of the system was first reported by Paruchuri and Massalski 

(1991) from DTA experiments. Hayes (1995) assessed it, while Shao et al. (1995) presented a 

calculated one. Ahmed and Flower (1994) presented similar results, using microstructures of 
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the as-cast alloys. Wang (2012) calculated the liquidus projection, Figure 2.35, which agreed 

with Shao et al. (1995). The currently accepted scheme in Figure 2.31 is again by Tretyachenk 

(2005), which has six invariant reactions involving liquid.  

 

 

Figure 2.35: Calculated liquidus projection of the Ti-Al-V system (Wang, 2012). 

 

2.16 Properties of Titanium Alloys for Aerospace Applications 

Boyer (1994) reviewed the applications of titanium alloys in the aerospace industry, and argued 

that although weight savings are crucial, titanium alloys are gaining acceptance because of their 

advantageous costs and relative ease of processing. The most widely used titanium alloy, Ti-

6Al-4V, is gradually being replaced by newer titanium alloys, mainly because it is difficult, 

and hence expensive, to process. Attention has shifted to (ɓTi) alloys because of their good 

processing capabilities in the solution-treated state, where the alloy is purely beta. Moskalenko 

et al. (1973) attributed the improved processing capabilities to more slip planes in the beta 

phase than in the alpha. 

The first titanium alloy used in an aircraft was Ti-13V-11Cr-3Al (wt%) in the SR-71 Blackbird, 

and the alloy was the primary material for all the major components. However, the use of this 

alloy has decreased because it is difficult to melt and fabricate. It is still used, but is now limited 

to springs because of its lower modulus and density than steel, which enables weight savings 



 

59 
 

of up to 70% (Boyer, 1994). Although Ti-6Al-4V is easier to work than Ti-13V-11Cr-3Al, its 

processing is still costly compared to (ɓTi) alloys. (ɓTi) alloys can be easily drawn into sheet, 

and this makes them well suited where sheet is the product form. Ti-15V-3Cr-3Al-3Sn is an 

example of a (ɓTi) alloy that has replaced Ti-6Al-4V on major structural and non-structural 

sheet components. Apart from the ease of forming, (ɓTi) alloys have much higher tensile and 

fatigue strengths than Ti-6Al-4V in the aged condition (Weiss et al., 1984). Boyer (1994) 

argued that high strength (ɓTi) alloys for aerospace applications had to have a minimum 

guaranteed strength of 1000MPa with minimum elongations of about 6%. Such a (ɓTi) alloy 

in modern aircraft is Ti-10V-2Fe-3Al, which was used on the cargo doors of the McDonnell 

Douglas. Boyer (1994) predicted that the Boeing 777 would be the biggest user of this alloy, 

where plans are to make the entire landing gear out of it.  

2.17 High Strength Fasteners on Aircraft Structures 

Over 2.4 million fasteners are used on the Boeing 777, and they have various forms and shapes, 

depending on their applications (Swanson et al., 1990). They can be simple bolts and nuts, 

studs, screws, rivets, amongst many other forms.  Generally, high tension fasteners for aircraft 

assemblies need to have high shear and tensile strength, good fatigue and corrosion resistance. 

In particular, the fasteners should not form galvanic cells with the aerostructures they fasten. 

Steel fasteners have this as their main limitation, and they normally have to be coated with 

cadmium, to protect the aircraft metal structures from corrosion, which significantly adds to 

their cost (Swanson et al., 1990). Cadmium is highly toxic and its use is limited to low 

temperature components and parts which do not experience direct contact with people.  

Titanium fasteners are far superior in terms of corrosion resistance, and they normally do not 

require any form of coating. Furthermore, some titanium alloys have high temperature stability, 

which is a requirement for fasteners on engine support structures, where temperatures are 

moderate to high (400-750oC) (Zeng et al., 2006). Most titanium fasteners are made of Ti-6Al-

4V and Ti-5Al-5Mo-5V-3Cr, although effort is being made to replace these with newer (ɓTi) 

alloys on some structures (Boyer, 1994). Another advantage of titanium alloys is that their 

coefficient of thermal expansion is close to that carbon fibre reinforced plastics (CFRP). For 

this reason, titanium-alloy fasteners are used on CFRP components, e.g. in the fuselage of the 

Boeing 787 (Mukarami et al., 2011). 
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Since many of the fastened assemblies have a tendency to slide, shear strength is probably the 

most critical requirement for any high-tension fastener. The Airbus Specification EN6116 

standard stipulates the requirements for high strength fasteners for aircraft structures as a shear 

strength of 744MPa (108ksi), and a minimum strain of 6% (Zeng et al., 2006). The minimum 

tensile strength is set at 1250MPa (180ksi). Haylock (2007) reported that Alcoa Fastening 

Systems (Alcoa Inc.), USA, recently successfully developed high strength fasteners using the 

alloy Timetal 555 (Ti-5Al-5M0-5V-3Cr-0.5Fe, wt%). The fasteners had a tensile strength of 

1309±10MPa and shear strength of 779±15MPa in the solution treated and aged (STA) 

condition, and the minimum elongation was 10%. Timetal 555 fasteners exceeded the 

1250MPa tensile strength and 744MPa shear strength requirement for cadmium-coated steel 

fasteners (Haylock, 2007).  

Zeng et al. (2006) reported that the most used fastener is A286 (steel of composition 14 Cr, 2 

Mn, 1.5 Mo, 0.08 C, wt%) because it has a minimum guaranteed shear strength of 850MPa, 

and an elongation of 12%. For engine components, where temperature is high (~800-1000oC), 

nickel- and cobalt-based alloys, such as Inconel 718, usually give the best strengths. The 

increased usage of titanium as fasteners will depend on whether titanium can meet the 

properties of these superalloy steels, particularly for high temperature assemblies (Boyer, 

1994).  

2.18 Timetal 125 

Timetal 125 is a metastable ɓTi alloy, with the nominal composition in Table 2.8 (Leyens and 

Peters, 2003). It was introduced as a commercial alloy in 1990 by the American company, 

Titanium Metals Corporation (TIMET), for use as a high strength fastener on aerostructures 

(Leyens and Peters, 2003). 

The alloy has a molybdenum equivalence of 24, and it can be water-quenched to retain only 

ɓTi at room temperature. However, it will partially transform to ŬTi over time, even at room 

temperature (Leyens and Peters, 2003). Momeni et al. (2015) studied the yield point of Timetal 

125 using compression tests at high temperature, and concluded that its yield point decreased 

with decreasing temperature and increasing strain rate. From their work, it can be concluded 

that Timetal 125 can maintain the properties required for its use as a high a strength 

aerostructure fastener up to at least 300oC. 
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Table 2.8: Nominal Composition of Timetal 125 (Leyens and Peters, 2003). 

Element Composition (wt%) 

Titanium 79.600 

Aluminium 2.680 

Iron 5.700 

Molybdenum 6.000 

Vanadium 6.000 

Oxygen 0.110 

Nitrogen 0.015 

 
 

An alloy with a composition probably closest to that of Timetal 125 is Ti-10V-2Fe-3Al. The 

alloy was first commercially used in the 1990s in the Boeing 777 as a replacement of HSLA 

steel and Ti-6Al-4V, due to weight and cost savings requirements. The alloy was used 

extensively because of its excellent corrosion resistance and economic spin-offs, due to reduced 

downtime (Lütjering and Williams, 2007). The alloy is readily forgeable, particularly in the 

solution treated (ST) condition. When solutionized and aged, the alloy exhibits an excellent 

combination of strength with a minimum guaranteed strength of up to 1195MPa, good ductility, 

and high cycle fatigue strength and fracture toughness, resulting in its use in critical aerospace 

components such as the landing gear (Boyer, 1994). Unlike Timetal 125, this alloy does not 

contain molybdenum, and so its properties may be very different. However, understanding the 

properties of Ti-10V-2Fe-3Al may be a good starting point in attempting to understand those 

of Timetal 125. However, there is general agreement that a major role of molybdenum in 

titanium alloys is to offer extra corrosion resistance and exceptional stability at elevated 

temperatures (Chernova, 1961). 

Ti-10V-2Fe-3Al (wt%) is a near-beta titanium alloy, commercially known as Ti-10-2-3. It has 

a combination of tensile strength and toughness that is superior to any other commercially 

known titanium alloy (Srinivasu and Rao, 2012). Its main application is in civilian and military 

aircraft, mainly on the landing gear. When solution treated, it can be water-quenched to retain 

the ɓTi phase at room temperature. However, it is unstable and does not exhibit its optimal 

mechanical properties in the solution treated condition, and needs artificial ageing. It is more 

difficult to machine than Ti-6Al-4V, but easier than all other ɓTi alloys (Srinivasu and Rao, 

2012). Ti-5Al -5Mo-5V-3Cr (wt%), commercially known as Ti-5-5-5-3, is another near-beta 

titanium alloy, that may have chemical and mechanical properties similar to Timetal 125, due 
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to its similar composition. It is much cheaper than Ti-10-2-3 and was originally used on less 

critical aircraft components like the ducting to the de-icing system (Liberini et al., 2016). 

However, in the newer aircraft, particularly the Boeing 787, it has been used on the landing 

gear due to its high strength. The ultimate tensile strength of T-5-5-5-3 is about 4% higher than 

that of Ti-10-2-3 and 27% higher than Ti-6Al-4V (Liberini et al., 2016). Additionally, it has 

one of the best fatigue resistances of all titanium alloys (Liberini et al., 2016). However, its 

elongation is about 14% lower than of Ti-6Al-4V and it is not as tough. The higher vanadium 

and molybdenum content in Timetal 125 may mean it has a higher strength than Ti-5-5-5-3, 

while the presence of iron in Timetal 125 may result in better sintering properties, since iron is 

the fastest diffusing non-interstitial alloying element in titanium. Like all other near beta 

titanium alloys, Ti-5-5-5-3 can be solution treated and subsequently strengthened by artificial 

ageing (Liberini et al., 2016).  
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3.Chapter 3 EXPERIMENTAL  PROCEDURE 

3.1 Overview of the experimental work  

Commercial titanium, aluminium, iron, molybdenum and vanadium powders were blended and 

consolidated by centrifugal casting and spark plasma sintering. The target alloy composition 

was Ti-2.7Al-5.7Fe-6-Mo-6V (wt%), although 50-50 (wt%) binary alloys of all the 

permutations of these elements were also tried. The castings and sintered alloys were heat 

treated, and had their microstructures and mechanical properties determined. The primary aim 

of the work was to investigate the reactions during the casting and sintering of the powders, 

and to determine the heat treatment response of the alloys. A high level flow sheet of the 

experimental work is shown in Figure 3.1. 

 

Figure 3.1: High level flow sheet for the experimental design. 

 

The source powders were provided by Alfa Aeser, South Africa, and were all commercial grade 

materials. They were characterised in the as-received condition to ascertain their compositions, 

and then blended for casting and spark plasma sintering. Some of the castings and sintered 

parts were analysed immediately, while the rest were heat treated first. 
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3.1.1 Determination of Compositions of the Powders  

The source powders were analysed by X-ray fluorescence (XRF) to confirm the compositions 

claimed by the supplier. Various mixtures of the powders were also analysed by the same 

technique. The XRF method involved fusing the samples into beads using a Katanax fusion 

fluxer. A flux, with a composition 99.5 wt% lithium tetraborate (LiB4O7) and 0.5 wt% lithium 

boride (LiB), lowered the melting temperatures of the samples, and ensured that the samples 

did not adhere to the crucibles. An oxidant comprising Na2CO3, LiNO3, NaNO3 and 

NaBO3.4H2O was added to oxidise the fusion mixture. The fused beads were then analysed 

using an S8 Bruker XRF instrument, which had an energy dispersive spectrometer (EDX). 

3.1.2 Blending of Powders 

The elemental powders were mixed in various proportions to obtain the compositions of the 

targeted alloys. The elemental powders were individually weighed on a Calerite PS750/C1 

balance, which had a sensitivity of 0.0001g. The powders were mixed and shaken on a 

planetary mixer to achieve homogeneity. A 100g mass basis was used to make the calculations 

simple.  

3.1.3 Determination of Particle Size Distributions  

Particle size distributions of the elemental and blended powders were determined using a laser 

diffraction Malvern Master 3000 (MM3000) particle size analyzer. Powders were suspended 

in water in a 200ml beaker, and stirred to form a suspension. A laser beam was passed through 

the suspension, and was scattered to various degrees depending on the sizes of the particles. 

The angular variations of the scattered beam were intrinsically measured using a focal plane 

detector. The instrument could resolve very small diffraction angles, and had a measurement 

range of 0.1µm to 3.5mm. All the measurements were done in triplicate to ensure 

reproducibility. 

3.1.4 Determination of Oxygen, Nitrogen and Hydrogen  

The elemental and blended powders were analysed for oxygen, nitrogen and hydrogen using a 

TCH600 series LECO analyzer. The instrument utilized the inert gas fusion technique for the 

determination of the oxygen content of the samples. A graphite crucible was used to contain 

the sample in the furnace section of the instrument. A constant stream of helium was passed 

over the crucible to provide an inert atmosphere. The furnace was inductively heated to 3000oC 

in order to fuse the sample, and to reduce the oxygen by reacting the sample with the graphite 

crucible. An oxygen scrubber was fitted to the helium line to remove oxygen from the 
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protective gas, but it was not possible to remove oxygen intercalated to the graphite crucibles. 

Since it was not possible to remove the oxygen in the graphite crucibles, all measurements 

were done in triplicate. 

The TCH 600 simultaneously analysed the samples for nitrogen and hydrogen. Unlike oxygen, 

which was extracted as either CO or CO2, nitrogen and hydrogen were extracted in their pure 

forms. Thermal conductivity detectors quantitatively analysed the nitrogen and hydrogen 

contents using the specific heats of the gases. The detectors were not selective, and so the 

nitrogen and hydrogen had to be separated before analysis. The CO and CO2 were analysed 

first using a separate infrared detection system, before they were removed from the carrier gas 

stream by adsorption in a decarburiser. The exit stream from the decarburiser contained N2, H2 

and moisture. The moisture was removed from the gas stream by adsorption in a dehydrator. 

The nitrogen and hydrogen gases were then split into two streams in a separation column, and 

each gas stream was directed to a thermal conductivity detector. The hydrogen and nitrogen 

analyses were also done in triplicate.  

3.1.5 Determination of Phase Compositions  

The source and blended powders were analyzed for their phases using a Bruker D8 Advance 

Eco Powder X-ray Diffraction (PXRD) machine with an SSD 160 detector. The same 

instrument was used to analyse the as-cast, sintered and heat treated samples. Diffrac plus Eva 

software was used for pattern recognition and phase identification. A 1kW power source 

generated X-rays on a copper anode, which were accelerated by a voltage of 40kV through the 

sample. The goniometer was rotated from 0 to 90o with a step size of 0.02 2theta degrees, and 

the JCPSD database was used for phase identification.  

3.1.6 Thermal Analyses of Powders 

Thermal analyses of the powders were done using a Setaram Sestys Evo 2000 differential 

thermal analyser (DTA), with Setaram Calisto software. The maximum temperature that could 

be attained was 1950oC, the heating rate ranged from 0.1oC.min-1 to 150oC.min-1, while the 

maximum cooling rate was 100oC.min-1.  The TGA-DTA was the bottom-loading and power 

compensation type. It had a laser-controlled microbalance, which measured mass changes as a 

function of temperature. A rod was attached to the microbalance at its top, and had positions 

for two crucibles at the bottom. A thermocouple running through the rod was placed under each 

of the crucibles. One of the crucibles was kept blank (reference crucible), while the other 

contained the test sample (working crucible). The crucibles had the same dimensions (100µl) 
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and were both made out of alumina. Calibration tests were regularly conducted by running the 

two crucibles empty (blank runs). In actual tests, the temperature difference between the 

working and reference crucibles was intrinsically measured, and the power compensation 

required to equilibrate the cruciblesô temperatures was converted to a heat flow signal. The 

heat flow appeared as peaks, and the peak direction depended on whether heat was gained by 

or lost from the test sample. Downward facing peaks represented endothermic reactions. With 

proper calibration, the area under the heat flow peaks measured the enthalpy of the reaction. 

All the DTA tests were conducted using a heating rate of 5oC.min-1, and where the tests 

included cooling, the cooling rate was either 3oC.min-1 or 5oC.min-1.  

3.2  Compaction of Powder Blends 

Since both techniques required the starting materials to be conductive, to maximise electrical 

conductivity, the powders were compacted using a Manfredi bench top hydraulic press. The 

mixtures, weighing 40±2 g, were put into a steel die which had a lower and upper punch. The 

die-punch assembly was placed onto the bench top hydraulic press, and compacted to a pressure 

of 30MPa. After releasing pressure, the lower punch was removed and the upper punch was 

pressed using the bench press to extrude the green compact. The cylindrical green compacts 

were weighed on a Calerite PS750/C1 balance, and their thickness and height were measured 

using a vernier calliper. The green compacts had a height of 45mm and a diameter of 23mm.  

The measured dimensions were used to calculate the densities of the green compacts.   

3.3  Centrifugal Casting of Samples 

The green compacts were consolidated by casting in a Manfredi centrifugal induction casting 

machine, shown in Figure 3.2. The induction was by a water-cooled copper coil, in the slow 

heating mode. Instrument grade argon (supplied by Afrox South Africa) was used as the 

protective gas, and oxygen and moisture traps were installed on the argon feed line to minimise 

contamination. Yttria-lined crucibles were used for melting to ensure minimal contamination 

of the castings. At the beginning of the casting cycle, the furnace was evacuated to -90KPa 

using an attached Manfredi vacuum pump, and backfilled with argon to atmospheric pressure. 

This evacuation and backfilling cycle was automatically done five times before the machine 

was finally pressurised with argon for the melting operation. There was no direct control of the 

casting temperature, so melting depended on visual observation using a peep glass on the 

casting machine. The induction heating was allowed to continue until the compact collapsed. 
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Figure 3.2: Manfredi Centrifugal induction casting machine. 

The compacts were placed vertically in the crucibles to make their collapse easily detectable. 

After collapsing, heating was allowed to continue to ensure complete melting before 

centrifuging the melt into a copper die. The copper die had a tensile dog bone profile, shown 

to produce castings for tensile testing, shown in Figure 3.3. After the casting was completed, 

all the samples were allowed to cool for 10 minutes under forced argon to avoid oxidation. 

Excluding the samples that were cast in the initial trials while trying to optimise the casting 

operation, a total of 139 samples were cast for this work. 

 

Figure 3.3: Cast tensile test specimen (round bar) showing where mounting specimens were 

sectioned (dimensions given in mm). 

3.4  Spark Plasma Sintering (SPS)  

Blended powders with the Timetal 125 composition were sintered using an FCT-HP D5 spark 

plasma sintering machine. A graphite die was used, but was lined with a titanium foil to avoid 

 
Water-cooled copper induction coil 
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contamination. The sintered samples were cylindrical discs, with a diameter of 35±1 mm and a 

thickness of 5±1 mm. A total of 78 samples were sintered according to the temperature profiles 

and times given in Table 3.1.  

       Table 3.1: Test work matrix for spark plasma sintering of blended powders. 

Temperature 

(oC) 

Pressure 

(MPa) 

Heating rate 

(oC.min-1) 

Holding time 

(minutes) 

Cooling rate 

(oC.min-1) 

700 30 100 5, 10, 15, 20 100 

800 30 100 5, 10, 15, 20 100 

900 30 100 5, 10, 15, 20 100 

1000 30 100 5, 10, 15, 20 100 

1050 30 100 5, 10, 15, 20 100 

1100 30 100 5, 10, 15, 20 100 

1200 30 100 5, 10, 15, 20 100 

3.5  Analyses of Cast and Sintered Samples 

Samples were characterized immediately after casting and sintering to determine their 

microstructures, mechanical properties, and their oxygen contents. The rest of the castings and 

sintered samples were heat treated and then characterised. The techniques that were employed 

to characterise the as-cast and as-sintered samples are described in detail below. 

3.5.1 Density Measurements 

Densities of castings and sintered samples were measured before and after heat treatment using 

the Archimedes water immersion method, with a set-up shown in Figure 3.4. The samples were 

first weighed in air using a sensitive (0.0001g) Calerite PS750/C1 balance to obtain their dry 

weights (Md), and then weighed immersed in water to give the wet weight (Mw). The densities 

were calculated using Equation 3.1. 

                                                    
ἙἬ

ἙἬ ἙἿ
ȢἿἩἼἭἺ                                               Equation 3.1 
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Figure 3.4: Density measurement set-up used for the samples. 

Theoretical densities of the alloys were calculated from the alloysô compositions, and the 

measured densities were reported as percentages of the theoretical densities. 

3.5.2 Thermal Analysis of Consolidated Samples 

The as-cast and sintered samples were analysed by a Setaram Sestys Evo 2000 DTA to 

determine their thermal behaviour, and their beta transus. The procedure was the same as that 

used for the powders. Castings and sintered samples were cut to fit into the crucibles, and 

heated under argon from ambient temperature to between 1300oC and 1500oC at 5oC.min-1. 

After reaching the peak temperature, the samples were cooled down to room temperature at 

scanning rates of between 3oC.min-1 and 5oC.min-1. The reason for following a full heating and 

cooling cycle was to ascertain if suspected phase changes were present on heating and cooling.   

3.6  Heat Treatment of Cast and Sintered Alloys 

The cast and sintered alloys were heat treated in an Elite Thermal Systems TSH 17 muffle 

furnace, under argon. To ensure that the casts were protected from air, they were sealed in 

quartz ampoules before heat treatment, which made water quenching without contaminating 

the samples possible. When furnace cooling was required, the muffle furnace was simply 

switched off at the end of the heating cycle, and the sealed alloys were left in the furnace until 

cold. In cases where double heat treatments were required, such as solution treatment and 

ageing, the cooled sealed samples were reintroduced into the furnace, and subsequently cooled 

as required. Once cold, the ampoules were broken and the samples were retrieved for analysis. 

To remove the alpha casings on the heat treated samples, the samples were fine polished using 

a Manfredi HF 50 micro-polishing machine. Various heat treatment cycles were investigated 

Suspension string

String support

Water-filled beaker

Immersed sample

Balance
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as shown in Table 3.2. The same samples were used for the different heat treatment conditions, 

with five to three samples were heat treated under the same conditions in order to obtain 

representative results.  

       Table 3.2: Test work matrix for heat treatment of cast samples. 

Solution 

Treatment 

Temperature (oC) 

Ageing 

Temperature  

(oC) 

Time 

 (minutes) 

Cooling mode 

900 Not aged 10, 20, 30, 60, 120 Furnace cooling 

900 Not aged 10, 20, 30, 60, 120 Water quenching 

900 300 10, 20, 30, 60, 120 Water quenching 

900 400 10, 20, 30, 60, 120 Water quenching 

900 500 10, 20, 30, 60, 120 Water quenching 

900 600 10, 20, 30, 60, 120 Water quenching 

900 700 10, 20, 30, 60, 120 Water quenching 

 

3.6.1 Annealing tests 

The heat treatment experiments were in two sets. The first set involved the heating of the as-

cast alloy from 300oC to 900oC, in increments of 100oC, and holding at each of these 

temperatures for between 5 minutes and 2 hours. These tests were referred to as annealing tests, 

as they softened the alloy. Annealing at 900oC was also termed solution annealing.  Samples 

quenched with water from 900oC were deemed to be solution-treated.  

3.6.2 Solution treatment and ageing  

Heat treatment of the cast samples that had been solution-treated made up the second set of the 

heat treatment tests. These tests were the ageing experiments in this work. The test work for 

this set of experiments is shown in Table 3.2.  

3.7  Characterization of Heat Treated Samples 

The microstructures, tensile properties, hardness and densities of the heat treated samples were 

determined using the relevant techniques. Sintered samples were not subjected to tensile testing 

because their shape could not allow this.  
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3.7.1 Metallographical Preparation and Optical Microscopy 

The as-cast, sintered, as well as heat treated samples were sectioned by a LECO MSX 205A 

machine, with a 20S30 silicon carbide cutting blade. To avoid burning during cutting, generous 

amounts of water-based coolant were used, together with a fast wheel speed (3500 rpm) and 

slow feed rate (0.5 mm.s-1). The appropriately cut samples were mounted and 

metallographically prepared for optical microscopy examination. Cast samples required 

sectioning of thin discs from their heads, as shown in Figure 3.3.  

The sectioned pieces were hot mounted using Polyfast phenolic resin on a Struers hot mounting 

machine, while sintered samples were mounted without prior sectioning. The samples were 

ground on silicon carbide paper, and finally polished to a mirror finish using a Struers 

TegraForce-5 automatic polishing machine. The grinding and polishing of the samples were 

problematic because the samples scratched very easily. The roughest grit was 200, and the grit 

was increased in increments of 200 until 1200. The grinding and polishing were automatic, 

with the force per sample maintained at 25N and a running time of 5 minutes per stage. For 

both grinding and polishing, the wheel speed was maintained at 150 rpm, counter clockwise to 

the movement of the sample. For polishing, a 1µm diamond suspension and colloidal silica 

(OP-S) on an MD-Chem paper were used, with the same force and wheel speed.  

After polishing, the samples were dried using compressed air, and chemically etched using 

Krollôs reagent (3ml HF, 6ml HNO3 and 100ml deionized water). The cast and sintered samples 

were immersed into the etchant for 30 seconds, and immediately washed with deionised water 

to avoid over-etching. The washed samples were dried using compressed air and stored in a 

desiccator. Microstructures of the all the samples were analysed using an Olympus BIOX 

B51M optical microscope, with a resolution of 20µm. The microscope was connected to an 

Olympus Motion Stream image analyser, supported by MATLAB software, which was used to 

determine grain size by the intercept method.  

3.7.2 Determination of Morphology and Composition of Heat Treated Cast 

Samples by SEM and EDX 

The heat treated samples were analysed using a JEOL JSM 5400 Scanning Electron 

Microscope (SEM), which was coupled to a JSM Energy Dispersive X-ray Spectrum Analyzer 

(EDX). Data acquisition was through an integrated Vantage data acquisition instrument. The 

incident electrons were accelerated at a voltage of 20 kV, and analysis of the samples was done 

in either the back scattered electron (BSE) or the secondary electron (SE) mode. Image 



 

72 
 

magnification ranged from 5X to 15000X, and to authenticate the EDX analysis, a certified 

99.99 wt% titanium reference was used to calibrate the instrument.  

3.7.3 Hardness Measurements 

Hardness measurements for both as-cast, sintered and heat treated cast samples were done 

using a Future-Tech FM-700 Vickers hardness testing instrument, with a 300g force. After 

unloading, the diagonals of the indentation were automatically measured and converted to a 

Vickers hardness number, which was related to the indentation depth (d) (average length of the 

diagonals of the indentation) and load (F) according to Equation  3.2. Each sample was 

randomly indented on 10 different areas to give an average.                                                      

                                                      ἒἤ
Ȣἐ

Ἤ
                                                         Equation 3.2 

3.7.4 Tensile Testing of Cast Samples 

Tensile tests of the castings, in the as-cast condition and after heat treatment, were done using 

an MTS Criterion Universal electromechanical uniaxial tensile testing machine. All the 

castings were cast and no machining was necessary. The only additional operation on the 

samples was grinding off the alpha casing using a Manfredi HF 50 micro-polishing machine. 

The tensile specimens conformed to the ASTM-E8 standard, with dimensions, in mm, shown 

in Figure 3.3. The tensile specimens were held using collar grips, and tensioned to failure. The 

initial separation of the grips (Lo) and the diameter of the gauge were measured using a vernier 

calliper, and the diameter of the gauge was used to calculate the cross-sectional area of the 

specimens (Ao). Load cells on the instrument continuously recorded the force applied to the 

sample throughout the tensioning, and the grip separation was continuously measured as a 

function of the load. The load on the sample was normalized against the sampleôs original 

cross-sectional area to give the engineering stress. The elongation of the specimens was 

normalized against the gauge length to give the engineering strain. In all tests, the strain rate 

was fixed at 0.1mm.min-1 as required by the ASTM-E8 standard. Data analysis was done on 

the instrumentôs integrated data acquisition computer using TESTWORKS 4 software to allow 

for the plotting of the stress-strain curve, elastic limit, yield strength, ultimate tensile strength. 

Reduction in area was determined by measuring the area at the breakpoint of the specimens 

and dividing it against the original cross-sectional area.  
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3.7.5 Thermo-Calc 

The relative amounts and compositions of the equilibrium phases of the test alloy were 

calculated using the titanium database V3 (TTTI3) in Thermo-Calc. The input was the nominal 

composition of the test alloy and pressure was fixed at 1 atmosphere, while temperature was 

specified as 1800oC to 25oC. Calculations were also performed per phase or crystal structure 

to determine the phasesô individual variations in chemical composition with changing 

temperature.  

 

  



 

74 
 

4.Chapter 4 RESULTS 

4.1  Characterization of source materials 

The source powders were all high purity materials, which was confirmed by their composition 

analyses. XRF showed they were each at least 99.5 wt% pure, and this was corroborated by 

XRD, which showed only the expected peaks. The amount of interstitials in the source powders 

was relatively low, as shown in Table 4.1, and this made the Timetal 125 style powder mixture 

have an interstitial content similar to Grade 2 titanium (Matthew and Donachie, 1988). 

Table 4.1: Compositions of the source powders by XRF and LECO (wt%). 

Powder Metal content O N H 

Ti 99.90±0.06 0.08±0.02 0.021±0.003 0.009±0.001 

Mo 99.50±0.03 0.13±0.02 0.020±0.003 0.010±0.001 

V 99.75±0.04 0.15±0.01 0.021±0.002 0.009±0.001 

Al  99.90±0.01 0.07±0.04 0.020±0.003 0.010±0.002 

Fe 99.95±0.02 0.02±0.01 0.020±0.002 0.010±0.001 

 

The particle size distributions of the source powders are shown in Figure 4.1. After sieving to 

the +75-106µm size fraction, the powder mixtures did not show segregation. This was 

confirmed by energy dispersive X-ray spectroscopy (EDX) analyses, which showed the 

compositions of randomly selected areas to be the same as the overall composition, as shown 

in Table 4.2.  

Table 4.2: Composition of randomly selected areas of the Timetal 125 powder by EDX 

(wt%).  

Element Overall Spot 1 Spot 2 Spot 3 Spot 4 Spot 5 Average±sd 

Ti 79.5 79.5 79.6 79.5 79.6 79.5 79.5±0.1 

Al  2.7 2.7 2.6 2.7 2.7 2.7 2.7±0.1 

Fe 5.7 5.7 5.8 5.6 5.7 5.7 5.6±0.1 

Mo 6.1 6.0 6.1 6.2 6.0 6.1 6.1±0.1 

V 6.0 6.1 5.9 6.0 6.0 6.0 6.0±0.1 

. 
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 Figure 4.1: Superposed particle size distributions of the elemental feed powders. 

 

The blended powder had a d50 of 78 µm, which was adequate for the purpose of this work, 

bearing in mind that the work sought to produce the alloy from low cost powders. In more 

sophisticated powder metallurgy work, much finer powders with more uniform shape and 

morphology are used. However, they are more costly that the powders that were used for the 

present work. 

4.2  Thermochemical reactions of the elements of Timetal 125 

Repeated differential thermal analysis (DTA) results of blanks showed endothermic peaks at 

~120oC and 235oC, shown in Figure 4.2. The peaks were attributed to a systematic error of the 

instrument, and had to be subtracted from the scans of the samples. In tests where the heat flow 

intensities were high, these systematic peaks were smoothed out. 

 

Figure 4.2: DTA scan for a blank run showing low temperature peaks due to a systematic 

error of the instrument. 
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4.2.1 Thermal behaviour of titanium powder  

The thermal analysis results for the titanium powder showed a single endothermic peak at 

873oC, which is the beta transus, and minor undulations at lower temperatures, as shown in 

Figure 4.3. The shape of the peak at 873oC was somewhat unusual, but repeated tests showed 

it was reproducible. 

 

Figure 4.3:  TGA-DTA scan for the as-received titanium powder in argon. 

 

The slight increase in mass (~2%) was attributed to a drift of the balance, and not to an increase 

in the actual mass of the sample because the chemical compositions of the titanium powder 

before and after thermal analysis were the same. Similar drift was observed in a number of 

other tests, but was not consistent. To rule out oxygen pick up, samples from the DTA were 

analysed for interstitials by LECO whenever the drift was observed, and the results showed no 

pick up of oxygen during thermal analyses. 

4.2.2 Thermal behaviour of aluminium powder  

The TG scan for the aluminium powder did not show a change in mass, while the DTA scan 

had an endothermic peak at ~658oC on heating, and an exothermic one at ~642oC on cooling, 

as shown in Figure 4.4. The melting point of aluminium is 660.452oC (Paruchuri and 

Massalski, 1991), and this corresponded well with the peak positions on the scan. As a result, 
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the endothermic peak in Figure 4.4 was attributed to the melting of aluminium, while the 

exothermic one was attributed to its solidification.  

 

Figure 4.4: TGA -DTA scan for the as-received aluminium powder in argon. 

 

The absence of any other DTA peaks was expected, since aluminium is not polymorphic 

(Glover, 1969), and was an indication of the high purity of the powder. The DTA scan was 

used as a reference when aluminium was mixed with the other powders, and made it possible 

to determine if the emergence or disappearance of peaks was associated with its reactions with 

the other powders. 

4.2.3 Thermal behaviour of iron powder  

Iron showed a mass drift similar to titanium, and its heat flow scan showed four endothermic 

peaks on heating to 1400oC, as shown in Figure 4.5. Since iron is allotropic, the peaks were 

attributed to its phase transformations, and because it only melts at 1535oC (Arajs and Colvin, 

1964), none of the peaks were attributed to its melting. As was done with the scans of all the 

source powders, the scan in Figure 4.5 was used as a reference to determine if iron chemically 

interacted with the other metals. The low temperature peaks were not associated with any 

reactions of the metal for reasons stated earlier.  
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The peaks, all endothermic, were observed at 727oC, 749oC, 942oC and 1150oC. They were 

successfully associated with phase transformations on the Fe-C phase diagram (Arajs and 

Colvin, 1964), as will be discussed further in the next chapter.  

 

Figure 4.5: TGA -DTA scan for the as-received iron powder in argon. 

 

To confirm the mass gain was due to drift, the iron powder after DTA was analysed by XRF 

and LECO, which showed no difference from the source powder, as shown in Table 4.3, 

although the possibility of oxidation could not be completely ruled out.  

 Table 4.3: Chemical compositions of fresh iron and iron powder from DTA (wt%). 

Iron powder Fe O N H 

Source 99.95 0.02 0.02 <0.01 

After DTA 99.96 0.02 0.01 <0.01 

 

4.2.4 Thermal behaviour of vanadium powder  

The thermal behaviour of vanadium was somewhat different from the other powders in that the 

nature of the heat flow peak was quite unusual. No sharp defined peaks were present, but a 

broad plateau occurred between 500 and 900oC, which could not be readily explained. While 

the TG curve showed some significant upward drift, LECO and XRF analyses of the powder 
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obtained from the TG-DTA tests did not show any compositional differences from the source 

vanadium powder.    

 

 Figure 4.6: TGA-DTA scan for the as received vanadium powder in argon. 

 

The absence of heat flow peaks was attributed to vanadium not being allotropic (Henry, 1870). 

Thus, no phase reactions were expected in the test temperature range. Repeated tests showed 

the scan was reproducible, and Figure 4.6 was deemed to be representative of vanadiumôs 

thermal behaviour in argon. This broad plateau was also evident on some scans for powders 

blended with vanadium. The increase on the TG curve, as shown by the changes in slope, is 

likely to have been due to oxidation or interaction with the alumina crucibles.  

 

4.2.5 Thermal behaviour of molybdenum powder  

Molybdenum did not show major changes on heating to 1400oC, as shown on its TG-DTA scan 

in Figure 4.7. The low temperature undulations were not associated with the metal, but because 

there were no pronounced heat flow peaks from the sample, the undulations appeared much 

larger than on the scans of the other powders.  

Similar to vanadium, molybdenum is not allotropic and, so no phase transformations were 

expected in the test temperature range. Molybdenum has one of the highest melting points of 

any element, at 2623oC (Cuzon et al., 1971), and therefore its melting was not expected, 

although it agglomerated upon heating to 1400oC.  
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There was no mass drift, and this inconsistency of the balance showed that the error was not 

systematic. As a result, analyses of powders from the instrument were only carried out when 

the drift was observed. 

 

Figure 4.7: TGA -DTA scan for the as-received molybdenum powder in argon. 

 

4.3  Characterization of Blended Powders 

The various analytical techniques that were used for the blended powders generally 

complemented one another. While XRF, XRD and LECO generally showed an average of the 

properties of the individual powders, thermal analyses showed a complete change in behaviour 

when the powders were mixed. Table 4.4 shows the target elemental compositions and the 

LECO results for the various powder mixtures. The amount of interstitials in the blended 

powders was an average of those of the elemental powders, which showed a negligible pick up 

of interstitials during mixing. Therefore, the mixing of the powders was satisfactory, since the 

spread in oxygen and particle sizes of the blended powders was very small. 

 

Energy dispersive spectroscopy was used to determine the overall and spot compositions of the 

powder mixtures, and showed the compositions of randomly selected spots were not different 

from the overall compositions. This homogeneity was further support that the mixing was 
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effective.  This gave confidence that no areas would be short of, or in excess of, the alloying 

elements during the casting operation. 

 

 

 Table 4.4: Elemental Compositions of the raw powder test samples (wt%). 

Sample Target composition 

 

Oxygen 

 Ti 125 Ti2.7Al5.7Fe6Mo6V 0.13±0.07 

Ti-Al  50-50 0.10±0.03 

Ti-Fe 50-50 0.06±0.02 

Ti-V 50-50 0.12±0.07 

Ti-Mo 50-50 0.12±0.08 

Al -Fe 50-50 0.09±0.03 

Al -V 50-50 0.13±0.08 

Al -Mo 50-50 0.14±0.07 

Fe-V 50-50 0.09±0.03 

Fe-Mo 50-50 0.10±0.04 

V-Mo 50-50 0.12±0.05 

 

The XRD patterns for the powder mixtures showed peaks of the elements involved, with 

intensities in proportion to the amount of each powder in the mixture. The XRD pattern for the 

powder blended to target the Timetal 125 composition is shown in Figure 4.8. It showed the 

peaks of all the five elements, without shifts or peak broadening.  

 

Figure 4.8: XRD pattern of the Timetal 125 powder blend before processing. 
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4.3.1 Thermal Analysis of Powder Mixtures 

Figure 4.9 shows the DTA scan for the powder mixture with the Timetal 125 target 

composition. The scan was quite different from the scans of the elemental powders, and it was 

not a summation of the scans of the constituent powders. Two endothermic and two exothermic 

peaks were observed on heating the mixture in argon to 1600oC, while no clearly defined peaks 

were recorded on cooling. The endothermic peak at 662°C was attributed to the melting of 

aluminium, as supported by the scan in Figure 4.4. An exothermic peak was observed at 

~668°C, while a second almost overlapping exothermic peak was observed at ~715°C, and a 

third at ~1244°C.  

An understanding of the peaks in Figure 4.9 was gained from the DTA scans of the binary 

powders. In some cases, these showed peaks which were not present on the scans of the 

elemental powders, and such peaks were attributed to the reactions of the powders. 

Additionally, some of the peaks occurred at approximately the same temperatures as the peaks 

in Figure 4.9. 

 

Figure 4.9: DTA scan for the powder blend with Timetal 125 elemental composition. 

 

4.3.2 Thermal Analysis of the titanium-aluminium powder mixture  

When titanium was mixed with aluminium, the DTA scan on heating showed some significant 

differences from those of the two individual metals. Figure 4.10 shows the DTA scan for the 

Ti-Al powder mixture superposed with the DTA scans for pure titanium and pure aluminium, 
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for direct comparison. The scan showed three peaks at 662oC, 817oC and 1111oC, and only the 

662oC peak was endothermic. The peak at 662oC was attributed to the melting of aluminium, 

while the other two were attributed to the reaction of the two metals. The endothermic peak 

observed on the scan for the elemental titanium powder at ~873oC was not present on the scan 

of the titanium-aluminium mixture.  

The presence of the peak at 662oC showed that elemental aluminium was still present in the 

mixture at this temperature. Therefore, no notable reactions took place between the two metals 

prior to the melting of aluminium. The absence of the endothermic peak at 873oC indicated that 

elemental titanium was no longer present at this temperature, agreeing with the emergence of 

the exothermic peak at ~817oC in Figure 4.10. 

 

Figure 4.10: DTA scans (on heating) of pure titanium and a 50-50 wt% of titanium-

aluminium blend showing a negative enthalpy of mixing. 

 

The second exothermic peak at 1111oC was unique to the mixture, and was attributed to an 

interaction of the two metals. It was suspected to be a phase transformation, and not necessarily 

a chemical reaction between the two elements, since no elemental titanium was expected after 

the reaction at 817oC. Therefore, the sequence appeared to have been: aluminium melted at 

662oC, probably wetting the titanium powder and perhaps dissolving some of it. This was 

followed by an exothermic reaction of the two metals at 817oC, to form an intermetallic 

compound. The formation of an intermetallic compound was plausible, since no elemental 
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titanium was observed at 873oC. The intermetallic compound underwent a phase 

transformation at 1111oC. 

4.3.3 Thermal Analysis of the titanium-iron powder mixture  

Up to approximately 800oC, the DTA scan for the titanium-iron mixture was essentially a 

summation of the scans of the elemental powders, except for the endothermic peak at 598oC, 

as shown in Figure 4.11. Beyond 800oC, the endothermic peak associated with pure titanium 

was not present, while a small exothermic peak emerged at ~926oC. However, the scan showed 

a broad downward dip around the same temperature associated with the endothermic peak on 

the scan for the titanium powder. The shape of the dip was such that it was not identifiable as 

an actual peak. A third endothermic peak was observed at 1296°C, while the endothermic peak 

that had been associated with pure iron at 1160°C was no longer present.   

 

 

Figure 4.11: Superposed DTA scans for pure iron, pure titanium and a 50-50 wt% Ti -

Fe binary alloy. 

 

The endothermic peaks at 723oC and 746°C on the Ti-Fe DTA scan were also present on the 

scan for elemental iron powder at 726oC and 748oC respectively. This suggested that there was 

still elemental iron and titanium in the mixture, at least up to 748oC. The absence of the 

endothermic peak associated with pure titanium at 873oC suggested that either no elemental 

titanium was present at this temperature, or that iron had significantly shifted the beta transus.  
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4.3.4 Thermal Analysis of the titanium-vanadium powder mixture 

The scan for the titanium-vanadium mixture showed an endothermic peak at 330oC and an 

exothermic one at 545oC. These peaks were not on the scans of the elemental powders, and so 

they were attributed to interactions of the two metals. The scan is shown in Figure 4.12, 

superposed with the DTA scans for pure titanium and pure vanadium. The broad plateau that 

was on the scan for vanadium was no longer present, while the endothermic peak associated 

with elemental titanium was much smaller.  

Therefore, the two peaks on the scan for the mixture were due to interactions of titanium and 

vanadium. The absence of the broad plateau indicated vanadium had interacted with titanium 

before reaching this temperature, and the absence of the high intensity titanium peak supported 

this. The small endothermic peak at 869oC coincided with the titanium peak at 873oC. It was 

concluded the two were the same peak because a 50 wt% (V) Ti-V mixture translated to 48.45 

at.% V, which meant titanium was in excess. It was this excess titanium that gave rise to the 

peak, and its slight depression was probably because of the presence of vanadium, which is a 

beta-stabiliser.   

 

 

Figure 4.12: Superposed DTA scans for pure vanadium, pure titanium and a 50-50 wt% 

Ti -V binary alloy. 
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4.3.5 Thermal Analysis of the titanium-molybdenum powder mixture 

Figure 4.13 shows the DTA scan for the titanium-molybdenum powder mixture, superposed 

with the scans for pure titanium and pure molybdenum. The low temperature undulations on 

the scan of the mixture had been observed on the DTA scans for the elemental molybdenum 

and titanium powders. These peaks were attributed to the systematic error of the instrument, 

and for that reason they are not discussed further. 

However, the endothermic peak at 419°C, with an onset temperature of ~376°C, had not been 

associated with the individual metals, and was attributed to the interaction of titanium with 

molybdenum. The endothermic peak at 873oC associated with pure titanium was not as 

pronounced on the scan of the titanium-molybdenum mixture, although its presence suggested 

that there was still some elemental titanium at this temperature. The dip around 873oC was 

attributed to excess titanium in the mixture, since a 50-50 wt% composition translated to 33.29 

at.% (Mo). Therefore, the scan was not a true representation of the behaviour of a mixture 

titanium and molybdenum where the two have the same number of atoms, as titanium was 

clearly in excess. 

 

 

Figure 4.13: Superposed DTA scans for pure molybdenum, pure titanium and a 50-50 

wt% Ti -Mo binary alloy. 
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4.3.6 Thermal Analysis of aluminium-iron powder mixture  

The DTA scan for the aluminium-iron mixture was a summation of the scans for the two metals, 

up to ~800oC, as shown in Figure 4.14. The peak that was associated with the melting of 

aluminium at 662oC was still present, same as the endothermic peaks at 726oC and 748oC for 

iron. This showed there was not much interaction between the two metals, at least up to 800oC. 

However, the exothermic peak at 1152oC was unique to the mixture, and hence associated with 

a reaction between aluminium and iron. Additionally, the endothermic peak at 926oC and the 

exothermic one at 1146oC on the scan for pure iron were not present on the scan for the mixture. 

Their absence could not be readily explained for two reasons. First, the scan showed not much 

interaction of the two metals, at least up to the emergence of the new peak at 1162oC. Therefore, 

elemental iron and aluminium were expected to be present for all temperatures below 1152oC. 

Secondly, the two high temperature peaks on the scan for pure iron were both at a temperature 

lower than 1152oC, and as a result were expected to be on the scan for the mixture. Their 

absence indicated that iron was probably no longer present in elemental form at 926oC. The 

1152oC peak was attributed to a reaction of aluminium with iron.  

 

Figure 4.14: Superposed DTA scans for pure iron, pure aluminium and the Al-Fe powder 

mixture.  
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4.3.7 Thermal Analysis of the aluminium-vanadium powder mixture 

The scan for the mixture of aluminium and vanadium had an exothermic peak at ~733oC, as 

well as at ~968oC. These peaks were not present on the scans of the unblended powders, so 

they were attributed to the interaction of the two metals. Figure 4.15 shows the DTA scan, 

superposed with the DTA scans for pure aluminium and pure vanadium. The peak associated 

with the melting of aluminium was present, suggesting that the metals were in elemental form 

at least up to 662oC. However, the intensity of the peak was not proportional to the amount of 

aluminium in the mixture. The intensity was much lower than expected for a 65.37 at.% Al 

composition. The heat loss during the melting of pure aluminium was 35µV.s.mg-1, and only 

5µV.s.mg-1 for the mixture. If there had been no interaction between the two metals before the 

melting of aluminium, the heat loss during melting would have been around ±17µV.s.mg-1. 

The pronounced decrease of peak intensity suggested that a significant amount of the 

aluminium was no longer in elemental form, although the presence of the peak showed that 

some elemental aluminium was still present in the mixture at the melting temperature. This was 

understandable, because aluminium was clearly in excess. 

 

Figure 4.15: Superposed DTA scans for pure aluminium, pure vanadium and a 50-50 

wt% Al -V binary alloy. 

 

The broad plateau associated with pure vanadium was not present on the scan of the binary 

powder. The onset of the plateau on the scan for pure vanadium was below 662oC, and the 
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absence of the peak on the scan for the mixture indicated that the two metals had already 

chemically interacted.  

4.3.8 Thermal Analysis of the aluminium-molybdenum powder mixture 

When aluminium was mixed with molybdenum, the heat flow scan became very different from 

those of the elemental powders, as shown in Figure 4.16. However, the aluminium melting 

peak was preserved, and its intensity was concomitant with the amount of aluminium in the 

mixture. This showed that the two metals did not react, at least up to 662oC. An exothermic 

peak was present at 733oC, which was attributed to the reaction of the two metals. An even 

higher intensity exothermic peak was observed at 790oC, and its magnitude showed that it was 

not a simple phase transformation, but a highly exothermic reaction between the two metals. 

Three endothermic peaks were observed at 1006oC, 1170oC and 1256oC, and their intensities 

were much lower than the peak at 790oC. 

 

Figure 4.16: Superposed DTA scans for pure aluminium, pure molybdenum and a 50-50 

wt% Al -Mo binary alloy. 

 

At this stage, it was not clear whether the endothermic peaks were due to a chemical reaction 

of the two elements, or a phase transformation occurred at a lower temperature. However, due 

to the very limited amount of molybdenum in the mixture, these peaks were not due to its 
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reactions. They were either due to phase transformations of compounds formed at the lower 

temperatures, or interactions of these compounds with the excess aluminium. 

4.3.9 Thermal Analysis of the iron-vanadium powder mixture 

The DTA scan for the iron-vanadium mixture showed no major differences from those of the 

pure metals, except for the emergence of an endothermic peak at ~1300°C. The peak, shown 

in Figure 4.17, was attributed to the interaction of the two metals. The broad plateau was still 

evident, while the endothermic peaks associated with pure iron at 723°C and 746°C were also 

still present. The attenuation of the broad plateau, as well as of the endothermic peaks was 

proportional to the dilution of the powders. It was concluded that the two metals did not 

chemically react, at least up to 1300oC, where the new endothermic peak emerged. 

 

Figure 4.17: Superposed DTA scans for pure iron, pure vanadium and a 50-50 wt% Fe-

V binary alloy . 

 

4.3.10 Thermal Analysis of the iron-molybdenum powder mixture 

Except for the two low temperature endothermic peaks at about 100°C and 230°C, the DTA 

scan for the iron-molybdenum mixture was essentially a summation of the scans of the 

constituent metals, as shown in Figure 4.18. All the endothermic peaks associated with pure 

iron were present on the scan for the mixture, suggesting there was minimal, or no, chemical 
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interactions between the two metals, even up to 1400oC. The endothermic peak at ~115oC, 

although reproducible, was questionable considering that the instrumentôs sensitivity was from 

150oC, according to the DTA rod that was used (Setaram, 2008). The peak at ~250oC, although 

reproducible, could not be easily differentiated from the systematic noise of the instrument.  

 

 

Figure 4.18: Superposed DTA scans for pure iron, pure molybdenum and a 50-50 wt% 

Fe-Mo binary alloy. 

 

Above 250oC, the scans of the elemental powders were preserved. Since the scan for pure 

molybdenum was essentially flat, it was concluded that it too was preserved. However, the lack 

of chemical interaction did not preclude the possibility of physical interaction between the two 

metals. Since physical interactions, such as phase transformations, are not normally associated 

with intense heat flow peaks, it was possible that such peaks were masked by the pronounced 

peaks of the transformations of iron. This had to be confirmed using other techniques. 

4.3.11 Thermal Analysis of the molybdenum-vanadium powder mixture 

Except for the emergence of a small endothermic peak at 380oC, and the disappearance of the 

vanadium broad plateau, the DTA scan for molybdenum-vanadium mixture was essentially 

flat. Figure 4.19 shows the scan for the molybdenum-vanadium powder mixture, superposed 

with the scans for pure molybdenum and vanadium. The peak at ~380oC and the exothermic 
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one at ~1300oC were not on the scans of either metal, and so they were attributed to an 

interaction. The disappearance of the vanadium plateau was further support for some form of 

interaction between vanadium and molybdenum.  

 

Figure 4.19: DTA scan pure molybdenum, pure vanadium and for a 50-50 wt% Mo-V 

binary alloy showing an almost zero enthalpy for most sections of the curve. 

 

The thermal analyses of the pure powders and their binary permutations not only allowed for 

the deduction of the temperatures where the metals reacted, but gave insight into the enthalpy 

of mixing for each pair. A number of models, such as the classical regular solution model and 

the embedded-atom method, use the heats of solution to predict the interaction of two elements 

during alloying (Hume-Rothery, 1935; Johnson, 1989). All the peaks that emerged after mixing 

the elements were attributed to the metalsô enthalpies of mixing and phase transformations of 

the alloys. Both the nature of the enthalpies, whether exothermic, endothermic or zero, and 

their magnitudes are important for the models.  

4.4  Properties of the Cast Alloys 

The XRD pattern of the alloy cast from the powder with the Timetal 125 target composition is 

shown in Figure 4.20, in which both ŬTi and ɓTi were identified, with the ɓTi having the higher 
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major peak. The peaks had shifted relative to pure titanium because of the alloying (Topano, 

2003). The peak at 2theta = 26o was matched as ɓTi from the work of Lui et al. (2006). 

The peaks were broader and less symmetrical than in Figure 4.8, and this indicated a range of 

lattice parameters, since the alloy had not been homogenised.  

 

Figure 4.20: XRD pattern of the Timetal 125 style alloy in the as-cast condition. 

 

When compared to the superposed stick diagrams, the peaks in Figure 4.20 were generally 

shifted both to the left and right, and this suggested that the interplanar spacing, d, of the 

titanium lattice increased in some directions, and decreased in others, after alloying (Warren, 

1969), according to the modified Braggôs equation in Equation 4.1 (Bragg, 1913).  

                                                       Ἳἱἶ
ἶ

Ἤ
                                                          Equation 4.1  

 

where ɗ is the diffraction angle, n is an integer, d is the interplanar distance, and ɚ is the incident 

wavelength. The cast alloy was not expected to have the same peak pattern as pure titanium. 

However, the patterns for pure titanium were used to determine if the alloy was ŬTi or ɓTi.  
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4.4.1 Density of the as-cast Timetal 125 style alloy 

The theoretical density of the Timetal 125 style alloy was calculated to be 5.04g.cm-3, based 

on the weighting of the elements, xi, in the alloy and their respective densities, according to 

Equation 4.2. Table 4.5 gives the measured densities of a number of the as-cast alloys, where 

the targeted composition was Timetal 125.  To minimize measurement error, the density of 

each sample was measured in triplicate, and averaged. 

                                                           ἩἴἴἷὁВὀἱἱ                                              Equation 4.2 

The theoretical densities of the Timetal 125 style alloy in the as-cast condition were 

consistently 98.8±0.2%, and this relatively low density was an indication of possible porosity 

in the castings. Additionally, the as-cast microstructure, shown in Figure 4.21, had a large 

volume fraction of precipitates.  

 

Table 4.5: Densities of the Timetal 125 style samples in the as-cast condition (g.cm-3). 

Density 1  Density 2  Density 3  Average density  Theoretical Density (%) 

4.973 4.971 4.977 4.974±0.003 98.6±0.2 

4.981 4.983 4.984 4.983±0.001 98.8±0.2 

4.983 4.981 4.985 4.983±0.002 98.8±0.3 

4.976 4.979 4.978 4.978±0.001 98.7±0.2 

4.973 4.974 4.969 4.972±0.003 98.7±0.2 

4.977 4.973 4.977 4.976±0.002 98.7±0.2 

 

4.4.2 Microstructure of the Cast Timetal 125 style alloy 

In the as-cast condition, the Timetal 125 style alloy had a microstructure of ŬTi grains with 

fine ɓTi precipitates, as shown in the optical micrograph in Figure 4.21. This was because the 

cooling rate after the casting operation was not fast enough to retain a completely ɓTi 

microstructure, as would normally be expected. The grain size was determined to be 19±7µm 

by the grain intercept method, and the small size was attributed to rapid cooling, due to the 

high thermal conductivity of the copper mould. The microstructure had precipitates, which 

formed as colonies. However, many of the ŬTi grains had areas without precipitates, and this 

allowed for measurement of composition of the matrix by EDX. The colonies of precipitates 

were also large enough to have their compositions determined. 
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Figure 4.21:  Optical micrograph of the Timetal 125 style alloy in the as-cast condition 

(micron bar = 100µm). 

 

Composition analyses by energy dispersive X-ray spectroscopy showed the precipitates had 

elevated amounts of iron, molybdenum and vanadium than the matrix, while aluminium was 

more uniform, as shown in Table 4.6. The EDX was only a comparative measure, since the 

analysis of the precipitates also included part of the main grains. It was not possible to view 

the phases without etching. Consequently, the EDX analysis was on etched samples, making it 

more of a comparative than quantitative study, since some elements were possibly lost during 

etching. It was not possible to measure the composition of the grain boundaries due to their 

size. Therefore, it could not be determined if they were compositionally different from the 

matrix, or the precipitate colonies.  However, their difference in contrast from both the matrix 

and colonies suggested they may have been different, but this might have been due to sample 

preparation. 

Table 4.6: EDX analyses of the matrix and precipitates (wt%). 

Element Matrix  Precipitates 

Ti 79.5±1.3 78.3±0.6 

Al  2.7±0.1 2.2±0.2 

Fe 5.3±0.3 6.3±0.2 

Mo 5.3±0.5 6.3±0.4 

V 5.7±0.4 6.9±0.6 

 

The SEM micrograph in Figure 4.22 shows some fine precipitates within the grains. The size 

of these precipitates, as well as the thickness of the grain boundaries, was submicron. Their 
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small size did not allow for separate analysis by EDX, which made it impossible to determine 

if they were compositionally different from the colonies.  At this magnification some pores 

could be seen, and it was concluded porosity was a contributing factor to the relatively low 

density of the alloy in the as-cast condition. 

 

 

Figure 4.22: SEM-BSE image of the Timetal 125 style alloy in the as-cast condition 

showing intragranular precipitates and porosity (micron bar = 20µm).  

 

 

Five mounted Timetal 125 style alloy castings were kept in a desiccator at low temperature. 

The first sample was examined after 5 hours, and did not show any difference from the as-cast 

samples. However, the sample that was examined after 24 hours had fewer precipitate colonies, 

as shown in Figure 4.23(a). The as-cast samplesô microstructures changed over time at 

roomloi98 temperature. Natural ageing of titanium alloys has not been reported to result in 

observable changes in microstructure. So, the apparent changes were attributed to etch effects, 

since the samples had been etched for metallography prior to storage. It is possible that the 

etchant continued acting on the samples even after washing and storage, resulting partial 

dissolution of prone phases, particularly ɓTi. 
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Figure 4.23: Optical micrographs of a cast Timetal 125 style alloy sample after (a) 24h, 

(b) 48h, (c) 72h (d) 300h at room temperature showing dissolution of precipitates (all 

micron bars = 100µm).  

 

The samples aged for 48 and 72 hours did not contain the precipitate colonies, as shown in 

Figures 4.23 (c) and (d). This showed the colonies were possibly metastable, and there was a 

driving force to achieve which homogeneity. The driving force for the dissolution was believed 

to be the unoptimised microstructure in the as-cast condition. However, an observable change 

in microstructure at room temperature in titanium alloys has never been reported. The observed 

change (dissolution) was likely to be due to etch effects, as the etchant possibly continued to 

act on the desiccated samples.  

 

Table 4.7: Grain size as a function of time. 

Ageing time (h) Grain size (µm) 

0 19±7 

24 19±8 

48 20±8 

72 23±11 

300 23±11 

  

  

(a)   (b) 

(c)   (d)   

Colonies of precipitates 
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The SEM micrograph in Figure 4.24(b) is a higher magnification of the precipitate-rich areas 

in Figure 4.24(a). It was clear at this magnification that the precipitates were acicular. Analysis 

of a precipitate-rich area by EDX showed their composition was different from the overall 

composition, as shown in Table 4.8, although the accuracy of the method was questionable due 

to their fine size, and it would have been impossible to distinguish between the precipitates and 

the matrix. So, the absolute values in Table 4.8 were of no value, although they qualitatively 

showed the difference between the overall alloy composition and of the areas richer in the 

precipitates. The acicular precipitates were richer in molybdenum, iron and vanadium, but 

lower in aluminium than the overall composition. Since (ɓTi) has a higher solubility for iron, 

molybdenum and vanadium than ŬTi (Hansen et al., 1951), it was concluded the precipitates 

were ɓTi, although they could have been Ŭȭ or Ŭȭȭ (Collings, 1984). The presence of ɓTi in the 

as-cast condition had been confirmed by the XRD pattern in Figure 4.20. It was concluded the 

matrix was ŬTi for two reasons. Firstly, the XRD pattern showed ŬTi as the more abundant 

phase in the alloy. Secondly, the solubility of iron, molybdenum and vanadium in the matrix 

was very limited. 

 

(a)    (b)  

(c)   (d)  

Figure 4.24: SEM-BSE images of the Timetal 125 style alloy, showing acicular 

precipitates: (a) is the  micrograph from where the areal composition was measured and 

(b) is a magnification of the precipitate-rich area marked 1 in (a), (micron bar = 5µm).  

1 
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The areal alloy composition of the micrograph in Figure 4.24 (a), shown in the EDX spectrum 

in Figure 4.24 (c), and the composition of the analysed area in Figure 4.24 (b) are shown in 

Table 4.8.  Although for iron, molybdenum and vanadium, there were differences, since both 

areas analysed had precipitates, the differences for the other elements were not significant. 

Also, it was only possible to view the grains under scanning microscope after etching. 

However, etching would have partly dissolved the less corrosion-resistant ɓTi, which may have 

affected the analyses, bringing the compositions of the two phases closer together. 

Although Figure 4.24(b) was taken from a precipitate-rich area in Figure 4.24(a), the analysis 

definitely included the matrix as well. So, it was mainly a qualitative comparison of the overall 

composition and that of areas richer in the precipitates. 

Table 4.8: Areal and spot composition determined by EDX (wt%).  

Element Overall Analysed area (Figure 4.24(b) 

Al  2.6±0.1 2.1±0.2 

Fe 5.8±0.3 6.1±0.3 

Mo 6.0±0.3 7.4±0.2 

V 6.1±0.4 6.6±0.2 

Ti 80.5±0.2 77.8±0.2 

 

4.4.3 Phase Reactions of the Timetal 125 style alloy 

The differential thermal analysis results for one of the Timetal 125 style alloy castings are 

shown in the scan in Figure 4.25. No major heat flow peaks were observed, except for an 

exothermic peak at 590oC and 800oC on heating, and an endothermic one at 800oC on cooling. 

Since no chemical reactions were expected in the cast alloy, the peaks in Figure 4.25 were 

attributed to phase transformations.  

 

The exothermic peak at 590oC was attributed to the ŬTi transforming to ɓTi, while the peak at 

800oC on the cooling curve was attributed to the onset of the transformation of ŬTi to ɓTi 

transformation (the beta transus). The very small endothermic peak at 837oC could not be 

readily assigned to any transformation, but its presence was confirmed when similar tests 

showed it was reproducible. 

 

The thermogravimetric curve was flat, showing no change in mass during the experiment. This 

excluded the possibility of the alloy having reacted with oxygen, and gave some level of 

confidence in the results.  
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Figure 4.25: TGA -DTA scan for the cast Timetal 125 style alloy, showing first ŬTi to ɓTi 

transfornation at 590oC and the final Ŭ ź ɓ transformation at 800oC. 

 

4.4.4 Mechanical Properties of the cast Timetal 125 style alloy 

There was no appreciable change in density with time, as shown in Table 4.9, but this may 

have been due to the method used, which is not very sensitive. Density measurements from 

light microscopy may have been more accurate than from the Archimedesô water immersion 

method. The dissolution of the precipitates, Figure 4.23, did not result in a measurable change 

in the ultimate tensile strength or elongation.  

 

Table 4.9: Density of the Timetal 125 style alloy castings after extended time g.cm-3).  

Time (h) ɟ1  ɟ2  ɟ3  Mean  Theoretical density (%) 

0 4.973 4.971 4.977 4.974±0.003 98.81±0.06 

24 4.983 4.981 4.985 4.983±0.002 98.99±0.04 

48 4.987 4.987 4.998 4.990±0.006 99.12±0.11 

72 4.989 4.986 4.986 4.987±0.002 99.07±0.04 

120 4.989 4.990 4.989 4.990±0.001 99.12±0.02 

180 4.990 4.988 4.989 4.989±0.001 99.11±0.02 

240 4.988 4.989 4.989 4.989±0.001 99.11±0.02 

 

The hardness of the Timetal 125 style alloy was highest in the as-cast condition, ~495±15HV, 

Table 4.13, and decreased with increasing heat treatment temperature and time. The highest 

strength and lowest ductility of the Timetal 125 style alloy were also observed in the as-cast 
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condition. The tensile strength in the as-cast condition was consistently above 1470MPa, while 

the elongation at fracture averaged 3.1±0.2%, as shown in Table 4.10. The low ductility was 

due to the unoptimised microstructure and assumed high dislocation density from the rapid 

cooling after casting. The stress-strain curve did not have a plastic region, and this was 

corroborated by the tensile specimens which did not neck. Many of the as-cast samples 

fractured at the head-gauge interface, as shown in the photographs in Figure 4.26, and did not 

show necking, as shown in Figure 4.26(a) and (b).  

 

Figure 4.26: Photographs of tensile specimens after fracture (a) and (b) brittle fracture 

at the head-gauge interface in the as-cast condition, and (c) and (d) ductile fracture after 

heat treatment for 60mins at 900oC followed by water quenching (original length of the 

tensile specimens was 80mm). 

 

The fracture at the heads was attributed to the profile of the casting die, which did not allow 

for tapering from head to the gauge and hence acted as a stress concentrator. This led to change 

in the design of the die, which resulted in fracture at the desired position. However, the change 

still resulted in brittle fracture, although the measurable strain before fracture indicated the 

alloy was not completely brittle. 

The photographs of the tensile specimens analysed after heat treatment at 900oC for 60 minutes, 

followed by water quenching, are shown in Figure 4.26(c) and (d) for comparison. They 

 

 (a)  (b)  

(c)  (d)  

 

Brittle fracture 
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showed a cup and cone after fracture, indicating ductile failure.  Since the alloy was not cold 

worked after casting, dislocation density was not expected to be high. The major strengthening 

mechanisms in the as-cast condition were precipitation hardening and Hall-Petch strengthening 

due to the small grain size. Therefore, the change from a brittle to a ductile mode of failure was 

due to the loss of precipitates and grain growth during heat treatment. 

Table 4.10 gives the properties of the Timetal 125 style alloy in the as-cast condition. The 

results were reproducible, as shown by the relatively small errors. The fracture strength in the 

as-cast condition was ~1500MPa, as shown in the stress-strain curve in Figure 4.27. While it 

is not uncommon for titanium alloys to attain such high strengths (Papirno, 1968), the strains 

are normally higher than what was recorded for the test alloy. The curves were typical of a 

more brittle material, with no plastic region. The elongation at fracture was very small, 

3.1±0.2%, probably showing the effect of the precipitates and the unoptimised microstructure. 

 

Table 4.10: Mechanical properties of the Timetal 125 style alloy in the as-cast condition. 

UTS (MPa) Strain ⱦ (%) Fracture toughness (MPa.m1/2) Reduction in Area (%) 

1439  3.0 22 1.6 

1432  3.3  24  1.7 

1453  2.9  22  1.7 

1499  3.0  22 1.6 

1513  2.9  22 1.5 

1483  3.0  22 1.6 

1476±24 3.1±0.2 22±1 1.6±10.1 

 

The modulus of elasticity of the alloy was estimated from the slope to be ~483GPa, a stiffness 

much higher than the typical 105-120GPa associated with titanium alloys (Srinivan and Rao, 

2012). A more accurate measurement would have required the use of strain gauges. This 

directly supported that the microstructure was not optimal. Fracture toughness was estimated 

from the area under the stress-strain curve. Such a calculation was just an approximation, and 

the values were only qualitative, but could be used for comparison. Similar calculations from 

stress-strain curves of known titanium alloys showed values in the range 44-68MPa.m-1/2 (Kim, 

1994). However, from the values presented in Table 4.10, the fracture toughness of the Timetal 

125 style alloy in the as-cast condition was about half that of common titanium alloys and about 

the same as of titanium aluminides, which range between 12-35MPa.m-1/2 (Kim, 1994). 
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Figure 4.27: Stress-strain curve of the Timetal 125 style alloy in the as-cast condition 

showing high strength and relatively low ductility.  

 

4.5 Spark Plasma Sintering  

The sintered Timetal 125 style alloy had precipitates inside well-developed large polygonal 

grains. The samples had porosity, which decreased with increasing sintering temperature and 

time. Samples sintered at 1100oC, Figure 4.28(a), had a density less than 85% theoretical, due 

to the amount and size of pores. After sintering above 1200oC, the samples were far less porous 

and the microstructure had needle-like precipitates inside some of the grains. There were also 

some regions without precipitates. Although the volume fraction of pores appeared higher in 

Figure 4.28 than Figure 4.21, the castings were more porous, particularly when compared to 

samples sintered at 1200oC. It was suspected that the pores in the as-cast microstructure were 

masked by the slightly smaller grain sizes and precipitates.  

 

The samples sintered at 1200oC for less than 10 minutes had large pores and their density was 

below 95% of theoretical. This necessitated the use of longer sintering periods. After sintering 

for between 10 and 20 minutes had a density greater than 98%, due to less porosity. However, 

they had much larger grains than those sintered for shorter periods. Grain size plays a key role 

in the mechanical properties of a material, and the effort to improve the density of the sintered 

samples by increasing the holding time had the adverse effect of causing excessive grain 

growth. 
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(a)  (b)  

(c)  (d)   

Figure 4.28: Optical micrographs of Ti-2.7Al-5.7Fe-6Mo-6V (a) after sintering at 1100oC and 

30MPa for 5 minutes, and after sintering at 1200oC and 30MPa for (b) 5 minutes, (c) 10 minutes 

and (d) 15 minutes. (micron bar =100µm). 

 

A further distinction between the sintered samples and the castings was the slightly larger grain 

size in the sintered alloy. There were acicular precipitates, which may have been  hor h Σ inside 

the majority of the grains in the sintered samples there were other grains which had no needles. 

Analysis of the needle-free grains showed higher aluminium content than the other grains, as 

shown in Table 4.11. The grains with precipitates were richer in molybdenum and vanadium, 

although the difference between the matrix and the precipitates could not be measured, due to 

the small size of the precipitates, although etching would have removed the less corrosion-

resistant elements. However, a longer holding time could have improved homogeneity, due to 

diffusion of solutes to eliminate concentration gradients.  

 

 

 

Table 4.11: Composition of the phases in sintered Timetal 125 style alloy (wt%).  

Element Grains with precipitates Grains without precipitates 

Ti 79.2±0.2 79.9±0.1 

1 

Porosity 

Grain boundary 

Al-rich PFZ 

Acicular (̡ Ti) precipitates 
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Al  1.9±0.3 4.3±0.3 

Fe 2.6±0.5 3.8±0.2 

Mo 8.9±0.3 5.9±0.3 

V 7.4±0.2 6.1±0.2 

 

The SEM micrograph where the analyses in Table 4.12 were taken is shown in Figure 4.29, 

from where another phase was observed. The phase was darker than both the matrix and 

precipitates, and EDX showed it was higher in iron, as shown in Table 4.11. The SEM 

micrograph also showed the porosity of the sintered alloys, and confirmed the dark spots in the 

optical micrograph in Figure 4.29 were pores. 

 

 

Figure 4.29: SEM-BSE image of the Timetal 125 style alloy after spark plasma sintering 

at 1200oC, 30MPa for 5 mins, showing porosity.  

 

The density of sintered Timetal 125 sintered at 1200oC for 5 minutes was on average 99.0±0.2% 

of the theoretical, as shown in Table 4.12. This was marginally higher than the castings, and 

was attributed to the more compact microstructure in the sintered samples, with less porosity. 

The increase in density on extending sintering time to 20 minutes was less than 0.1%, possibly 

indicating that although the pores after 5 minutes were large, they were not many. Additionally, 

sintering for more than 10 minutes resulted in excessive grain growth, Figures 4.28(c) and (d). 

 

Table 4.12: Densities of the Timetal 125 style alloy sintered at 1200oC for 5 minutes at 

30MPa (g.cm-3). 

ɟ1  ɟ2 ɟ3  Mean  Theoretical Density (%) 
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4.99 4.99 5.01 5.00 99.1 ±0.2 

4.98 4.99 4.98 4.99 98.9±0.2 

5.01 4.99 5.00 5.00 99.2±0.2 

4.98 4.98 5.00 4.99 98.9 ±0.2 

5.00 4.99 5.01 5.00 99.2 ±0.2 

4.99 5.02 4.98 5.00 99.1 ±0.2 

5.00 4.98 4.99 4.99 99.0 ±0.2 

 

The Timetal 125 style alloy was harder when sintered than cast, although the difference was 

very small, as shown in Table 4.13. The increase in hardness was attributed to higher 

densification in the sintered alloys than the castings (which contained porosity) and possibly 

the presence of ɤTi. Since sintered samples could not be subjected to tensile tests, it was not 

possible to determine their strain at fracture. However, because there was direct proportionality 

between hardness and fracture strength, it was inferred that the sintered Timetal 125 style alloy 

had a slightly higher fracture strength, and hence lower ductility. The as-cast samples had small 

ŬTi and ɓTi grains, with colonies of ɓTi precipitates, while the sintered samples had a coarser 

microstructure, with acicular precipitates. The difference in microstructure between the as-cast 

(finer ŬTi grains with ɓTi precipitates) and as-sintered alloys (coarser ŬTi grains with acicular 

Ŭᾳ, Ŭᾴ or ɓTi precipitates) was due to the pressure during sintering, and the different cooling 

rates. 

Table 4.13: Hardnesses of  the sintered Timetal 125 style alloy. 

Sample  HV 

S1 513±8 

S2 517±6 

S3 509±8 

S4 515±9 

S5 501±5 

S6 506±6 

S7 514±9 

Mean 511±7 

As-cast 495±15 
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4.6 Heat Treatment Response of the Timetal 125 style alloy 

The mechanical properties of Timetal 125 in the as-cast condition made it unsuitable for any 

application because the microstructure was not optimized. As a remedy, some stabilizing heat 

treatment was necessary. Since the target was to obtain an optimized ɓTi alloy, it was necessary 

to solution-treat first, and then age. During annealing, the precipitates gradually dissolved, 

resulting in a more uniform microstructure. The grain size of the matrix generally increased 

with annealing temperature and time, resulting in a significant change in the mechanical 

properties. However, extended heat treatment at any temperature resulted in the grain size 

reaching a plateau.  

 

The hardness and tensile strength decreased with increasing annealing temperature and time, 

while ductility increased appreciably. After annealing, the stress-strain curves showed a clear 

yield point, UTS and a plastic region before fracture. Visual inspection of the annealed tensile 

specimens revealed significant reduction in cross sectional area around the region of failure, 

by necking, as shown in Figure 4.26. 

4.6.1 Annealing the Timetal 125 style alloy Castings at 300oC 

After annealing at 300oC for 20 minutes (Figure 4.30a), the alloy had far fewer precipitates and 

a larger mean grain size than in the as-cast condition. The grain size increased rapidly up to 60 

minutes, and marginally thereafter, and the amount of precipitates was significantly lower than 

in the as-cast condition. When the heat treatment time was extended to 30 minutes, a fine phase 

precipitated inside the grains. It was not possible to analyze the precipitates by EDX because 

of their small size, so no distinction could be made between their composition and that of the 

matrix.   

 

Grain size results are listed in Table 4.14. Grain growth was not rapid during the first 5 minutes, 

but this changed on extending to 20 minutes. The grain size increased by less than 2% in the 

first 5 minutes, and this small change in grain size was suspected to have been due to the 

competing precipitation reaction. However, there was more significant grain growth between 

5 and 60 minutes. Very marginal growth was observed on extending time to 2 hours, as shown 

in Table 4.14. The slower growth rate on extending to 2 hours was attributed to equilibration 

of the microstructure, resulting in a loss in the driving force as the interfacial energy decreased 

with increasing grain size. 
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Figure 4.30: Optical micrographs of the Timetal 125 style alloy heat treated at 300oC for 

(a) 20 mins, (b) 30 mins, (c) 40 mins, and (d) 60 mins (all micron bars = 100µm). 

 

 

Table 4.14: Grain size as a function of time during annealing at 300oC. 

Annealing time (mins) Grain size (µm) 

0 19±7 

5 20±8 

20 30±16 

30 36±17 

40 39±21 

60 42±17 

120 44±23 

 

The precipitation at 300oC showed the temperature was not adequate for solution treatment. In 

fact, the precipitation indicated accelerated ageing, instead of solute dissolution. The aim of 

solution treating was to dissolve all the solutes to create a saturated solid solution. 

 

Thi) grains 

(a) (b) 

(c) (d) 
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The XRD pattern of the alloy heat treated at 300oC for 60 minutes, and water-quenched, is 

shown in Figure 4.31, in which both ŬTi and ɓTi were identified. The main peak at 2theta = 

39o was still a double peak, but was much sharper and more symmetrical than in Figure 4.20. 

The peak that could not be identified in Figure 4.20 was no longer present. It was concluded 

that annealing at 300oC transformed some of the ɓTi to ŬTi. The association of the unidentified 

peak in Figure 4.20 with a titanium oxide was ruled out because the same samples were used 

for heat treatment. If an oxide were present in the as-cast condition, there was no way the 

oxygen could have been removed in the subsequent heat treatments. The decrease in the amount 

the ɓTi and the disappearance of the unidentified peak, led to the conclusion the two were 

associated, although metastable phases, such as Ŭᾳ, Ŭᾴ or the omega may also have been 

responsible for the peak.  

Since the XRD database was limited to pure titanium and only a few of its binary and ternary 

alloys, the exact patterns for quinary alloys like Timetal 125 were not present. The similarity 

of the pattern in Figure 4.31 to that for pure ŬTi was because titanium was the main phase (the 

solvent).  

 

Figure 4.31: XRD pattern of the Timetal 125 style alloy heat treated at 300oC for 60 

mins. 
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After annealing at 300oC for 2 hours, the strength decreased to 1411±17MPa, while strain at 

fracture increased to 4.2±0.2%. The hardness of the alloy was 480±13HV, which was similar 

to the 495±15HV in the as-cast condition.  The decrease in strength, and the corresponding 

increase in ductility were attributed to dissolution of precipitates during the heat treatment, as 

well as the increase in grain size. 

4.6.2 Annealing the Timetal 125 style alloy at 400oC 

Further grain growth was observed upon annealing the Timetal 125 style alloy at 400oC, as 

shown in the optical micrographs in Figure 4.32. After annealing for 20 minutes, the grain size 

was 42±21µm, which was approximately the same as after 2 hours at 300oC. The grain size 

increased further and reached a plateau at 52±18µm after 60 minutes. Therefore, elevating 

temperature marginally accelerated grain growth, and increased the mean grain size. However, 

the microstructure was not different from that at 300oC. The precipitates were still present, but 

they appeared to be more than at 300oC. The grain sizes after annealing at 400oC for the 

different test periods are shown in Table 4.15. The grain size for the time recorded as 0 minutes 

was for the alloy in the as-cast condition. Similar to at 300oC, grain growth was slow in the 

first 5 minutes, probably due to some incubation, but rapid thereafter, before the grain size 

reached a plateau.  

 

Figure 4.32: Optical micrographs of the Timetal 125 style alloy heat treated at 400oC for 

(a) 20 mins, and (b) 60 mins (micron bars =100µm). 

 

 

 

 

(a)   (b)   
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Table 4.15: Grain size as a function of time during annealing at 400oC. 

Annealing time (mins) Grain size (µm) 

0 19±7 

5 21±9 

20 42±21 

30 48±22 

40 50±19 

60 52±18 

120 53±21 

 

 

An attempt was made to measure the compositions of the light phase (matrix) and the 

precipitates, and the results are shown in Table 4.16. They were similar because of the fine 

sizes of the precipitates. The lack of compositional difference between the matrix and the 

precipitates was likely due to the inability to separately analyse the phases due to the fineness 

and distribution of the precipitates. 

 

Table 4.16: EDX analyses of the light and dark contrast phases after annealing the 

Timetal 125 style alloy at 400oC (wt%). 

 
Element  Matrix (light phase) Precipitates (Dark phase) 

Ti 80.0±1.3 79.4±0.8 

Al  2.7±0.6 2.6±0.5 

Fe 5.3±0.3 6.0±0.4 

Mo 5.9±0.5 6.1±0.5 

V 6.1±0.4 5.9±0.5 

 

The SEM micrograph from where the analyses in Table 4.16 were taken is given in Figure 

4.33, which shows the fineness of the precipitates and how intimately they were mixed with 

the matrix. Since the interaction volume of the electron beam and the sample can spread up to 

2µm, and the beam can also penetrate the sample, the ability to separately analyse such fine 

grains was questionable. Furthermore, the matrix had no grains without precipitates to be 

separately analysed with precision. Therefore, the analyses in Table 4.16 are likely to have 

included both the matrix and the precipitates, which explains the similarity in composition. The 

microstructure had some dark regions, particularly at the triple points. These had a higher iron 

content than the overall alloy composition, because EDX analysis showed their iron content 

was 6.7±0.3wt%, compared to the overall 5.8±0.4wt%.  
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Figure 4.33: SEM-BSE image of the Timetal 125 style alloy after annealing at 400oC for 

2 hours (micron bar = 50µm). 

 

The strength and hardness of the alloy further decreased to 1373±11MPa and 454±8HV, 

respectively, while strain at fracture increased to 5.1±0.3%. There was not much difference 

with respect to the type and volume fraction of precipitates after annealing at 300oC and 400oC. 

The notable difference was the larger grain size at 400oC. Therefore, the decrease in strength 

and hardness, as well as the increase in ductility, were attributed to the larger grain size. 

4.6.3 Annealing the Timetal 125 style alloy at 500oC 

The microstructure after annealing at 500oC was similar to that at 400oC, except for a reduction 

in the amount of the precipitates, as shown in the optical micrographs in Figure 4.34. The 

number of grains without precipitates increased, but such grains were smaller than those that 

still contained the precipitates. The average size of the grains did not significantly change on 

elevating the temperature to 500oC. The mean grain size was 55±24µm after 20 minutes, and 

61±25µm after 60 minutes, which were marginally larger than the mean grain sizes for samples 

annealed at 400oC for 60 minutes. It was suspected that the dissolution of the precipitates was 

a competing process which consumed some of the energy that could have been used for grain 

growth. However, grain growth was rapid in the first 5 minutes, showing there was enough 

energy to overcome incubation. 
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Figure 4.34: Optical micrographs of the Timetal 125 style alloy after annealing at 500oC 

for (a) 20 mins, and (b) 60 mins (micron bars = 100µm). 

 

The amount of the intragranular precipitates slightly decreased after annealing for 60 minutes, 

while the matrix grain size at this temperature slightly increased with increasing annealing 

time, as shown in Table 4.17. Grain growth was rapid in the first 20 minutes, and thereafter 

slowed down until the size reached a plateau.   

The ultimate tensile strength decreased further to 1187±12MPa, and hardness to 430±9HV, 

while strain at fracture appreciably increased to 8.4±0.2%. This corresponded well with the 

significant dissolution of precipitates. Since grain size did not change on elevating temperature 

from 400oC to 500oC, it was concluded only the dissolution of the precipitates had affected the 

reported properties. 

 Table 4.17: Grain size after annealing the Timetal 125 style alloy at 500oC. 

Annealing time (min) Grain size (µm) 

0 19±7 

5 37±13 

20 55±24 

30 58±21 

40 60±26 

60 61±25 

120 63±21 

 

4.6.4 Annealing the Timetal 125 style alloy at 600oC 

A major change of microstructure occurred after annealing at 600oC, as shown in Figure 4.35. 

The alloy had a duplex microstructure, characterized by light and dark grains. The light phase 

also formed on most of the grain boundaries, while the fine and acicular precipitates observed 

(a)   (b)   
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at lower annealing temperatures were no longer present. The mean grain size was much smaller 

than at the lower annealing temperatures. After heat treating for 60 minutes, the average grain 

size of ɓTi (the darker phase) increased from 22±18µm to 39±15µm.  

 

Figure 4.35: Optical micrographs of the Timetal 125 style alloy heat treated at 600oC for 

(a) 20 mins and (b) 60 mins (micron bars = 100µm).  

 

Energy dispersive X-ray spectroscopy analysis of the two phases showed the darker was lean 

in aluminium but rich in iron, molybdenum and vanadium, while the lighter was richer in 

aluminium, as shown in Table 4.18. It was concluded that the relatively darker phase was ɓTi, 

while the lighter was ŬTi. This strongly supported that the Ŭ-ɓ transformation of Timetal 125 

commenced at ~590oC, as was shown on the DTA scan in Figure 4.25.  

 

Table 4.18: EDX analyses of the matrix and precipitates after annealing the Timetal 125 

style alloy at 600oC (wt%).  

 
Element  Light ŬTi  Dark ɓTi  

Ti 80.0±0.3 79.1±0.2 

Al  3.9±0.3 1.9±0.1 

Fe 4.7±0.3 5.9±0.4 

Mo 5.6±0.3 6.8±0.3 

V 5.8±0.2 6.3±0.3 

 

Although attempts to measure the elemental compositions of the acicular precipitates at lower 

annealing temperatures were unsuccessful, it was inferred that they were ŬTi because of their 

disappearance at a temperature associated with the onset of the Ŭ-ɓ transformation. 

The absence of the acicular precipitates inside the grains was clearer on the SEM micrograph 

in Figure 4.36, where also the analyses in Table 4.18 were taken. The lighter phase had areas 

large enough for accurate analysis without interference from the matrix. The parallel marks in 

(a)    (b)    
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the grain labeled 1 could have been due to scratching during sample preparation. The 

composition of the grain was the same as the other dark grains. 

 

 

Figure 4.36: SEM-SE image of the Timetal 125 style alloy after annealing at 600oC for 2 

hours (micron bar =50µm). 

While the grain growth generally increased with increasing temperatures at the lower annealing 

temperatures, the grain size at 600oC was smaller. This was attributed to the partial 

transformation of the ŬTi matrix to the ɓTi occurring at the expense of the prior ŬTi grains.  

 

The XRD pattern after annealing at 600oC for 2 hours is shown in Figure 4.37. It showed ŬTi 

and possibly omega titanium, although the matching was poor. However, the presence of 

omega titanium (Ti8.86V1.14) was rejected based on the very small amount of vanadium in the 

alloy. For the whole alloy to transform to full omega, about 15 wt% V would be required, yet 

vanadium made only 6 wt% of the alloy. The ŬTi was a better match but with some shifts, 

which was expected since the sample was not pure titanium, and there was solid solution.  

 

Two low angle peaks could not be identified, and this underlined the inadequacy of the database 

that was employed. However, the very pronounced broadening of these peaks compared to the 

rest, as well as their occurrence at very low angles, suggested they may have been background 

noise, probably due to the plasticene sample holder.  

 

 

Thi 
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Figure 4.37: XRD pattern of the Timetal 125 style alloy annealed at 600oC for 2 hours, 

followed by water-quenching (2 theta in decades). 

 

Tensile test and hardness results showed both strength and hardness were lower than after 

annealing at 500oC. The tensile strength was 978±10MPa, and hardness was marginally lower 

at 419±11HV. However, strain at fracture increased to 9.7±0.3%, and this was also evident in 

the test samples, which showed a significant reduction in area at the point of fracture. The 

significant decrease in strength and the corresponding increase in strain were attributed to the 

completely different microstructure, which was also precipitate-free. 

4.6.5 Annealing the Timetal 125 style alloy at 700oC 

After heat treating at 700oC, the microstructure of the alloy was still duplex and very similar to 

that at 600oC, except for larger mean grain size of the (ɓTi), as shown in Figure 4.38. However, 

a few of the light grains were actually larger than at 600oC. The mean grain size of the lighter 

phase diminished on elevating to 700oC. However, similar to 600oC, the light phase was still 

mainly present on all the grain boundaries, and the mean grain size of the lighter contrast phase 

further decreased to 33±14µm.   
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Figure 4.38: Optical micrograph of the Timetal 125 style alloy heat treated at 700oC for 

60 mins (micron bar = 100µm).  

 

The composition of the two phases, determined by EDX, showed a slightly elevated amount of 

aluminium in the lighter phase, almost 50% higher than the same phase at 600oC. The darker 

phase had a composition very similar to the dark phase at 600oC, as shown in Table 4.19. The 

increased amount of aluminium in the remaining ŬTi was attributed to the limited solubility of 

aluminium in (ɓTi) (Duerig and Williams, 1984). 

 

Table 4.19: EDX analyses of the matrix and precipitates after annealing the Timetal 125 

style alloy at 700oC (wt%).  

 
Element  Light ŬTi  darker ɓTi  

Ti 77.1±0.3 79.1±0.2 

Al  5.5±0.3 2.1±0.1 

Fe 5.7±0.4 5.8±0.1 

Mo 5.9±0.3 6.5±0.5 

V 5.8±0.2 6.3±0.3 

 

The SEM micrograph from where the analyses in Table 4.19 were taken is shown in Figure 

4.39. The lighter phase was thinner than after annealing at 600oC for the same time period, 

probably due to decomposition, but there were still areas large enough for accurate analyses 

without interacting with the matrix.  
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Figure 4.39: SEM-SE image of the Timetal 125 style alloy after annealing at 700oC for 2 

hours (micron bar =100µm). 

 

Tensile tests gave an ultimate strength of 879±11MPa after annealing at 700oC for 2 hours, 

which was almost similar to the strength after annealing at 600oC for the same time period. The 

strain at fracture was 10.4±0.6%, which was also not significantly different from that at 600oC. 

Hardness results were also similar to those obtained at 600oC. The hardness of the alloy after 

annealing at 700oC for 2 hours was 413±9HV. The very marginal changes of these properties 

between 600oC and 700oC were concomitant with the small change in microstructure in the 

temperature interval. 

4.6.6 Annealing the Timetal 125 style alloy at 800oC 

Except for the grain boundaries, the ŬTi completely transformed on annealing at 800oC, and a 

homogeneous ɓTi was the matrix, as shown in Figure 4.40. However, the grains had some dark 

spots, which could not be separately analysed due to their size. The grain size increased from 

37±14µm at 700oC to 56±24µm after 20 minutes at 800oC. However, there was very limited 

isothermal grain growth as time increased, probably showing that the available energy was 

utilised for the transformation of the lighter phase. After 60 minutes the mean grain size was 

very similar to at 20 minutes, at 58±26µm. 

The lighter Ŭ phase defined the grain boundaries of the ɓTi matrix, and it was easier to view 

the pores after annealing at this temperature, although the reason for the sudden clarity was not 
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clear. Clearly, the alloy had porosity from the time of casting, as the pores could not have 

formed during annealing.  

 

Figure 4.40: Optical micrographs of the Timetal 125 style alloy heat treated at 800oC for 

(a) 20 mins, and (b) 60 mins (micron bars =100µm).  

 

The significant decrease of ŬTi on heat treating the alloy at 800oC gave the most direct support 

to the interpretation of the DTA scan in Figure 4.25. It supported that the peak at 800oC on 

cooling was the beta transus of the Timetal 125 style alloy. This was corroborated by the XRD 

pattern after quenching from 800oC, shown in Figure 4.41, which showed only ɓTi, and a wide 

peak which could not be identified. It was concluded that above 800oC, the alloy was mostly 

single phase ɓTi, and that it was duplex from 800oC to room temperature, with both ŬTi and 

ɓTi. However, the ŬTi precipitates were still present on the grain boundaries, even after 2 hours. 

This probably suggested the alloy had to be heat treated for longer to ensure complete 

transformation. 

The closest match to the XRD pattern in Figure 4.41 was ɓTi, although the fitting was not 

perfect due to it comprising a solid solution, rather than pure titanium. The broad peak around 

15o 2theta had been observed in the XRD pattern after annealing at 600oC, in Figure 4.34. 

However, when compared to Figure 4.37, the XRD pattern was significantly different. There 

main peak was around 2theta = 40o, while many of the lower intensity peaks in Figure 4.37 

were no longer present, except for the broad peak around 2theta = 18o, which could have been 

due to the amorphous sample holder. The higher angle peaks associated with beta titanium 

were also present.  

  

    

(a)   (b)   
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Figure 4.41: XRD pattern of the alloy in the after heat treatment at 800oC for 2 hours 

showing (ɓTi). 

 

Tensile test results showed a significant decrease in strength, and increase in strain at fracture 

after heat treating at 800oC. The tensile strength was 844±16MPa, and strain at fracture was 

13.2±0.7%. The strength was lower than at all the lower annealing temperatures, while this was 

the highest ductility for the same temperature interval. Hardness decreased from 413±9HV at 

700oC, to 389±11HV. The decrease in strength and hardness, as well as the increase in ductility, 

were attributed to further dissolution of the precipitates, as shown in Figure 4.40. 

 

Since the matrix was now a single phase, measurement of grain size became more accurate and 

reliable. The mean grain size was still smaller than at the lower heat treatment temperatures, as 

shown in Table 4.20. The small grain size was attributed to plenty nuclei offered by the prior 

ŬTi grains and precipitates. 
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 Table 4.20: Grain size of the Timetal 125 style alloy after annealing at 800oC. 

Annealing time (min) 

 

Grain size (µm) 

0 19±7 

20 52±22 

30 56±19 

40 59±23 

60 61±19 

120 66±22 

 

4.6.7 Solution Treatment of the Timetal 125 style alloy at 900oC 

Annealing at 900oC for 2 hours resulted in a microstructure similar to that at 800oC, but the 

difference in contrast between the grain boundaries and the matrix was less pronounced, as 

shown in Figure 4.42. This decrease in contrast was attributed to further transformation of the 

Ŭ to ɓ, resulting in a more homogeneous composition.  

 

Figure 4.42: Optical micrograph of the Timetal 125 style alloy heat treated at 900oC for 

2 hours (micron bar = 100µm). 

 

Due to the fine size of the grain boundaries, particularly when observed under SEM in Figure 

4.43, it was not possible to separately analyse them. However, it was clear that most of the ŬTi 

had transformed to ɓTi, except on the grain boundaries. This was further support that the beta 

transus of the samples was ~800oC on cooling. The incomplete transformation probably 

showed the alloy needed to be annealed for a longer period to equilibrate.  
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Figure 4.43: SEM-SE micrograph of the Timetal 125 style alloy after annealing at 900oC 

for 2 hours (micron bar =100µm). 

 

The grains were generally equiaxed, with a mean grain size of 40±16µm. The grain size was 

smaller than after ageing at 800oC for 2 hours, and the reason for this decrease in the mean 

grain size after the temperature was elevated by as much as 100oC was not immediately clear. 

The alloy was still porous after heat treatment at this temperature, as shown in Figures 4.42 

and 4.43.  

The XRD pattern of the Timetal 125 style alloy after annealing at 900oC is shown in Figure 

4.44, in which the peaks were sharper and narrower than in the as-cast condition, or after 

annealing at 800oC, although some shift was still present. The sharper peaks were attributed to 

the more homogeneous microstructure, while their symmetry was attributed to the dissolution 

of precipitates. The broad peaks which were suspected to be noise in Figure 4.37 and 4.40 were 

no longer present, but a sharp peak which could not be identified appeared at 26o 2theta. The 

same peak was present in the XRD pattern of the as-cast alloy in Figure 4.20, in which it could 

also not be identified.  
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Figure 4.44: XRD pattern of the Timetal 125 style alloy after annealing at 900oC for 2 

hours. 

 

4.7  Properties of the Solution Treated Timetal 125 style alloy 

The alloys were deemed to be solution-treated after annealing at 900oC for 2 hours, followed 

by water quenching. The stress-strain curve of solution-treated alloy is shown in Figure 4.45. 

The alloy was ductile, and had its lowest strength in this state. Visual inspection of the broken 

samples showed significant necking, and a comparison of the gauge thicknesses showed 

30±5% reduction in area at fracture. Heat treatment at the various temperatures improved 

ductility, but at the expense of strength and hardness, Table 4.21.  

Table 4.21: Variation of UTS, strain and hardness of the Timetal 125 style alloy with 

annealing temperature. 

Temperature (oC) UTS (MPa) Strain (%)  Hardness (HV) 

As-cast 1476±11 3.1±0.2 495±8 

300 1411±12 4.2±0.4 480±9 

400 1373±11 5.1±0.3 454±8 

500 1187±12 8.4±0.2 430±9 

600 978±10 9.7±0.3 419±11 

700 879±11 10.4±0.6 413±9 

800 844±13 13.2±0.6 389±11 

900 769±13 15.7±0.6 375±7 

 

The tensile strength and strain at fracture of the Timetal 125 style alloy after solution treatment 

were 769±13MPa and 15.7±0.6%, respectively. Hardness was also substantially lower than 
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after annealing at the lower test temperatures. The microhardness results for the overall sample 

gave a hardness of 375±7HV, which was similar to at 800oC, but much lower than for the lower 

annealing temperatures. 

The decrease in strength and hardness, as well as the increase in strain at fracture, were 

attributed to the absence of precipitates and secondary phases after annealing at 900oC, and 

hence lack of precipitation hardening. Since the increase in ductility far outweighed the loss in 

strength, the fracture toughness of the alloy increased. 

 

Figure 4.45: Stress-strain curve of the Timetal 125 style alloy after heat treatment at 

900oC followed by water quenching. 

 

Heat treating lower than 800oC resulted in a microstructure characterized by precipitates, as 

was shown in the micrographs of the alloys annealed at the lower temperatures. Complete 

solutionization only occurred between 800oC and 900oC. Since 800oC was below the 

transformation temperature, it did not guarantee a single phase. Therefore, a higher temperature 

was necessary to ensure a fully (ɓTi) microstructure. The choice of 900oC was purely because 

the increments in test temperature were 100oC, otherwise the optimum was in this temperature 

interval.    
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4.8  Solution Treatment and Ageing (STA) of the Timetal 125 style alloy 

After keeping the solution-treated alloys for ~5 hours, fine precipitates formed inside the (ɓTi) 

grains, as shown in Figure 4.46, although this was probably due to surface oxidation and etch 

effects. Their size was too small for analysis by EDX, and they were homogeneously 

distributed in the matrix, which made analysis of the matrix unreliable. However, there were a 

few areas where the volume of the precipitates was high enough to allow analysis by EDX. 

There were no grains without precipitates, so only the overall composition was measured, and 

compared to the composition of the precipitates, to derive a difference.  The grain size after 72 

h was 43+21µm, which was the same as in the solution-treated state. 

 

Figure 4.46: Optical micrographs of the Timetal 125 style alloy after solution treatment 

at 900oC for 60 minutes followed by natural ageing for (a) 5 hours and (b) 72 hours 

(micron bars = 100µm).   

 

The EDX results in Table 4.21 showed the precipitates were higher in aluminium compared to 

the overall composition. The precipitates were ŬTi, or possibly Ŭȭ or Ŭȭȭ from transformed ɓ, 

formed from the partial decomposition of the ɓTi phase. The matrix had equiaxed grains, with 

approximately the same size as the mean grain size after solution treatment.  

 

Table 4.22: EDX analysis of the phases in Timetal 125 (wt%).  

Phase Ti  Al  Fe Mo V 

Matrix 79.7±0.9 2.6±0.2 5.7±0.3 6.0±0.2 6.0±0.1 

Precipitates 79.0±1.1 3.7±0.3 5.8±0.3 6.0±0.3 6.1±0.1 

 

The SEM micrograph from where the analyses in Table 4.21 were taken is shown in Figure 

4.47. Although the precipitates were small, and their separate analysis unreliable, there were 
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grains large enough with areas without precipitates to measure the composition of the matrix 

accurately. The micrograph had a higher magnification than Figure 4.46, and showed the alloy 

was still porous. The SEM image also showed a dark phase, which was higher in iron than 

either the matrix or precipitates, because EDX analysis showed the phase had 6.9±0.2wt% Fe, 

which was about 1wt% higher than the matrix or the precipitates inside the grains. 

 

Figure 4.47: SEM-BSE image of the Timetal 125 style alloy after solution-treatment, 

followed by natural ageing for 72 hours (micron bar = 50µm). 

 

The ultimate tensile strength marginally increased and reached a plateau at ~809MPa after 72 

hours, as shown in Figure 4.48. The strain at fracture decreased from 15.7±0.6% in the solution-

treated state to 11.0±0.7% after natural ageing for 72 hours. The increase in strength and 

decrease in ductility were attributed to increased precipitation hardening as the volume fraction 

of the precipitates increased over time. However, most alloys which use precipitation hardening 

as a strengthening mechanism have precipitates which are much finer than those here.  
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Figure 4.48: Variation of the ultimate tensile strength of the Timetal 125 style alloy with 

time at after solution treatment at 900oC. 

 

Hardness showed a similar trend, and the increase was also marginal. When the solution-treated 

Timetal 125 style alloy was subsequently artificially aged at various temperatures, grain size 

generally increased with increasing ageing temperature and time. From about 500oC, 

precipitation also occurred along the grain boundaries, and the precipitates coarsened, while 

many of the grains became free of precipitates. Thus, it was easier to measure their elemental 

compositions.  

4.8.1 Ageing the Timetal 125 style alloy at 400oC 

The microstructure after ageing at 400oC is shown in Figure 4.49, in which the most distinct 

feature was the allotriomorphic precipitates along the grain boundaries, which also extended 

into the grains. There were also some precipitates inside the grains, although they were much 

smaller than those along the grain boundaries. The mean grain size after ageing at this 

temperature was significant, showing increasing temperature greatly improved the kinetics of 

grain growth. Unlike the grains in the naturally aged alloy, there were many grains which had 

areas without precipitates. The areas void of precipitates were analyzed by EDX, and their 

composition was the alloy composition, Ti.2.7Al5.7Fe6Mo6V (wt%). However, it was not 

possible to analyze the precipitates separately because of their small size.  
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The microstructure still contained equiaxed grains, with most triple points at ~120o. The alloy 

was still porous, although the volume fraction of the pores was smaller than after annealing. 

This was supported by the higher density of the samples (99.6±0.2%), which was significantly 

higher than the densities in the annealed state.  

 

 

Figure 4.49: Optical micrographs of Timetal 125 after solution treatment at 900oC, 

followed by artificial ageing at 400oC for (a) 20 mins., and (b) 60 mins (micron bars = 

100µm).  

 

The grain size after 20 minutes was 45±17µm, which was about the same as in the solution-

treated state. The lack of grain growth was attributed to the precipitation in this time period, as 

shown in Figure 4.48(a). The size marginally increased to 48±22µm when time was increased 

to 40 minutes, but no further growth was observed beyond this, as shown in Table 4.23. The 

lack of growth was attributed to a loss in driving force as the interfacial energy decreased with 

increasing grain size. Also, the precipitation of the ŬTi precipitates was a competing process. 

The grain size corresponding 0 minutes was for the alloy immediately after solution-treatment.  

 

Table 4.23: Grain size of the (ɓTi) matrix during ageing the Timetal 125 style alloy at 

400oC. 

Soaking time (minutes) Grain size (ɛm) 

0 40±16 

20 45±17 

40 48±22 

60 49±18 

120 50±21 

 

Allotriomorphic (h Ti) on (̡ Ti) grain boundary 

(a) (b) 
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Figure 4.50 is a higher magnification optical micrograph after ageing the solution treated 

Timetal 125 style alloy at 400oC for 2 hours. It clearly showed the acicular precipitates, as well 

as grains which had regions near the grain boundaries without precipitates. The alloy annealed 

for 2 hours appeared to have less precipitates within the grains. This was attributed to 

coarsening, which was particularly evident along the grain boundaries, where some 

allotriomorphs were present.   

 

 

Figure 4.50: Optical micrograph of the Timetal 125 style alloy after Solution treatment 

at 900oC and artificial ageing at 400oC for 2 hours (micron bar = 20µm). 

 

The strength of Timetal 125 after ageing at 400oC for 60 minutes was 1153±21MPa, while 

strain at fracture decreased to 8.9±0.4%. The hardness of the overall sample was 429±8HV, 

which was much higher than for the solution-treated alloy. The increase in strength and 

hardness, as well as the corresponding decrease in strain, was attributed to age hardening due 

to increased precipitation of the secondary ŬTi.  

4.8.2 Ageing the Timetal 125 style alloy at 500oC 

Metallography showed the microstructure of Timetal 125 after ageing at 500oC was similar to 

after ageing at 400oC, at least with respect to the phases present. After ageing for 20 minutes, 

the acicular precipitates appeared inside the ɓTi grains. There were precipitates along the grain 

boundaries, together with some allotriomorphic precipitates. Compared to the microstructure 

after ageing at 400oC for 60 minutes in Figure 4.51, where the precipitates were fine; after only 

20 minutes at 500oC the precipitates had coarsened. The same coarsening happened at 400oC, 
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but after extending the ageing to 2 hours. Therefore, elevating to 500oC accelerated the 

formation of the acicular precipitates, and their coarsening into allotriomorphic ŬTi. In terms 

of the phases present, no change was noticed between the two temperatures, suggesting that 

the two temperatures marked the same two-phase field.  

 

 

Figure 4.51: Optical micrographs of Timetal 125 after solution treatment at 900oC for 60 

minutes followed by artificial ageing at 500oC for (a) 20 mins, and (b) 60 mins (micron 

bars = 100µm). 

 

On extending the ageing to 60 minutes, the volume fraction of the acicular precipitates and 

grain size increased, while the precipitates along the grain boundaries coarsened into 

allotriomorphic precipitates, as shown in Figure 4.51(b). The apparent increase in the 

precipitation was attributed to further decomposition of the metastable ɓTi into ŬTi. The spread 

in grain size after ageing was large, as shown in Table 4.24. The grain size reached a plateau 

at 55Ñ20ɛm after 40 minutes, which was slightly larger than the average grain size at 400oC. 

The very marginal grain growth as temperature was increased was attributed to the competing 

precipitation reaction, and resistance to grain boundary mobility due to the increasing 

precipitates.  

 

Table 4.24: Grain size after solution treating at 900oC and ageing at 500oC. 

Soaking Time (mins) Grain size (ɛm) 

0 40±16 

20 50±19 

30 53±22 

40 55±20 

60 56±21 

120 57±26 

  

(a)   (b)   
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Figure 4.52 is a high magnification optical micrograph after ageing for 2 hours at 500oC, and 

it shows the allotriomorphic ŬTi, as well as the acicular precipitates within the ɓTi grains. It 

was possible to separately analyze the matrix and the allotriomorphic phase by EDX, but not 

the acicular precipitates, as shown in Table 4.25. 

    

 

Figure 4.52: Optical micrograph of the Timetal 125 style alloy after solution treatment at 

900oC for 60 minutes followed by artificial ageing for at 500oC for 2 hours (micron bar = 

100µm).  

 

Table 4.25: EDX analyses of the matrix and the allotriomorphic precipitates. 

Phase Ti  Al  Fe Mo V 

Matrix 79.5±0.4 2.6±0.2 5.7±0.3 6.2±0.2 6.0±0.1 

Precipitates 78.9±0.1 5.9±0.4 4.2±0.3 5.1±0.3 5.9±0.1 

 

The SEM image from where the analyses in Table 4.25 were taken is shown in Figure 4.53. 

The acicular precipitates inside the grains were not easy to observe, but were suspected to be 

the dark spots inside the matrix. The dark and light phases were distinct and large enough to 

allow for separate analysis. The allotriomorphic precipitates were richer in aluminium, and 

lower in the other solute elements, and this was further confirmation that they were ŬTi, while 

the matrix was ɓTi. The higher magnification SEM image also showed the coarsening of the 

ŬTi along the grain boundaries. 

 

Acicular precipitates

( Thi) from coalescence

( T̡i)
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Figure 4.53: SEM-SE image of the Timetal 125 style alloy after ageing at 500oC for 2 

hours (micron bar = 50µm). 

 

The Timetal 125 style alloy attained its highest strength (1285MPa) after ageing at 500oC for 

60 minutes, while elongation at fracture was at its lowest, at 6.3±0.2%. Hardness of the alloy 

was also highest after ageing at this temperature. The microhardness analysis gave an average 

value of 497±6HV for the matrix, and 370±9HV for the precipitates along the grain boundaries. 

This was the highest hardness recorded for the matrix. The hardness of the allotriomorphs was 

similar to lower temperatures, and lower than the matrix. This was further support that the 

lighter phase was ŬTi. Attempts to age for longer periods at 500oC resulted in a gradual 

decrease in strength, which was attributed to over-ageing. Extended ageing time, as well as 

ageing higher than 500oC, resulted in the coarsening of the ŬTi precipitates. 

4.8.3 Ageing the Timetal 125 style alloy at 600oC 

Partial dissolution of the precipitates inside the grains occurred when the alloy was aged at 

600oC, resulting in some grains which did not contain precipitates, as shown in Figure 4.54. 

The precipitates along the grain boundaries were thinner than after ageing at 500oC. It was 

suspected the ŬTi was dissolving into the ɓTi matrix. 

Many of the ɓTi grains became precipitate-free, but all the grain boundaries still contained the 

ŬTi precipitates. The dissolution of the ŬTi precipitates was attributed to the Ŭ-ɓ 

transformation, which was supported by the DTA scan in Figure 4.25. EDX analyses of the 

allotriomorphic phase showed an even higher aluminium content than at 500oC, and this 

( T̡i) 

( Thi) 

Porosity 
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showed aluminium was retained in the residual ŬTi during the transformation, while the other 

solute elements partitioned to beta. 

 

Figure 4.54: Optical micrographs the Timetal 125 style alloy after solution treatment at 

900oC, followed by ageing at 600oC for 2 hours (micron bar = 100µm). 

 

There was a small increase in the mean grain size when temperature was increased from 500oC 

to 600oC. However, similar to the observations at 500oC, the grain size did not change 

significantly with increasing ageing time. Also, the change in grain size between 500oC and 

600oC was very small. The grain size was 58±26µm after ageing for 2 hours at 500oC, while it 

was 67±24µm at 600oC for the same period. Therefore, the increase in grain size was very 

marginal, and this probably showed the phase transformation in this temperature range was 

competing with grain growth. The grain size reached a plateau after ~40 minutes, just like at 

the lower ageing temperatures, as shown in Table 4.26. 

 Table 4.26: Grain size of the Timetal 125 style alloy after STA at 900oC and 600oC. 

Soaking Time (minutes) Grain size (ɛm) 

0 40±16 

20 55±21 

30 59±23 

40 62±34 

60 65±21 

120 66±24 
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The coarsening of the precipitates inside the grains for ageing times beyond 40 minutes at 

600oC was an indication of over-ageing, although most alloys with precipitation hardening 

have much finer precipitates than seen here. This was in agreement with the loss in tensile 

strength and hardness upon increasing the ageing temperature from 500 to 600oC. The tensile 

strength fell from its peak of 1285±23MPa at 500oC to 1249±19MPa after ageing at 600oC for 

60 minutes, as shown in Figure 4.55.  However, compared to all the other lower ageing 

temperatures, the tensile strength was higher. The elongation at fracture increased from 

6.3±0.2% at 500oC to 7.6±0.2% after ageing at 600oC for 60 minutes. 

 

Figure 4.55: Variation of ultimate tensile strength of the Timetal 125 style alloy with 

ageing temperature after soaking for 60 minutes. 

 

4.8.4 Ageing the Timetal 125 style alloy at 700oC 

The average size of the acicular precipitates and the thickness of the precipitates along the grain 

boundaries decreased after ageing for 700oC, even for as short as 20 minutes, as shown in 

Figure 4.56, and the grains were mainly equiaxed.  

There was no appreciable change in grain size on increasing temperature from 600oC to 700oC, 

and even on increasing the ageing time at 700oC. The grain size for samples that were aged for 

1 hour was 49±14µm, which was actually smaller than 67±24µm after 2 hours at 600oC. There 

was a small reduction in the amount of both the acicular and allotriomorphic precipitates 



 

135 
 

compared to after ageing at 600oC. The decrease in the mean grain size was attributed to ɓTi 

nucleating on the many prior ŬTi grains. 

 

Figure 4.56: Optical micrograph of the Timetal 125 style alloy after solution treatment, 

followed by ageing at 700oC for (a) 20 mins and (b) 60 mins (micron bar =100µm). 

 

Tensile test results showed ultimate tensile strength and strain at fracture for alloys aged at 

700oC for 60 minutes were 1099±17MPa and 9.4±0.3% respectively. This was a decrease from 

the strength that was recorded at 600oC, and an increase in the strain at fracture. Hardness 

measurements gave a mean of 445±17HV, which was also lower than at 600oC. The softening 

of the alloy, as shown by the decrease in strength and hardness, was further support that it was 

over-aged. 

4.8.5 Ageing the Timetal 125 style alloy at 800oC 

The optical micrographs after ageing at 800oC for 20 and 60 minutes are shown in Figure 4.57. 

The microstructure was similar to after solution treatment at 900oC, shown in Figure 4.42. 

However, the phase that precipitated along the grain boundaries was still present. The single 

phase microstructure supported that the beta transus of the alloy was ~800oC, and showed both 

the acicular and grain boundary precipitates were ŬTi. 

 

Tensile test results showed the ultimate strength was 793±36MPa, while the strain at fracture 

was 14.1±0.4%. The values were very similar to when the alloy was solution treated. The 

hardness was 389±8HV, which was also close to the hardness after solution treatment. The 

density of the alloy after ageing at this temperature for 60 minutes was 99.6±0.3%, which was 

also similar to the solution-treated state, and significantly higher than at all the other ageing 

temperatures.  

(a)   (b)   
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Figure 4.57: Optical micrographs of the Timetal 125 style alloy after ageing at 800oC for 

(a) 20 minutes and (b) 60 minutes (micron bar = 100µm). 

4.9 Thermodynamic modelling 

The phase assemblage of, as well as the partitioning of the solute elements in, Timetal 125 was 

modeled by Thermo Calc. The alloy composition was fixed to that of Timetal 125, while 

pressure was invariant at 1 atm. The basis of the modeling was a mathematical description of 

the Gibbs energy of all the composition permutations at different temperatures, to establish the 

phases which had the elements at their lowest chemical potential. Temperature-phase 

proportion (T-x) plots were then intrinsically generated, and compared with experimental data. 

This was important, since the development and interpretation of quinary phase diagrams are 

not trivial. Similar to phase diagrams, T-x plots are also equilibrium thermodynamic diagrams, 

and hence their predictions may not always be the same as experimental observations.  

4.9.1 Phase compositions of Timetal 125 

The calculated phase composition of Timetal 125 at different temperatures is shown in the 

Thermo-Calc temperature-phase proportion plot in Figure 4.58. The calculation showed four 

phases to be thermodynamically stable in Timetal 125, the melting point at ~1540oC. ŬTi and 

ɓTi, as well as liquid titanium, were calculated to be stable. The TIM-B2 phases refer to the 

ordered compounds TiFe, TiMo or TiV (Yang et al., 2012), and were also shown to be stable, 

but at much lower temperatures and in smaller quantities. At ~500oC, the proportions were 

calculated to be ~56wt% ɓTi, 43wt% ŬTi, and 1wt% intermetallic phases. 

(a)   (b)   




















































































































































































































