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ABSTRACT 
 

This study investigated the effect of microstructure on properties of selected Pt-based alloys. 

Six alloys of different compositions were analysed after heat treatment at 1500°C for 18 

hours, followed by quenching in water; then annealed at 1100°C for 120 hours and air cooled, 

equivalent to a potential industrial specification. Microstructural characterisation utilised 

OM, SEM, AFM, TEM and EDX. Further characterisation was carried out using a 

nanoindentation hardness tester for nanohardness and elastic modulus measurements.  The 

research focus was to characterize the different morphologies of γ′ ~Pt3Al precipitates during 

a single heat treatment, and to understand the nano-mechanical properties of the γ′ 

precipitates and γ (Pt) matrix, taking their proportions into account. 

In the present work, the samples were successfully etched, (which was not possible before) 

allowing optical microscopy and SEM to give much clearer microstructures than previously. 

The precipitate volume fractions were measured from SEM and AFM images, and agreed 

well. The γ′ volume fraction (expressed as percent) of nominal Pt78:Al11:Cr6:Ru5 (at.%) alloy 

was 51 ± 6% (SEM) and 57 ± 10% (AFM), while for nominal Pt85:Al7:Cr5:Ru3 (at.%) it was 

45 ± 6% (SEM) and 48 ± 8% (AFM). A comparison of the γ′ volume fractions obtained from 

TEM showed that, compared to SEM, as the γ′ volume fraction observed with SEM 

increased, the γ′ volume fraction measured in TEM increased, although the TEM volume 

fraction results are believed to have considerable error due to TEM only revealing the 

microstructure of relatively small regions compared to SEM. Comparing with Pt-Al-Cr-Ni 

alternatives with γ′ volume fractions of 51-57%, the nominal Pt78:Al11:Cr6:Ru5 and nominal 

Pt85:Al7:Cr5:Ru3 (at.%) alloys have comparable γ′ volume fractions within, experimental 

error, and are considered as promising. From a microstructural viewpoint, these alloys were 

identified as the most promising. 

TEM revealed that at the specific heat treatment there were multiple size ranges of γ′ 

precipitates. The ~Pt3Al precipitate structure was found to be cubic L12, rather than 

tetragonal. The orientation relationship between the γ matrix and γ′ precipitates was found to 

be [114]M||[114]P; [001]M||[001]P; [103]M||[103]P. 

The nano-mechanical properties of the γ matrix and γ′ precipitates of Pt-Al-Cr-Ru alloys 

were investigated for the first time. At 2.5mN, it was possible to measure mechanical 

properties inside the individual γ′ precipitates and γ matrix channels, and in all six alloys the 
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γ′ precipitates were the harder phase. The hardness of γ´, γ and the overall alloy was a 

function of the Pt content, and the hardness of the overall alloy was also a function of the Al 

content. The overall alloy hardness for nominal Pt85:Al7:Cr5:Ru3 (at.%) was 9.0 ± 0.3GPa and 

9.2 ± 0.3GPa for nominal Pt78:Al11:Cr6:Ru5 (at.%). 

The new findings on image analysis showed that the precipitate volume fractions of nominal 

Pt78:Al11:Cr6:Ru5, nominal Pt85:Al7:Cr5:Ru3 and nominal Pt78:Al11:Cr8:Ru3 (at.%) were 

comparable to commercial nickel-based superalloys (NBSAs). TEM has shown that the 

precipitate morphology was similar to that of NBSAs, while nanoindentation studies 

indicated that the Pt-Al-Cr-Ru alloys’ overall, γ and γ phase nanohardnesses and elastic 

moduli were also similar to NBSAs. These results were encouraging, since the NBSAs 

already have commercial applications. Thus, more research efforts are encouraged on the Pt-

Al-Cr-Ru alloys in order to further improve the properties of these alloys. 
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CHAPTER ONE 

1. INTRODUCTION AND BACKGROUND 
 
 
The term “superalloy” applies to a group of alloys that have been developed for optimal 

performance at high temperatures. As such, these alloys have been designed to maximize 

corrosion and creep resistance. A large variety of superalloys has been established to date, 

although the group finds its roots in research on steels during the First World War [1997Dur]. 

At that time, researchers both in France and the USA filed the first patents for complex Fe-

based alloys for land-based gas turbine engines and jet engines. 

Superalloys emerged in the 1940s as the optimal material for the demanding environment in 

the hot section of gas turbine engines. In the decades following, researchers aggressively 

pursued improvements in high temperature mechanical properties and stability, bringing 

about a diverse variety of superalloys generally categorized by their base material, for 

example, Fe-based, Ni-based and Co-based alloys [1972Sim, 1987Sim, 2006Ree].  Driven by 

the demands of World War II applications, the United States of America and the United 

Kingdom were the principle players in superalloy development.  By the 1970s and 1980s, Ni-

based superalloys became prominent as corrosion-resistant, high-strength, high temperature 

alloys, with numerous variations commercially available. Ni-based superalloys have excellent 

mechanical properties due to precipitation strengthening. The microstructure comprises many 

small, strained-coherent, particles of the γ′ phase based on Ni3Al, in a softer matrix of the γ 

phase, the solid solution (Ni) of nickel [1987Sim]. The strengthening originates from 

dislocations being slowed down as they negotiate the small ordered γ′ particles. In addition to 

advances based on alloy chemistry, researchers also explored production techniques to 

optimize the microstructure and properties of these superalloys [1987Sim, 2006Ree]. Beyond 

traditional cast and wrought methods, superalloys can be produced as directionally-solidified 

metals, single crystal products, or by powder metallurgy.  Each processing technique caters to 

a specific application and presents unique advantages and challenges. In addition to aircraft, 

marine, and industrial gas turbines, superalloys see service in space vehicles, rocket engines, 

nuclear reactors, submarines, steam power plants, and petrochemical equipment [1987Sim, 

2006Ree]. About 15-20% of the alloys have been developed for utilization in corrosion-

resistant applications [1987Sim, 1997Dur, 2006Ree]. 
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A combination of increasing refractory alloying additions and advances in processing has 

resulted in substantial increases in the maximum temperature capability of superalloys over 

the past few decades [2000Tan]. For example, considering a creep-rupture life of 1000h at a 

stress of 137 MPa, single-crystal superalloys have a temperature capability of approximately 

1100˚C [2004Wal], whereas conventionally cast equiaxed alloys developed in the 1970s had 

a temperature capability of 900–950˚C [2000Tan]. The temperature capabilities have reached 

85–90% of the melting point, and even higher [2004Wal]. However, the melting temperatures 

and oxidation resistances of these alloys ultimately limit the maximum temperature attainable 

[1987Sim, 1999Cle, 2006Ree]. The demand for materials capable of attaining even higher 

operating temperatures is increasing, since increased operating temperatures imply: greater 

thrust-to-mass ratios, improved fuel efficiency, reduction of noise levels and reduced 

pollution [1987Sim, 2003Yok, 2006Ree]. 

The search for improved superalloys continues with possibly more resources and techniques 

than that for any other alloy system [1996Yam, 2000Wol, 2003Sch1]. Although nickel-based 

superalloys will probably continue to form the basis of jet engines for many years to come, 

there is an argument for examining a completely new system with the potential for operation 

in the ultra-high temperature regime [1996Yam, 2000Wol, 2003Sch1]. Higher melting point 

alloys have the additional advantage of microstructural stability and hence improved creep 

resistance, since the diffusion rates of high melting point elements are generally extremely 

slow [1974Avn]. 

To meet the demands of increased strength and particularly thermal fatigue resistance for 

turbine blades and vanes, material scientists developed methods of directional solidification 

whereby all the grains are aligned along the length of the component, thus eliminating 

weakening transverse grain boundaries [1972Sim, 2006Ree]. In the past forty years, material 

scientists have developed advanced methods to produce single crystal components. 

Degradation by high-temperature oxidation, hot corrosion, and erosion are the main failure 

modes of components in the hot sections of gas turbines, boilers, industrial waste 

incinerators, metallurgical furnaces and petrochemical installations [1995Esm, 2010Kam]. 

Superalloys have been developed for high temperature applications, but they are not able to 

meet the requirements of both the high-temperature strength and the high-temperature 

erosion–corrosion resistance simultaneously [2010Kam]. The turbine engines are exposed to 

high temperatures and harsh environments and therefore tend to suffer from significant 
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material degradation during service [1995Esm]. Numerous Ni-, Co-, and Fe-based 

superalloys are used in gas turbine engine applications [2010Kam]. Fuel oils and fossil fuels 

used in energy generation systems contain complex mixtures of molten sodium sulphate 

(Na2SO4) and vanadium pentoxide (V2O5). The Na2SO4 can be ingested in the turbine intake 

air or it can be produced by the reaction between sodium chloride (NaCl) ingested with the 

intake air and sulphur impurities in the fuel. Vanadium is present in the fuel in the form of 

vanadium porphyrin (C24H18N4VO), which transforms during combustion into V2O5. The 

V2O5 and Na2SO4 form low melting point inorganic compounds, which undergo a eutectic 

reaction below 600°C. When the temperature exceeds the melting point of the deposits, these 

compounds start slowly depositing on the turbine blades, and consequently the corrosion rate 

rapidly increases due to faster transport phenomena in liquid phase [2010Kam]. Hence, for 

efficient functioning of gas turbine components, it is essential to develop superalloys with 

high-temperature strength as well as good hot corrosion resistance [1999Gur, 2010Kam]. 

 Alloys based on intermetallic compounds such as NiAl, TiAl and RuAl have received 

considerable attention in the past 30 years, because the ordered structure of intermetallic 

compounds imparts good high temperature strength [1986Gia, 1990Fle, 1991Fle, 1997Wil]. 

However, most intermetallic compounds are inherently brittle at room temperature, and the 

development of useful alloys is limited by this brittleness [1986Gia, 1993Fle, 1997Wil, 

1997Yam1]. Refractory metals such as Mo, Ta and W have also been considered, but their 

alloys have limited high temperature oxidation resistance, and also limited creep resistance, 

because of their more open body-centred cubic (bcc) crystal structure [1987Sim, 2006Ree]. 

Ceramics and composite materials have also been the focus of considerable research, but their 

poor room-temperature toughness, low resistance to thermal shock and poor oxidation 

resistance remain problematic [1981Gan, 1986Hil, 1993Raj]. 

Mo–Si–B alloys have attracted attention as alternatives to Ni-based superalloys for gas turbine 

blades due to their high melting point and excellent oxidation resistance, as well as good 

mechanical properties at a higher service temperature than that of Ni-based superalloys. The 

Mo–Si–B alloys consisting of α-Mo (solid solution) and two intermetallic phases of Mo3Si 

(A15) and Mo5SiB2 (T2) have excellent properties at both high temperature and room 

temperature [1997Ber1, 1997Ber2], although the intermetallic compounds are brittle, whereas 

α-Mo is relatively ductile. Therefore, to develop Mo–Si–B alloys with both superior 

mechanical properties and oxidation resistance, it is necessary to control their microstructures, 
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ensuring that intermetallic phases are distributed within a continuous ductile phase matrix of 

αMo [2014Hwa]. 

An alternative approach is the development of alloys based on the platinum group metals 

(PGMs) [1996Yam]. The PGMs (Ru, Ir, Rh, Os, Pd and Pt) generally have high melting 

temperatures, and superior environmental resistance to the refractory alloys. Additionally, 

certain PGMs such as Rh, Pd, Ir and Pt have face-centred cubic (fcc) crystal structures, to 

potentially allow analogous alloys to the nickel-based superalloys to be developed. Scientists at 

the National Institute for Materials Science (NIMS, formerly NRIM) in Japan have achieved 

promising results for Ir- and Rh-based alloys [1981Liu, 1993Gyu, 1994Har, 1996Yam, 

1997Yam1, 1997Yam2, 1998Yam]. Alloys with strengths of up to 200 MPa at 1800°C have 

been produced. 

Experimental Pt-based alloys have been studied at Mintek and the University of the 

Witwatersrand. It was found that successful Ni-based superalloy analogues could be 

manufactured with alloys of the approximate composition Pt82:Al14:X4 (at.%) where X was 

Cr, Ti and Ru [2001Hil1, 2001Hil2]. The best properties were exhibited by the Pt-Al-Cr and 

Pt-Al-Ru alloys, although the precipitate volume fraction was not as high as in the Ni-based 

superalloys [2009Cor1, 2009Cor2]. A quaternary alloy was targeted from a combination of 

these alloys to have both alloys’ properties and increase the ~Pt3Al volume fraction [2001Hil2, 

2007Cor]. Chromium stabilized the cubic L12 ~Pt3Al precipitate, and Ru gave solid-solution 

strengthening to the (Pt) matrix. Experimentation gave Pt84:Al11:Cr3:Ru2 (at.%) as the best 

composition with a reasonable proportion of precipitates and good properties, including 

hardness. The volume fraction of ~Pt3Al was estimated, using image analysis, to be 

approximately 25 – 30%.  The highest hardness was found in the alloy without primary ~Pt3Al. 

There was no clear relationship between the hardness and the composition. 

On the basis of hardness and microstructure, a later study identified a new optimum alloy 

composition [2008Sho1, 2008Sho2, 2008Sho3, 2009Sho1, 2009Sho2]: Pt78:Al11:Cr6:Ru5 

(at.%). However, characterisation of the samples was not easy and needed further work 

[2009Sho2], such as suitable etching and TEM studies. The eutectic formation of Pt + ~Pt3Al 

could not be suppressed, and so the alloys still showed brittle failure along the interdendric 

regions, where the eutectic formed [2008Süs1]. Süss et al. [2006Süs, 2008Süs1] varied the 

cooling rates for Pt-Al-Cr-Ru and Pt-Al-Cr-Ru-Co alloys by furnace cooling, air cooling and 

water quenching of the heat treated 1200°C to 1400°C samples. Water quenching the Pt-Al-
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Cr-Ru alloys from either 1350°C or 1400°C was found to yield low ~Pt3Al precipitate 

volume fractions. However, Süss et al. [2008Süs1] recognised that it was possible that some 

the precipitates may have been too small to be observed, and that if this was the case, TEM 

should be employed. 

 

1.1 Rationale of this Investigation 

 
Research work on Pt-based alloys for high temperature applications in aggressive 

environments has progressed well [2007Cor]. The first tensile tests of the alloys worldwide 

were undertaken at ambient temperature. The results were very encouraging, since they were 

comparable to those of other high temperature alloys [2004Süs1, 2004Süs2]. TEM studies 

have shown that between 810°C and 870°C, some precipitate dissolution occurs [2007Cor, 

2004Dou1]. The results suggested that further additions to stabilize the small precipitates 

would be beneficial above 1300°C, because changes to the microstructure were observed at 

this temperature [2004Dou1, 2004Dou2, 2007Cor, 2007Dou]. Work at the Fachhochschule 

Jena and the University of Bayreuth started from a promising Pt-Al-Cr alloy [2002Süs1], and 

investigated the influence of additions of further elements on mechanical strength and 

microstructure. Niobium, Ta and Ti were found to increase strength when added as a partial 

substitute for Al, although there was higher susceptibility to internal oxidation [2005Hül, 

2005Vor, 2005Wen1, 2005Wen2]. After ageing, finely dispersed precipitates in the matrix 

were observed. Minor additions of B greatly increased creep resistance and rupture time, due 

to strengthening of the grain boundaries [2006Völ]. Rhenium was found to slow down 

precipitate growth and to further increase creep strength. 

  

Hill et al. [2001Hil3] expected that increasing research efforts in this area by thorough 

characterization of the platinum alloys would assist future development for current and future 

application needs. The current PhD work continued from where the MSc work stopped 

[2009Sho1], in which nominal Pt78:Al11:Cr6:Ru5 (at.%) was found to be the promising alloy 

from both microstructure and economical considerations [2009Sho1]. Using the optimum 

composition from the MSc [2009Sho1], new samples were made to study the effect of the 

microstructure on the properties of selected Pt-based superalloys, which was the purpose of 

the PhD work. To achieve this purpose, the original objective of the PhD was two-fold: to 
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grow single crystals of Pt-based superalloys, and compare the microstructure and properties 

with conventionally-produced (polycrystalline) material; and to undertake transmission 

electron microscopy (TEM) studies, atomic force microscopy (AFM), carry out better etching 

on these materials, as well as produce a range of polycrystalline alloys of different 

compositions. However, since the crystal grower took longer than expected to become fully 

operational, the project focus was changed, although the work done on the single crystal 

grower is reported in Appendix C. The new objective was to study the effect of the 

microstructure on the properties of selected Pt-based superalloys. 

 

The strength of the Pt-based alloys depends primarily on the ordered strengthening 

precipitates dispersed in the γ matrix. The properties depend on the microstructure of the 

alloy, which is directly influenced by the composition and heat treatments [1987Sim, 

2006Ree]. Thus, an in-depth TEM study was important in understanding the properties of 

these alloys. The contributions of the TEM studies were to firstly show the effect of the heat 

treatment compared to the as-cast samples on the morphology and distribution of γ′ 

precipitates, as well as the variation in the partitioning of different alloying elements in the γ 

matrix and γ′ precipitates. Secondly, the objectives included achieving an understanding of 

the formation of different morphologies of γ′ precipitates that occur during heat treatment by 

comparing with NBSAs. Thirdly, TEM work was to be used to assist in determination of the 

precipitate volume fraction, to allow for the comparison of different alloys. 

 

There are at least two ~Pt3Al allotropes [1986McA, 1987Oya], and the high temperature 

cubic structure has better properties than the lower temperature tetragonal form, and as such 

it needs to be stabilised. Thus, the fourth contribution of the TEM studies was to undertake 

diffraction pattern analyses to determine the ~Pt3Al structure and the orientation relationship 

between the γ matrix and γ′ precipitates. 

 

Since the Pt-based superalloys are intended for applications similar to NBSAs, a comparison 

of the nanomechanical properties of the Pt-based alloys to the NBSAs was considered 

important. Thus, the mechanical properties of the individual phases (the precipitates and 

matrix) were studied by means of nanoindentation using AFM, to measure the hardness and 

modulus of elasticity of the ~Pt3Al precipitates and (Pt) matrix. It is desirable to maximise the 

hardness of the Pt-based alloys without compromising properties such as high temperature 
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strength, and to attain hardnesses at least as high as for the NBSAs. This can be achieved by 

optimizing the microstructure to give high volume fractions of the small precipitates. 

 

The volume fraction of the γ′ precipitates is such an important aspect with regard to the 

properties of these alloys, that the volume fractions of the γ′ precipitates were measured using 

SEM images after successful electrolytic etching, and the results were compared with both 

the AFM and TEM measurements.  

 

1.2 Outline of the Thesis 

 
Chapter Two presents a short literature review with regard to Ni-based superalloys relevant to 

this work and also previous work that has been done on the Pt-based superalloys. A review 

on the instrumentation and methods used in the current work is presented in the experimental 

procedure, the third chapter. The fourth chapter is dedicated to the results obtained, starting 

with XRD, followed by OM, SEM, AFM and image analysis studies, TEM studies, and 

finally, nanomechanical properties. The fifth chapter is a discussion of the results, while 

conclusions and recommendations for future work are presented in Chapter Six. Appendices 

A and B present more results from nanoindentation studies. Appendix C documents work 

undertaken on the single crystal grower. Appendix D shows the XRD pattern of the plasticine 

and the methodology for distinguishing between the two forms of Pt3Al and the platinum-rich 

solid solution phase. Appendix E gives a summary of the Oliver-Pharr method used in this 

work and explains the phenomenon of the pop-in event, and also the method of calculations. 

The papers published and presentations made during the course of this investigation are 

shown or listed in Appendix F. 
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CHAPTER TWO 
 

2. LITERATURE SURVEY 

2.1 Introduction 
 
Superalloys based on platinum-group metals are being developed for high-temperature 

applications [2000Wol]. These Pt-based alloys have two-phase microstructures comprising 

either ordered precipitates in a matrix, analogous to the nickel-based superalloys [2000Hil1, 

2002Hil, 2009Cor1, 2009Cor2, 2009Dou] or a fine dispersion of oxide particles in a matrix, 

analogous to oxide-dispersion-strengthened nickel-based alloys [2001Fis1].   

 

The aim of this literature survey is to provide a review on the development stages and 

progress made in the development of platinum group metal (PGM) superalloys for high 

temperature use, as well as their properties and morphology, with more attention given to the 

Pt-Al-Cr-Ru superalloys. The review will first highlight the history of superalloys, nickel-

based single crystal superalloys, earlier work done on the development of a new generation of 

materials to succeed the nickel-based superalloys, ending with the latest work done on Pt-

based alloys through collaborative studies undertaken by Mintek, the University of the 

Witwatersrand, University of Bayreuth and the Fachhochschule Jena-University of Applied 

Sciences, and NIMS. 

2.2 Development and History of Superalloys  

2.2.1 Microstructure 

 
In the 1950s, adding strengthening elements increased the NBSAs’ strength, but then led to 

significant problems created by embrittling phases [1987Sim, 2006Ree]. The 1950s also saw 

the generation of very complex grain boundaries, with carbides enclosed in γ′, creating a 

dispersion-strengthened layer bonding the grain boundaries. By 1970, the effects of hafnium 

had been discovered, and the γ′-enclosed carbide structure was not essential. Directional 

solidification (DS) processing created aligned grains, hence aligned grain boundaries, and 

even aligned strengthening filaments (such as TaC) were documented. In the 1980s, aligned 

homogeneous single crystal (SC) structures improved the properties. Through heat treatment, 
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transverse plates of γ′ were created in single crystals, which gave still further strengthening 

[1987Sim, 2006Ree]. 

 

2.2.2 Mechanical Properties 

 
The prime reason for the existence of superalloys is their outstanding strength over the 

temperature ranges at which gas turbine components operate [1970Ver, 1979Nor]. Their 

close packed fcc lattice has the capability to maintain relatively high and reliable tensile, 

rupture, creep, and thermomechanical fatigue properties at temperatures that are much higher 

than for equivalent bcc systems [1970Nor]. Contributing factors are the high modulus of the 

fcc lattice, high density of slip systems, and its low diffusivity for secondary elements. The 

broad solubility ranges of secondary elements in the fcc matrix enables precipitation of 

intermetallic compounds (such as γ′ and γ′′) for strength. Strengthening effects also can be 

obtained by solid-solution strengthening, carbide precipitation, grain boundary control, and 

single crystal generation [1970Nor, 1972Sim, 1987Sim, 2006Ree]. Solid solution 

strengthening is obtained from the broad solubility ranges and a sloping solidus is also 

needed. 

 

2.2.3 Development of Processing 

 
The material and casting improvements that have taken place during the last 50 years have 

enabled superalloys to be used first as equiaxed castings in the 1940s, then as directionally 

solidified (DS) materials during the 1960s, and finally as single crystals (SC) in the 1970s. 

The advancement in each casting technique resulted in higher application temperatures 

[1970Pie, 1972Sim, 1970Ver, 2006Ree]. There are two primary reasons that explain why DS 

superalloys are superior to conventionally cast superalloys. Alignment, or elimination in the 

case of SC superalloys, of the grain boundaries normal to the stress axis enhances elevated 

temperature ductility by eliminating the grain boundaries as failure initiation sites. The second 

reason is that the DS process provides the preferred <001> orientation, which has a low 

modulus, parallel to the solidification direction. This results in a significant enhancement in 

thermal fatigue resistance, which is important for components used at elevated temperatures 

[1970Ver]. Ver Snyder et al. [1970Ver] were the first to demonstrate for superalloys that by 

aligning the grain boundaries parallel to the principal stress axis, the stresses acting at elevated 
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temperatures on the weak grain boundaries could be minimized, thus delaying failure and 

initiation and enhancing creep rupture life. 

 

2.3 Nickel-based Superalloys 

2.3.1 Introduction 

 
Nickel-based alloys are the most complex and widely-used superalloys for high temperature 

applications when significant resistance to spontaneous deformation under sustained load, as 

well as resistance to oxidation (as in the case of gas turbine engines) is required [1987Sim, 

2006Ree]. The combination of high-temperature strength and oxidation resistance renders 

them highly successful in service as structural high-temperature materials. These alloys 

contain up to 14 elemental alloying constituents, as well as additions of trace elements 

[1992Bro]. The chemical compositions of these alloys are selected to produce the desired 

structure and properties for a specific application [1987Sim, 1990Lee, 2006Ree]. From 1940 

to 1965, the properties given the most attention for applications such as aircraft engine blades 

were high-temperature tensile strength, creep rupture strength to 5000 hours, and oxidation 

resistance [1987Sim, 1990Lee, 2006Ree]. 

 

2.3.2. Single Crystal Alloys 
 

The single-crystal (SC) superalloys are often classified into first to fifth generation alloys. The 

second and third generations have improved creep properties and increased volume fraction of 

the precipitates compared to the first generation and contain about 3 wt% and 6 wt% rhenium 

respectively (Table 2.1), while the first generation had no rhenium [1990Lee, 1999Car1]. 

Figures 2.1 to 2.3 [1999Car1, 1993Har, 2003Yok] show typical microstructures of the first, 

second and third generation superalloys and their similarities. The main feature of the AM3 

first generation microstructure is the homogeneous distribution of γ′ micro-precipitates in the 

γ matrix (Figure 2.1) [1999Car1]. The second generation microstructure (Figure 2.2) is 

characterised by remnants of the dendritic growth. The second and perhaps the most 

important feature is the rough edges of the γ΄ precipitates. Porosity is the third important 

microstructural feature of the CMSX-4 second generation NBSA, and this affected the 

fatigue properties, causing fatigue crack initiation [1993Har]. The third generation 
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microstructure (Figure 2.3) is characterised by elongated γ΄ precipitates and looks similar to 

the AM3 first generation SC superalloy [1999Car1, 2003Yok]. 

 

Table 2.1. Nominal compositions (wt%) of single crystal superalloys, balance Ni 
[1996Eri]. 

 
 

 
Figure 2.1. Two-phase γ - γ′ microstructure of fully annealed heat treated AM3, a first 
generation single crystal superalloy [1999Car1]. 
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Figure 2.2. Microstructure of fully heat treated CMSX-4, a second generation single 
crystal superalloy [1993Har]. 
 

 
Figure 2.3. Microstructure of a third generation Rene N5 heat treated at 1025˚C for 16 
hours showing a two-phase γ - γ′ microstructure [2003Yok]. 
 
 
The single crystal NBSAs contain a high volume fraction of strengthening LI2 ordered Ni3Al-

based γ′ phase particles homogeneously distributed in the γ matrix as near cubic precipitates.  

Most NBSAs contain 10-20 wt% Cr, up to 8 wt% Al and Ti, 5-10 wt% Co, and small 

amounts of B, Zr and C (Table 2.1). Other common additions are Mo, W, Ta, Hf and Nb 

[1995Eri, 1996Eri, 1999Car2]. In broad terms, the elemental additions in Ni-based 

superalloys can be categorized as being [1987Sim, 2006Ree]: 

i) γ-formers (elements that tend to partition to the γ matrix) 

ii) γ′-formers (elements that partition to the γ′ precipitate) 

iii) Carbide formers, and 

iv) Elements that segregate to the grain boundaries.  

 

 
 

12 



Elements which are considered γ-formers are Group V, VI, and VII elements such as Co, Cr, 

Mo, W, and Fe [1986Gia, 1995Eri, 1996Eri]. The atomic diameters of these alloys are only 3-

13% different from Ni (the primary matrix element). The γ′-formers come from Group III, 

IV, and V elements and include Al, Ti, Nb, Ta and Hf. The atomic diameters of these 

elements differ from Ni by 6-18%. The main carbide formers are Cr, Mo, W, Nb, Ta and Ti. 

The elements  B, C and Zr  form grain boundary precipitates, which, when present as discrete 

particles,  are  believed to pin grain boundaries and thereby inhibit grain boundary sliding. They 

have also been reported [1986Gia, 1995Eri, 1996Eri] to significantly improve creep life, 

rupture strength, and tensile ductility at elevated temperatures. Their atomic diameters are 21-

27% different from Ni [1986Gia, 1995Eri, 1996Eri].  

 

Rhenium is a very expensive addition, but leads to an improvement in the creep strength and 

fatigue resistance. It is argued that some of the enhanced resistance to creep comes from the 

promotion of rafting by rhenium, which partitions into the γ phase and makes the lattice misfit 

more negative [1996Eri]. Rafting is a phenomenon that occurs under the combined influence of 

stress and temperature, where the initial γ′ phase separated by channels of γ matrix transforms 

into plates or coalesces to form layers [1997Nab]. Atomic resolution experiments have shown 

that the Re occurs as clusters in the γ phase [1997Nab]. It is also claimed that rhenium reduces 

the overall diffusion rate in NBSAs [1996Eri]. The properties of superalloys deteriorate if 

topologically close-packed phases (TCP) precipitate. In these phases, some of the atoms are 

arranged as in nickel, where the close-packed planes are stacked in the fcc sequence ABCABC. 

The addition of rhenium promotes TCP formation, so alloys containing these solutes must have 

reduced Cr, Co, W or Mo concentrations to compensate. It is generally not practical to remove 

all these elements, but the chromium concentration in the new generation superalloys is much 

reduced, to about 2.5 wt% Cr. Chromium does protect against oxidation, but oxidation can also 

be prevented by coating the blades [1970Ver, 1995Eri, 1996Eri, 1999Car2]. 

 

The fourth-generation nickel-based single-crystal superalloys contain large amounts of 

refractory metals for strengthening and platinum group metals for the prevention of TCP 

precipitates, and they show excellent high-temperature strength [2008Wu]. However, these 

alloying elements decrease the high-temperature oxidation resistance. The alloys contain 2 

wt% Ru, which improves the stability of the microstructure. The addition of ruthenium also 

results in excellent high temperature strength compared to the previous generation of 
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superalloys [2006Kaw, 2008Wu]. Figure 2.4 [2008Wu] shows the microstructure of a fourth 

generation superalloy, TMS-138, with fine ~Ni3Al precipitates between the coarser 

precipitates which did not occur in the prior generations. 

 

 
Figure 2.4. TMS-138 fourth generation single crystal superalloy, showing coarse and 
fine Ni3Al cubic precipitates in a (Ni) matrix [2008Wu]. 
 

The latest, fifth generation superalloys TMS-138A and TMS-196 are advanced nickel-based 

single crystal superalloys containing 5 wt% Ru and 4.6 wt% Cr. They exhibit not only good 

microstructural stability, but also excellent resistance against creep, thermo-mechanical 

fatigue and oxidation. The microstructure (Figure 2.5 [2008Yeh]) is similar to those of the 

third generation superalloys [2006NIM]. 

 

 
Figure 2.5. Heat treated fifth generation microstructures in (a) TMS-138A, and (b) 
TMS-196 [2008Yeh]. 
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2.3.3 Effect of Grain Boundaries on Mechanical Properties 
 

Crack formation during directional solidification (DS) of Ni-based superalloys in investment 

casting is a well-known problem [1999Boy]. Cracking occurs at the columnar grain 

boundaries in the last stages of the DS process, and is also known as hot tearing, hot cracking, 

or solidification cracking. It has been well established that the DS versions of particularly 

high chromium superalloys, such as IN792, suffer significantly from this problem [1999Boy].   

 

Zhang and Singer [2002Zha1] examined the effects of grain boundary misorientation on the 

castability of IN792 and CM247 by casting single-crystal (SC) and bi-crystal specimens. 

Crack-free specimens were obtained in castings with grain boundary misorientation angles of 

less than ~12º. Severe cracking occurred if the grain boundary angle was greater than 25º. 

The amounts of eutectic melt and foreign element segregation were also larger at the grain 

boundaries. The greater susceptibility of the grain boundary to hot tearing was almost 

certainly caused by a reduced strength compared to that of the grain interior. Grain boundary 

weaknesses of nickel-based superalloys have also been observed during service in the hot 

turbine engine sections and also during welding [1999Boy, 1994Zha]. Figure 2.6 [1994Zha] 

shows a crack in a turbine engine superalloy initiated along the grain boundaries. 

 

 
Figure 2.6. SEM-SE micrograph showing crack growth into grain E [1994Zha]. 
 

2.3.4 Development of Different γ′ Morphologies and Sizes in NBSAs 
  

This section of the literature review gives a brief summary on the mechanisms responsible for 

the development of different γ′ Ni3Al precipitate morphologies in NBSAs. These are 

considered important to explain the precipitate morphologies and overall microstructure 
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observed. 

In this work, the Pt-based alloys being developed are NBSAs analogues. Little work has been 

undertaken in order to understand the mechanisms involved in the development of different γ′ 

morphologies. Thus, in this section, the mechanisms involved in the development of different 

γ′ morphologies in NBSAs which are useful to explain the observations made of the Pt-based 

superalloys microstructure will be considered. 

The distribution, size and morphology of γ′ precipitates in NBSAs depends significantly on 

the processing route and the heat treatments involved [2001Bab, 2003Sub, 2003Wen]. The 

rate of cooling and the grain size effect the serrations at the grain boundaries during cooling, 

which affects the mechanical properties. Thus, the study of the cooling rate on the 

microstructural evolution is extremely important. Serrations are developed by applying a heat 

treatment below the solvus temperature of the γ′ phase. The presence of homogeneously 

distributed serrations along the grain boundary can improve the crack growth resistance in 

superalloys. The variation in microstructure due to different cooling rates has been studied 

[2006Wen1, 2007Sar, 2007Sei1, 2007Sei2]. Formation of a monomodal distribution of 

precipitates has been observed at high cooling rates after solutionizing the material in the 

single γ phase field [2009Hwa]. These precipitates possessed relatively high nucleation rates 

to give a high precipitation density, which has been observed by different characterization 

techniques [2003Sub, 2005Sar, 2007Sei1, 2007Sei2, 2009Hwa]. Due to the limited growth of 

these precipitates, they maintain close to spherical morphologies [2009Hwa]. 

Even though there has been extensive research on the morphology of NBSA precipitates 

using energy filtered transmission electron microscopy (EFTEM) and routine TEM 

[1996Haz, 1997Tor, 2007Sei2, 2008Elb], less work has been carried out on the mechanisms 

that lead to the formation of these precipitates. With the development of atom probe 

tomography, the compositional partitioning between the ordered γ′ precipitates and 

disordered γ matrix, leading to the different precipitate size distributions has been studied 

[2008Tia]. The effect of cooling rate on the size distribution of the γ′ precipitates and 

subsequent properties is of particular interest, since the volume fraction, size, morphology 

and distribution can be controlled [1997Tor, 2008Tia]. Jackson et al. [1999Jac] and Babu et 

al. [2001Bab] studied the effects of cooling rate on the microstructure and chemical 

partitioning of various elements between γ and γ′. With increasing cooling rate, the 

morphology of the γ′ precipitates changed from cuboid to irregular. Water quenched samples 
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produced γ′ precipitates close to spherical morphology, whereas slow cooled samples showed 

a bimodal distribution of precipitates and larger precipitates exhibiting a cuboid to irregular 

morphology. The overall size of the larger precipitates decreased with increased cooling rate. 

There was negligible change in partitioning of elements for larger precipitates with changes 

in cooling rate, whereas changes in Al concentration were found for smaller precipitates. 

Grosdidier [1998Gro] analyzed the effect of cooling rate on the γ-γ′ transformation and γ′ 

morphology for two NBSAs, AM1 and CMSX-2, and found that the γ′ morphology changed 

from spherical to irregular with decreased cooling rate. Mackay et al. [1988Mac] studied a 

Ni-Al-Mo-Ta alloy and reported that forced air cooling resulted in the formation of coarser 

precipitates than oil quenching. All these studies [1997Tor, 1998Gro, 2001Bab, 2008Tia] 

showed that with decreasing cooling rate, the size distribution of γ′ particles changed from 

unimodal to bimodal or multimodal. This indicates that the mechanism of precipitate 

formation also varies with changing cooling rate. 

The formation of multiple size ranges of γ′ precipitates during slow cooling, due to multiple 

nucleation events, is obviously a complex process with an interplay of multiple factors. 

However, a clear understanding of the interplay of the factors has been lacking [1998Gros].  

Hwang et al. [2009Hwa] studied the compositional variations between different generations 

(i.e. primary, secondary and tertiary precipitates) of γ′ precipitates using atom probe 

tomography and found that the compositions of different size ranges of precipitates were 

different. In addition, the composition of the γ matrix was found to be different near the 

primary and secondary γ′ precipitates. They [2009Hwa] found that the interface widths 

between precipitate and matrix for primary and secondary precipitates were different, and the 

interface width was greater for the secondary than the primary precipitates. Thus, partitioning 

between the different generations of γ′ and matrix was also found to be different. Formation 

of bimodal microstructures has been reported many times [2008Elb, 2009Bou, 2010Elb], 

although little emphasis has been given to explaining the formation of different generations 

of γ′ obtained experimentally [2008Elb, 2009Bou, 2010Elb]. Wen et al. [2003Wen] 

simulated the microstructure evolution in superalloys for continuous cooling conditions, and 

demonstrated that at intermediate cooling rates, the first nucleation burst was stopped by both 

the closeness of the precipitates and the competition in diffusion direction around the 

precipitates. However, with decreasing temperature during continuous cooling, 

supersaturation increased and at a high undercooling, a second burst of nucleation occurred. 
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Consequently, a bimodal microstructure was obtained as a result of two successive nucleation 

events. 

The change in morphology during coarsening of γ′ has been of considerable interest. The 

effect of misfit on the change in morphology of γ′ is important in superalloys. Ricks et al. 

[1983Ric] showed that with increasing ageing time, the shape of γ′ precipitates changed from 

spherical to an array of cubes. Initially, when the γ′ nucleates, it develops a spherical 

morphology to minimize the interfacial energy (which is dependent on surface area), since 

the contribution due to strain energy resulting from lattice misfit is low (dependent on 

volume). During growth, the contribution of strain energy increases, and the precipitates 

attain a cuboid morphology. However, further growth of the precipitates leads to increased 

strain energy and the system tries to minimize the free energy by splitting the γ′ precipitates. 

This is because the decrease in strain energy is more than the increase in interfacial energy 

[1983Ric]. The splitting phenomenon was observed earlier by Westbrook [1958Wes], where 

larger cubes split into about one tenth of their size to form smaller cubes. 

Doi et al. [1984Doi] created a theoretical model which agreed with their experimental 

investigations and also those of Ricks et al. [1983Ric], where strain resulting from lattice 

misfit caused splitting of γ′ precipitates. The model also suggested that for very low lattice 

misfits, the precipitates would not split, but above a certain lattice misfit, the precipitates 

could split to form parallel platelets. Theoretical analysis of the effect of strain on 

morphology during coarsening suggested that strain induces splitting of γ′ precipitates, 

although the model assumed that the elastic constant of matrix and precipitate were the same 

and that the interfaces were coherent [1988Kac]. The model was found to be valid for low γ′ 

volume fraction alloys, and matched well with the experimental investigations of Doi et al. 

[1984Doi] and Miyazaki et al. [1982Miy]. The γ′ splitting phenomenon was also investigated 

by Hazotte et al. [1996Haz] using finite element modelling and it showed that the splitting of 

coherent γ′ precipitates occurred due to the effect of strain energy. 

2.3.5 Dislocation Networks in Ni-based Superalloys 
 
This section gives a summary of studies done on dislocation networks in NBSAs with 

particular attention given to alloys that were not subjected to any externally applied load, but 

heat only. This is to make a better comparison with the current alloys in this work because 

they were only heat treated.   
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It is well known that NBSAs are strengthened by a fine dispersion of γ´ precipitates 

[1987Sim, 2006Ree]. The dislocation networks at the γ/γ´ phase interface can effectively 

strengthen the interface and enhance the creep resistance. Creep, tensile or fatigue loading of 

superalloys at temperatures above 870°C produce dislocation networks at the γ/γ´ interfaces 

[1968Wea]. These networks act in some part to relieve elastic strains at the interfaces induced 

by lattice mismatch and the externally applied loads. Externally applied loads accelerate the 

formation of interfacial dislocation networks [1968Wea, 1975Las, 1984Fre]. Dislocations 

networks are often evenly mixed (edge and screw) in character [1984Fre] or edge [1975Las, 

1977Car, 1980Pea]. 

 

The development of γ´ precipitates in NBSAs Nimonic 80A and Nimonic 115 was 

investigated by Ricks et al. [1983Ric]. Each alloy was treated at 1200°C for 30 minutes, 

followed by a furnace cooling (1°C/s) to approximately 20°C below the γ´ solvus temperature 

determined during that investigation. Ageing was then carried at this temperature for up to 

24h. Thin foil specimens for transmission electron microscopy were prepared from discs 

3mm in diameter, punched from thin slices of the material and ground to 0.1mm. These discs 

were then thinned to perforation in a Fischione twin-jet electro-polisher using an electrolyte 

consisting of 10% perchloric acid in glacial acetic acid at 5°C and a voltage of 35V. All 

electron microscopy was performed on a Philips EM400 TEM/STEM. Different γ´ 

morphologies and dislocations were observed in the two alloys (Figure 2.7) [1983Ric], and 

the morphology was a function of both misfit and particle size. To explain the formation of 

the dislocations, they [1983Ric] proposed that during heat treatment the thermal expansion 

coefficients of the γ and γ´phases were dissimilar, thus altering the effective misfit 

experienced by the growing γ´ at the heat treatment temperature. Since γ´ is ordered, the 

thermal expansion of this phase would probably be less than for the γ matrix, and this would 

tend to increase mismatch with increasing temperature. 

 

A TEM study of the dislocations present in NBSA AM1 after exposure to different heat 

treatments was undertaken by Grosdidier et al. [1998Gro]. The starting microstructure was 

from a two-step ageing treatment, 16h at 1050°C then air cooling, followed by 24h at 850°C 

then air cooling. This gave a microstructure with about 70% volume γ´ precipitates in the γ 

matrix, Figure 2.8(a) [1998Gro]. The two halves of the alloy were then subjected to another 

heat treatment at 1240°C for 80 minutes, followed by air cooling for one half, and the other 

 
 

19 



half at 1260°C for 40 minutes followed by air cooling. No dislocations were observed after 

80 minutes at 1240°C (Figure 2.8(b)) compared to 40 minutes at 1260°C (Figure 2.8(a)). 

       
     (a)        (b)  
 

Figure 2.7. Bright field TEM images, showing (a) Nimonic 115 with a well formed array 
of misfit dislocations in the γ/γ´ interface, and (b) Nimonic 80A with dislocations in the 
matrix and precipitate [1983Ric]. 
 

After 40 minutes at 1260°C, the alloy had interfacial dislocation networks at the γ/γ´ interface 

(Arrow N on Figure 2.8(c)). The precipitates had lost their cubic shape for a more rounded 

one. To explain the relationship between heat treatment temperature and dislocation 

formation, Grosdidier et al. [1998Gro] suggested that at high temperature, the motion of 

dislocations is enhanced, and coherency can be lost early enough to prevent plate formation. 

With the loss of coherency, the precipitates also lost their cubic shape for a more rounded 

one. Under thermal treatments, loss of coherency occurs by the migration, trapping and 

rearrangement of dislocations moving from carbides [1975Car] or from sub-boundaries 

[1975Car, 1977Car]. Since the loss of coherency requires the motion of dislocations, it 

preferentially happens at high temperature and/or for fairly long ageing treatments. This 

process can be enhanced with applied stress [1987Nat, 1996Ver]. The interfacial dislocation 

networks were also explained by lattice mismatch strains during high temperature, since there 

was no applied stress or load [1998Gro].  

The structure of the heat affected zone (HAZ) formed during spot welding of a TSM 75 

nickel-based single crystal has been analysed by Barabash et al. [2004Bar]. The dislocation 

structure was studied using polychromatic microbeam synchrotron diffraction, together with 

electron microscopy. The welding experiments were carried out on the end of a single crystal 
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rod that was 60mm long and 13mm in diameter. The initial single crystal had a dendritic 

microstructure as a result of its original casting. The welding arc was on for 17s and then it 

was switched off immediately so that the samples were rapidly cooled. 

 

  
(a)       (b) 

 
(c) 
 

Figure 2.8. Bright field TEM images showing (a) γ´ precipitates in a γ matrix after a 
two-step heat treatment, (b) γ´ precipitates in a γ matrix after heat treatment at 1240˚C 
for 80 minutes, and (c) dislocations at the γ/γ´ interfaces after after heat treatment at 
1240˚C for 40 minutes [1998Gro]. 
 

The microstructure of the single crystal base material, far from the HAZ is shown in Figure 

2.9(a) [2004Bar], and is typical of NBSAs after thermal treatment. It had cuboid particles of 

γ´ evenly distributed in the γ matrix. The average size of the particles was 650nm and their 

volume fraction was 74%. The microstructure of the HAZ (Figure 2.9(b)) differed from the 

base material structure (Figure 2.9(a)). Only approximate positions of the regions in the HAZ 

were specified since their exact position relative to the fusion line could not be determined in 

the TEM samples. Material closer to the fusion line experienced higher temperatures during 

welding, promoting more dissolution of large primary γ´ phase particles in Figure 2.9(c) than 
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Figure 2.9(a). The bimodal nature of γ´ particles observed in Figure 2.9(b) was interpreted as 

follows [2004Bar]. During heating to high temperatures, the primary γ´ particles dissolved, 

which led to increased activity of dislocations along the {111} planes in the γ´ phase as the 

sample cooled from high temperature. These mobile dislocations interacted with each other to 

form a stack of dislocations. With further cooling, the second wave of γ´ precipitates formed, 

which led to the bimodal distribution of γ´ in the final microstructure interspersed with 

dislocation networks. Close to the fusion line, γ´ phase particles dissolved completely, 

leaving only small secondary γ´ phase particles (Figure 2.9(d)). In the regions more distant 

from the fusion line, but still within the HAZ, the volume fraction of large particles was 

~66% by volume (Figure 2.9(b)). The dislocation structure in the HAZ also changed 

significantly. In the base material, dislocations were absent (Figure 2.9(a)), while dislocations 

were present in the HAZ. Their density was minimal far from the fusion line and increased 

closer to it (Figures 2.9(b), 2.10(b), and 2.10(c)), reaching a maximum next to the fusion line 

(Figure 2.9(d)). The maximum number of dislocations was observed in the matrix of the 

single crystal between the large γ´ phase particles and near the γ/γ´ interface boundary 

(Figure 2.10(a)). 

  

   
              (a)                   (b)           (c)               (d) 
 
Figure 2.9. Morphology of γ´ phase and dislocation structure, showing (a) the base 
material with a γ´ volume fraction of 74% and dislocations are not observed, (b) HAZ 
closest to base material and the circled region shows the zig-zag nature of dislocation 
networks, (c) in the middle of the HAZ and the number of dislocations is increased, and 
(d) in the HAZ close to fusion line with complete dissolution of the γ´ phase and 
formation of dislocation network with zig-zag dislocations [2004Bar]. 
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Figure 2.10. Dislocation structure within the HAZ of the TSM 75 single crystal, close to 
the fusion line, (a) dislocation distribution along the γ/γ´ boundaries, both A (edge) and 
B (screw) type dislocation sets are visible, where A is zig-zag dislocations along the 
average direction [100] with Burgers vector parallel to b = [101]; (B) zig-zag 
dislocations along the average direction [010] with Burgers vector parallel to b = [011], 
(b) dislocation network in the γ matrix formed by screw-type dislocations, and (c) 
dislocation network in the γ matrix formed by two edge-type dislocations [2004Bar]. 
 
 

2.3.6 Nanoindentation and Nanomechanical Properties of Ni-based 
Superalloys 
 
This section of the literature review summarises work that has been done on nanoindentation 

of Ni-based superalloys and the technique used which is relevant to the current research 

work. 

 
For an improved insight into the mechanical behaviour of materials with a structure below the 

micrometre scale, the knowledge of local mechanical properties is an important step forward. 

Since it is difficult to machine tensile samples of a small size from macroscopic samples, 

other methods have been considered [1956Mot, 1984Bla]. One such technique is 

nanoindentation. A commercially-available solution for implementing these experiments is to 

mount a nanoindentation device on the scanner head of an atomic force microscope (AFM), 

where imaging and indenting are performed by the same tip. This technique has been already 

applied to several materials [1992Oli, 1999Gök, 2004Dur]. Its application is especially 

promising for precipitate-hardened materials with a precipitate diameter/width below 1µm, 

e.g. for Ni-based alloys [1999Gök, 2004Dur]. 
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For the first time, Göken and Kempf [1999Gök] determined the hardness and elastic modulus 

separately for the γ matrix and γ´ precipitates directly on the superalloys CMSX-6 and 

Waspalloy. All specimens were prepared by standard metallographic preparation techniques. 

First, they were ground on SiC papers and polished with a diamond paste. After that, 

electropolishing was done in a solution of acetic acid and ammonium sulphide, and γ was 

etched more. Very small height differences (nanometres) between the phases in combination 

with very smooth specimen surfaces were responsible for the high contrast achieved in the 

AFM images. Low roughness values were obtained after electropolishing, but since 

electropolishing etched the matrix phase more strongly than the γ´-phase, the roughness of 

both phases were also different [1999Gök].  

 

The nanoindentation measurements were performed with an add-on force transducer from 

Hysitron Inc. coupled with a Berkovich tip. This transducer, mounted on a conventional 

AFM, controlled the z-movement of the tip and measured the indentation force [1999Gök]. 

Load-displacement curves were evaluated using the method of Oliver and Pharr [1992Oli] 

and the hardness, H, was determined from the actual contact area. The modulus of elasticity, 

E, was calculated from a reduced modulus, which was determined from the elastic contact 

stiffness.  Extensive nanoindentation tests were performed to study the different mechanical 

properties of the γ´ and γ phases. The precipitate hardness was found to be higher than the 

matrix, and both decreased with increasing indentation depth. Figure 2.11 [1999Gök] shows 

the corresponding load-displacement plots for the indentations in the precipitates and matrix, 

and Figure 2.12 [1999Gök] shows the depth dependence of hardness for CMSX-6 and 

Waspaloy measured by nanoindentation tests on the γ´ and γ phases. The modulus of 

elasticity for CMSX-6 and Waspaloy for both phases differed only slightly (Figure 2.13) 

[1999Gök]. No systematic change of the modulus was observed with decreasing indentation 

depth [1999Gök]. 

 

The effect of the annealing time and therefore the size of the precipitates on Ni-based 

superalloys was investigated by Schöberl et al. [2003Sch2]. Two ternary NBSAs (single 

crystal) with differing chemical compositions were used. From the known equilibrium phase 

diagram of these alloys [1984Mir], the two alloys, R1 and R2, were chosen to lie on the same 

tie-line (9.6 wt% Al, 0.9 wt% Mo, Ni balance for R1, and 6.6 wt% Al, 1.9 wt% Mo, Ni 

balance for R2). The materials were in the form of rods with the <100> direction parallel to 

the length of the rods. The alloys were first homogenized in high-purity argon for 48h at 
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1310°C, which was above the solvus temperatures for both alloys (1300°C for R1 and 

1020°C for R2), followed by water-quenching. Discs were cut perpendicular to the rod axis 

and annealed under flowing argon at 950°C, which was below the solvus temperatures for 

both alloys [1984Mir]. After annealing for 10, 40 and 120h, the specimens were removed 

from the furnace and air-cooled to room temperature. They were then ground and polished 

with 1µm diamond paste to a mirror finish. 

 

 
Figure 2.11. Typical load-displacement curves obtained for the γ´ and γ phases of 
CMSX-6 [1999Gök]. 
 

   
   

Figure 2.12. Relationship between indentation depth and hardness for: (a) CMSX-6, 
and (b) Waspaloy [1999Gök]. 

 

  

a b 
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Figure 2.13. Relationship of the γ´ and γ moduli of elasticity with indentation depth for: 
(a) CMSX-6, and (b) Waspaloy [1999Gök]. 

 
 
The nanohardness results are given in Figure 2.14 [2003Sch2] for the γ´ precipitates and γ 

matrix. Each datum point represents the average values of indentation depth, h, and hardness, 

H, from 15 indentations with the same maximum load. Generally, the hardness was higher 

(up to 45%) for the γ´ precipitate regions (Figure 2.14(a)) than the γ matrix (Figure 2.14(d)) 

and decreased with increasing indentation depth in both phases. In the precipitates, the 

hardness values coincided, within experimental error, for both alloys and showed no 

dependence on annealing time, composition and precipitate size. Only on sample R2 after 10 

hours anneal at the largest indentation depth of ~85nm (marked by an arrow) was a deviation 

found, the hardness being slightly lower than that of the other three samples. This was 

explained by the precipitates being too small in R2-10h, and at the largest indentation depth, 

the indentation was below the precipitate region, and so was influenced by the surrounding 

matrix (Figure 2.14(b) [2003Sch2]). 

 
The depth dependence of the γ hardness is shown in Figure 2.14(d) [2003Sch2]. The γ 

hardness showed a strong dependence on alloy composition and annealing time for R1. For 

the precipitate-rich R1 (Figure 2.14(d)), hardness was usually higher by ~1GPa for shorter 

annealing times (10h) compared to longer annealing times (120h) (Figure 2.14(a)) 

[2003Sch2]. The main reason for this behaviour was the high concentration of γ´ precipitates, 

together with secondary precipitates that were present in R1-10h compared to R1-120h. Thus, 

the matrix channels in R1-10h were too narrow for measurement and the indentations were 

also on very fine secondary precipitates, resulting in a higher hardness (Figure 2.14(c)) 

[2003Sch2]. For the matrix-rich R2 alloy, there was no significant dependence of hardness on 

annealing time. However, the R2 matrix hardness at 120h was higher than the R1 matrix 

hardness at 120h. 
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Figure 2.14. Hardness of Alloys R1 and R2 for different annealing times (10h and 120h) 
and possible indentation positions on γ´ and γ: (a) hardness as a function of indentation 
depth for γ´, (b,c) schematic diagrams showing possible positions of the final indentation 
on the γ´ and γ, and (d) hardness as a function of indentation depth for γ [2003Sch2]. 
 

The elastic modulus as a function of indentation depth is shown Figure 2.15 [2003Sch2] in 

terms of the reduced modulus Er, which were derived from the Oliver–Pharr method 

[1992Oli]. Er was slightly lower than the true modulus of the sample under consideration, 

since the stiffness of the diamond tip affects the mechanical properties, and the higher 

stiffness of the diamond tip than the sample adds (to a moderate extent) to the total 

compliance of the whole mechanical contact. The true modulus of the sample takes into 

consideration that the stiffness of the diamond tip is much higher than that of the sample, and 

so the tip could indent the sample much deeper, while in the reduced elastic modulus, this 

effect is not taken into account. The relationship between reduced modulus, elastic modulus 

and the Poisson’s ratios of the tip and the sample material has been given severally [1992Oli, 

1999Gök]. Within experimental error, the reduced modulus of γ´ was between 142 and 

158GPa and did not depend on the indentation depth, annealing time and alloy composition. 

The average values for the matrix were slightly lower, by 4–10GPa.  
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Figure 2.15. Reduced modulus of γ´ precipitates (prec) and γ matrix (matrix) as a 
function of indentation depth for Alloys R1 and R2 for different annealing times 
[2003Sch2]. 
 

Nanoindentation experiments were carried out by Wöllmer et al. [2003Wöl] to determine the 

nanohardness of small precipitates in a single crystal NBSA, PWA 1484, at a load of 0.5mN. 

An AFM combined with a nanoindentation system from Hysitron Inc. was used. Indenting 

and imaging was carried out by a Berkovich shaped diamond tip. The load-displacement 

curves were evaluated with the Oliver and Pharr method. The nanohardness of the PWA 1484 

was measured as 11.9GPa for the γ´ precipitates, and 9.8GPa for the matrix, similar to the 

values for the R1 and R2 alloys studied by Schultz et al. [2003Sch2]. 

Durst and Göken [2004Dur] investigated three commercial single crystal NBSAs, CMSX-6, 

CMSX-4 and CMSX-10, which contained varying amounts of rhenium and tungsten. The 

micro-mechanical properties, such as hardness and modulus of elasticity of the individual 

phases, were tested in a nanoindentation AFM and the influence of the Re concentration on 

the hardness and modulus of elasticity was investigated. Standard metallographic preparation 

techniques for AFM studies often make use of electrolytic polishing to prepare a smooth 

surface with a small height difference between different phases in alloys [1999Gök, 

2001Dur]. In this study, a different, well-known chemical-mechanical polishing with a 

nanodispersed SiO2 suspension was used [2004Dur]. The local roughness after electrolytical 

polishing was found to be in the same range as after chemical-mechanical polishing with a 

nanodispersed SiO2 suspension. Figure 2.16 [2004Dur] shows AFM images of CMSX-6, 
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CMSX-4 and CMSX-10 with nanoindentations performed using a Berkovich tip on the γ and 

γ´ phases. 

The microstructure of CMSX-10 showed relatively small precipitates and a γ channel 

thickness of about 100nm [2004Dur]. In CMSX-4, the precipitates were larger, and the 

matrix channel width was slightly wider than for CMSX-10. CMSX-6 had smaller 

precipitates and a channel width of about 160nm. At a maximum applied indentation load 

(Pmax) of 250µN, a maximum indentation depth of ~50nm in the precipitates, and ~80nm in 

the matrix was reached. The mechanical properties were calculated from the load–

displacement curves recorded during indentation [1990Jos, 1992Oli, 2004Dur]. 

 

    
(a)      (b) 

 
(c) 

Figure 2.16. Microstructures of different alloys with nanoindentations in the γ and γ´ 
phases, where the indentations were performed at the maximum applied load of 250 
µN: (a) CMSX-6, (b) CMSX-4, and (c) CMSX-10 [2004Dur]. 
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Figure 2.17 shows the hardness of the γ and γ´ phases of the investigated alloys [2004Dur]. 

Each datum point was an average of at least 10 indentations in each phase. The difference in 

the mechanical properties of both phases was more pronounced than in the work of Göken et 

al. [1999Gök], especially for the hardness of the matrix. CMSX-10 had the highest matrix 

hardness, followed by CMSX-4 and CMSX-6. The hardness difference was even more 

evident in the γ´/γ hardness ratio, since the γ´ precipitates had nearly the same hardness. In 

order to understand the difference in the matrix hardness, phase size effects and the chemical 

composition were investigated. The thicknesses of the matrix channels in CMSX-10 and 

CMSX-4 were fairly similar, thus the influence of the surrounding γ´ phase on the matrix 

hardness was thought to be about the same in CMSX-10 and CMSX-4 alloys. It was therefore 

concluded that the measured hardness increase of the three alloys (CMSX-4, CMSX-6 and 

CMSX-10) was due to the chemical composition differences, i.e. the higher content of 

refractory elements (Figure 2.17) [2004Dur]. 

 

 
Figure 2.17. Hardness and hardness ratio of γ´ and γ phases in CMSX-6, CMSX-4 and 
CMSX-10 [2004Dur]. 
 
Durst et al. [2004Dur] concluded that the hardness could be measured as a function of the 

chemical composition in phases as small as 100nm. The hardness ratio of γ´/γ ranged from 

1.31 for CMSX-10 to 1.41 for CMSX-4 and 1.67 for CMSX-6. The modulus of elasticity 

increased with the concentration of refractory elements (Figure 2.18) [2004Dur]. The analysis 

of the load–displacement curves gave a ratio of Eγ´/Eγ as 1.10 for CMSX-10, 1.12 for CMSX-

4, and 1.19 for CMSX-6. CMSX-10 exhibited a slightly higher matrix modulus, whereas the 

matrix modulus was smaller for CMSX-6 [2004Dur]. The cross in Figure 2.18 indicates the 
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modulus ratio determined by a Hertzian fit, due to a discontinuity (pop-in effect) found in the 

load-displacement curve during loading (Figure 2.19) [2004Dur]. This pop-in effect is related 

to the nucleation of dislocations on carefully prepared smooth sample surfaces [1992Pag]. 

The load-displacement curve shows the different elastic properties of the two phases, with the 

γ´ showing a lower indentation depth than γ [2004Dur]. 

 

 
 
Figure 2.18. Modulus of elasticity of γ´/ γ phases in CMSX-6, CMSX-4 and CMSX-10 
determined by the standard Oliver/Pharr method, where the cross on the lower curve 
indicates the modulus ratio determined by a Hertzian fit (Figure 2.19) [2004Dur]. 
 

 

Figure 2.19. Load–displacement curves in CMSX-4 measured with a Berkovich-tip in γ 
matrix and γ´ precipitates, with the Hertzian fit [2004Dur]. 
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2.4 Overview of the Search of a New Generation of Superalloys 
 
The attributes that make intermetallic compounds desirable materials for high-temperature 

structural applications have been widely reported [1995Wes, 1996Yam, 1997Dur, 1997Wil, 

2000Fai1, 2000Fai2]. These attributes are good diffusional creep resistance, high-temperature 

strength, high melting points, good oxidation resistance and low densities for performance in 

service regimes in which the nickel-based superalloys cannot operate. Unfortunately, the low 

tolerance of intermetallic compounds to defects makes them unsuitable for application in 

critical components. Engineering design and alloy development therefore have to address the 

competing requirements for high-temperature strength and ambient-temperature toughness. 

This has led to the interest in multi-phase systems which bring together these apparently 

contradictory attributes. Three such approaches have been under investigation [2000Wol]:  

(1) Analogous γ/γ′ systems with much higher melting points, based on L12 precipitates in a 

fcc matrix. 

(2) Analogous precipitation-strengthened systems based on a bcc structure contained within a 

ductile bcc matrix (or β/β′). 

(3) In situ composite microstructures, which exploit ‘ductile phase toughening’. 

 

In the first instance, the success of the Ni-based superalloys has led to succeeding generations 

of high-temperature alloys that make use of the principles of a high volume fraction of finely-

dispersed, coherent precipitates within a ductile matrix [1987Sim, 2006Ree]. Analogous γ/γ′ 

systems with much higher melting points, based on L12 precipitates (ordered fcc) in a fcc 

matrix (the matrix usually has the higher melting point) are limited in number. Some of the 

platinum group metals are almost unique among the high-melting point metals in that they 

have fcc structures. Moreover, they have good environmental resistance that enables them to 

be considered for high-temperature use. Systems based on iridium, rhodium and platinum 

have attracted attention that has led to the suggestion that they form a class of alloys to be 

named ‘refractory alloys’ by Yamabe-Mitarai et al. [1997Yam1]. (This terminology is 

something of a misnomer since refractory metals are normally associated with strong 

affinities for oxygen, whereas most of the platinum metals are relatively noble in this respect 

[2000Wol].) The general accepted definition of refractory metals is metals that are resistant to 

heat and wear and belong to Groups IV, V, VI and VII [1981Oto]. 
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Secondly, analogous precipitation-strengthened systems have similarly been proposed for the 

bcc metals, in this case with an ordered bcc structure contained within a ductile bcc matrix 

(or β/β′). Among the most oxidation-resistant materials are ferritic alloys based on iron-

chromium-aluminium (Fe-Cr-Al), typically with compositions around 20 wt% Cr and 5 wt% 

Al (balance Fe) which are necessary for the formation of Al2O3 and Cr2O3. Various attempts 

at alloying have been made to induce the precipitation of coherent precipitates in these 

systems, and one study examined alloying with ruthenium to enhance not only the strength, 

but also the oxidation and corrosion resistance of these alloys [1999Ngw]. 

 

Thirdly, there are the so-called in-situ composite microstructures, which exploit ‘ductile 

phase toughening’. Methods to produce ductile phase toughening stem from the recognition 

that ‘ductile’ secondary phases contribute not only towards deflecting crack propagation in 

the usual way, but also to strengthening  (by acting as obstacles to dislocation motion at the 

phase interfaces). In particular, eutectic systems lend themselves to exploitation of inherently 

compatible phases in a finely divided mixture, and are natural candidates for structural 

intermetallic composites. Some eutectic systems, based on Ru-Nb, Ru-Al-Ni, Ir-Nb 

[1996Wol], Ru-Al and Ir-Al, Ru-Al-Ir [1999Hil] have been examined. The systems are 

unusual because although the ductilities of elemental Ru and Ir are low, some of the phases 

are ductile [2000Wol]. 
 
Other potential alloys systems for high temperature applications include Mo-Si-B alloys and 

ceramics. High melting-point (>2000ºC) materials, based on refractory metals such as 

molybdenum, represent a higher-temperature alternative, but suffer from oxidation and creep. 

In this regard, molybdenum silicides and borosilicides have shown promise in improving the 

oxidation and creep resistance [1996Mey1, 1996Mey2, 1999Akin], leading to the 

development of two specific Mo–Si–B alloy systems by Meyer and co-workers [1996Mey1, 

1996Mey2, 1999Akin, 1999Mey] and Berczik [1997Ber1, 1997Ber2]. However, the silicide 

intermetallic compounds are hard and brittle, providing little fracture resistance for most 

structural applications without significant additional toughening. Alloys with the α-Mo 

particles surrounded by the Mo3Si and Mo5SiB2 (T2) intermetallic phases, showed small 

improvements in toughness. One promising approach would be to design Mo–Si–B alloys 

where the intermetallic phases are completely surrounded by a continuous α-Mo matrix; 

higher toughness would be expected since incipient cracks would be forced to interact with 

the locally tougher α-Mo. A powder processing route was developed to produce such alloys 
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[2002Sch]. Studies have been undertaken [2014Hwa] to further improve the properties (e.g. 

toughness and oxidation) of Mo-Si-B alloys using mechano-chemical processes to control the 

microstructure [2014Hwa]. To produce nano-sized Mo (<200nm), the process used starting 

powders of MoO3, Si3N4 and BN, ball-milling for mechanical mixing and refinement, with 

continuous heat treatment under a hydrogen atmosphere. Finally, intermetallic powders of 

Mo5SiB2, Mo3Si and small amounts of α-Mo were manufactured with particle sizes up to 

3µm. 

 
Other systems that possess potential for high temperature applications are ceramics. Many 

monolithic ceramic materials have good strength and excellent oxidation resistance 

[2003Zha], but are prone to brittleness. Their inherent brittleness poses a significant 

challenge in withstanding the rigors of assembly and the impact damage caused by foreign 

objects that may pass through the engines in operation, and other high temperature 

applications that involve moving parts [2003Zha]. 

 

2.5 Platinum-based Superalloys 
 

2.5.1 Introduction 
 

Since many engineering processes are run at high temperatures (e.g. glass industry) or in 

aggressive chemical environments, there is a need for materials that can withstand extreme 

thermal, mechanical and chemical conditions in these applications, such as aircraft gas 

turbine engines [1988Wha]. Platinum-based alloys are recognized for their high melting 

points, thermal stability and thermal shock resistance, as well as good corrosion and 

oxidation resistance, e.g. nozzles to bring satellites into orbit from the carrier rocket or for 

nozzles to make trajectory correction [1988Wha]. Another important field of application for 

platinum alloys as structural materials lies in the glass industry [1988Wha]. High melting 

glasses and high-quality glass fibres require the use of platinum-tank furnaces, stirrers and 

feeders. For these applications, the good electrical and thermal conductivity of Pt are utilised. 

In terms of mechanical properties, Pt-based alloys are fcc and so combine high ductility with 

high creep strength. This combination of properties has led Pt-based alloys to be widely used 

in the chemical, space technology and glass industries [1988Wha, 1990Lup, 2001Fis1].  
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A promising approach for a strong Pt-based alloy is to mimic the microstructure of Ni-based 

superalloys. Hill and co-workers [2001Hil1, 2002Hil] conducted an extensive assessment of 

systems with Pt as major constituent based on these criteria: high temperature phase stability, 

high melting point, oxidation and hot corrosion resistance, and (if possible) low density. 

Alloys based on Pt-Al turned out to have the highest potential, not only because of possible 

precipitation strengthening through Pt3Al, but also due to high oxidation resistance. However, 

in the Pt-Al system, the cubic L12 Pt3Al phase that exists at high temperatures transforms to a 

tetragonal structure at lower temperatures [1986McA, 1986Mis]. Since such good properties 

exist with the γ + γ′ structure in Ni-based superalloys, alloying with additional elements was 

envisaged to stabilize the high temperature L12 structure of Pt3Al [2001Hil1, 2002Hil, 

2005Wen1]. Appropriate alloying and heat treatment of a so called “Pt-based superalloy” led 

to a fine distribution of a γ′ phase with the L12 structure coherently embedded in the Pt-rich 

fcc γ matrix [2004Vor, 2005Hül, 2006Cor, 2009Cor1, 2009Cor2, 2009Sho1]. 

 

The University Bayreuth and the Fachhochschule Jena-University of Applied Sciences in 

Germany were already researching NBSAs in the 1990s [1994Gla, 2002Gla, 2004Vor]. 

However, the basis for their development programme on precipitation hardened Pt alloys was 

the ternary Pt-Al-X alloys being investigated in South Africa [2002Süs2]. The Pt86:Al10:Cr4 

(at.%) composition, with good properties, was the foundation for further work [2004Vor, 

2005Wen1]. Nickel was added to a Pt-Al-Cr alloy in varying amounts [2005Hül], since 

nickel has a good solid-solution strengthening effect on the (Pt) matrix [2002Zha2], and also 

to decrease the Pt content, and thus the density and price of the Pt-based alloys. A very 

promising microstructure was found in the alloy Pt79:Al11:Cr3:Ni7 (at.%): a homogeneous 

distribution of L12 ordered ~Pt3Al precipitates with widths of 200-500nm and volume 

fraction of 23%. Ageing for 120h at 1000°C gave a lattice misfit of about -0.1%, which is in 

the same range as commercial Ni-based superalloys. Based on these results, Pt-Al-Cr-Ni 

alloys with an increased Al content [2005Wen1], near the solubility limit of ~15 at.% Al 

[1987Oya], were made to increase the γ′ volume fraction. Despite heat treatments being 

undertaken in flowing argon, there was 6 ppm by volume of residual oxygen, which was 

sufficient to form an oxide layer 10μm thick on the sample surfaces. Very fine γ' precipitates 

formed throughout the alloys from the supersaturated matrix during quenching after ageing, 

although much coarser γ′ precipitates were found at a depth of 100μm beneath the surface 

oxide layer [2005Wen1]. Alloying the Pt-Al system with both Cr and Ni consistently 

 
 

35 



stabilised the L12 high temperature allotrope of Pt3Al at room temperature. In alloys with less 

than 6 at.% nickel, precipitates lost coherency after ageing, resulting in spherical particles. 

Pt80:Al11:Cr3:Ni6 (at.%) had the highest γ′ volume fraction (~23%) after ageing, and well-

aligned cuboid precipitates with 0.2–0.5μm widths and a misfit of -0.1%. The shape of γ′ was 

due to a decreasing absolute misfit with increasing Ni content. Ageing at 1100°C produced 

coarse γ′ particles and reduced the γ′ volume fraction. 

 

2.5.2 Binary Pt-Al Phase Diagram and the Pt3Al Phases 
 
This section of the literature review gives an overview of structures in the Pt-based alloys: 

fcc for (Pt) and also the three different structures of Pt3Al, namely cubic and two tetragonal 

Pt3Al phases. This is necessary to understand the alloys. 

 

2.5.2.1 Overview of the Pt-Al Phase Diagram 
 
There are currently two conflicting phase diagrams: McAlister and Kahan [1986McA] 

(Figures 2.20 and 2.21) and Oya et al. [1987Oya] (Figure 2.22). The major differences, which 

are crucial in the development of Pt-based alloys using the ~Pt3Al precipitates in a platinum 

solid solution, are the phase transformation temperature for cubic to tetragonal ~Pt3Al, and 

the number and types of the ~Pt3Al phases. The slope of the γ solvus is also important, 

because a more sloping solvus allows for more precipitation. The γ solvus is not very sloping 

in the phase diagram of McAlister and Kahan [1986McA], whereas it has a more beneficial 

slope in that due to Oya et al. [1987Oya]. 

 

McAlister and Kahan [1986McA] assessed the Pt-Al phase diagram given in Figure 2.20 

from the thermal analysis data of Huch and Klemm [1964Huc], Darling et al. [1970Dar], 

Guex and Feschotte [1976Gue] and Schubert [1978Sch]. They reported a displacive 

transformation of the high-temperature cubic Pt3Al γ´ to a tetragonal low temperature variant 

γ´2 at 1280°C as shown in Figure 2.20 [1986McA]. However, Oya et al. [1987Oya] reported 

the transformation of cubic Pt3Al to tetragonal Pt3Al (γ´ →  γ´2) at 340°C, and an additional 

transformation γ´1 → γ´2 (DOc → DO´c) at 127°C as shown in Figure 2.22 [1987Oya].  
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Figure 2.21 [1986McA] shows that the binary Pt-Al phase diagram derived by McAlister and 

Kahan which agrees with data from other sources. Darling et al. [1970Dar] employed 

microprobe analyses, metallographic methods and X-ray lattice parameter measurements to 

determine the solvus of (Pt) over a wide range of temperatures. All data points of the liquidus 

and solidus of the terminal (Pt) solid solution were consistent with Huch and Klemm’s results 

[1964Huc]. The results of Darling et al. [1970Dar] of the solvus of (Pt) were also consistent 

with the X-ray parameter studies of Schubert [1978Sch] and Schaller [1979Sch]. 

 

 
Figure 2.20. Pt-Al phase diagram [1986McA]. 
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Figure 2.21. Pt-Al phase diagram showing the data from different sources [1986McA]. 
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Figure 2.22. Partial Pt-Al phase diagram [1987Oya]. 
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2.5.2.2 (Pt) Phase 
 
The (Pt) phase has been reported by McAlister and Kahan [1986McA] to have the simple 

disordered fcc structure. In (Pt), any given lattice point is occupied indifferently by either A 

(Pt) or B atoms that could be a solute (e.g. B = Cr or Ru) [1986McA]. 

2.5.2.3 Pt3Al Phases 
 
In the two conflicting phase diagrams of McAlister and Kahan [1986McA] (Figure 2.20) and 

Oya et al. [1987Oya] (Figure 2.22)), the major differences are the phase transformation 

temperatures for cubic to tetragonal Pt3Al, the number and types of the Pt3Al phases, and the 

shape of the γ solvus. McAlister and Kahan [1986McA] reported one transformation for the 

Pt3Al phase: a high-temperature cubic Pt3Al (γ´) to a tetragonal low-temperature variant (γ´1) 

at 1280°C. However, Oya et al. [1987Oya] reported the transformation of cubic Pt3Al to 

tetragonal Pt3Al, γ´ →  γ´1 at 340°C, and an additional transformation γ´1 → γ´2 (DOc → 

DO´c) at 127°C. Figure 2.23 [1987Oya] shows the phase structures from the consecutive 

transformations γ´ → γ´1 → γ´2 (L12 → DOc → DO´c). 

 

The high temperature cubic L12 Pt3Al form has an ordered fcc structure of AuCu3 type (a = 

0.3876nm), with a space group of Pm3m (Table 2.2) [1962Bro, 1964Huc]. This cubic Pt3Al 

phase has a solubility range of 67.3 at.% Pt to 77.7 at.% Pt [1962Bro, 1964Huc]. The L12 

phase melts congruently at 1556°C [1964Huc, 1976Geu], and forms a eutectic at 1507°C 

with (Pt) [1986McA, 1987Oya]. 

 

The lower temperature tetragonal Pt3Al phase was reported to have a DOc lattice (a = 

0.5459nm, c = 0.7806nm), with a distorted fct structure the DOc lattice (Figure 2.24), and a 

solubility range of 74 at.% Pt to 78 at.% Pt [1986McA]. A space group of P4/mbm, based on 

Pt3Ga, was reported, although there is a resemblance to the space group of the I4/mcm and 

prototype Ir3Si, and the Pt3Ga lattice was reported to be a more primitive lattice [1962Bro, 

1975Cha, 1986McA]. Crystal structure and lattice parameter data for these phase 

interpretations from the different authors [1961Sta, 1962Bro, 1975Cha, 1987Oya] are 

summarised in Tables 2.2 and 2.3. 
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a) High temperature phase (L12 type). 
 

                                               
 

b) Intermediate temperature phase (DOc type). 
 

                               
                                         

c) Lowest temperature phase (DO´c type). 
 

Figure 2.23. Crystal structures of Pt3Al viewed along the <001> direction: (a) High 
temperature L12 phase,  b) intermediate temperature DOc  phase and, (c) low 
temperature DO΄c phase [1987Oya]. 
 
 
 

 
 

40 



         
                                                   (a)                                          (b) 
 
Figure 2.24. (a) DO´c unit cell of the Pt3Al tetragonal structure (low temperature), 
contains a distorted fct lattice, also shown in (b), where the Pt atoms (white) lie offset 
from the centre of the faces and the Al atoms (black) sit at the corners of the cell. (In (b) 
for clarity, only the Pt atoms on the top and front faces are shown.) [1987Oya]. 
 

Table 2.2. Crystal structure data for Pt3Al variants [1961Sta, 1962Bro, 1975Cha, 
1987Oya]. 

Unit cell 
geometry 

Pearson 
symbol 

Space 
group 

Strukturbericht 
designation Prototype Reference 

Cubic cP4 Pm3m L12 AuCu3 [1962Bro] 
Tetragonal tP4 P4/mmm L60 CuTi3 [1961Sta] 
Tetragonal TI16 I4/mcm DOc, DO´c SiU3 [1987Oya] 
Tetragonal tP16 P4/mbm None Pt3Ga(r) [1975Cha] 

 

Table 2.3. Compositions and lattice parameters for Pt3Al variants [1961Sta, 1962Bro, 
1975Cha, 1987Oya]. 

 Unit cell 
Geometry 
  

 Space Group 
  

Composition 
(at.% Pt) 
  

  
 Lattice parameters (Å) 

Reference 

a c 
Cubic Pm3m  72.8  3.876  -  [1962Bro] 

Tetragonal P4/mmm  Not available  3.83  3.89  [1961Sta] 
Tetragonal I4/mcm  ~75  5.471  7.775  [1987Oya] 
Tetragonal P4/mbm  74  5.459  7.806  [1975Cha] 
 
The DTA results of Oya et al. [1987Oya] showed that the γ´1 intermediate phase is stable 

over a narrow composition range (10<x<25 at.% Al) and over a small temperature interval 

(400°C<T<600°C) as shown in Figure 2.25 [1987Oya]. 
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Figure 2.25. Composition dependence of the transformation temperatures of γ´ → γ´1 
and γ´1 → γ´2 in Pt-Al alloys: circles were obtained by DTA and squares by dilatometry 
[1987Oya]. 
 

2.5.2.4 Recent Studies of the Pt-Al Phase Diagram at High Temperatures 
 
A study of all relevant phases in the Pt-Al phase diagram was undertaken by Tshawe et al. 

[2006Tsh, 2008Tsh, 2008Cor] to clarify the phase boundaries of the phases: (Pt), Pt3Al (all 

temperature versions), Pt2Al (both phases), β and Pt5Al3, by use of high resolution SEM and 

XRD. The results of the Pt-rich side were found to be generally consistent with the Pt-Al 

phase diagram of McAlister and Kahan [1986McA], and disagreed with the phase diagram 

Oya et al. [1987Oya]. However, the work of Douglas et al. [2009Dou], identified the 

formation of  the middle tetragonal Pt3Al phase (DOc) and agreed with the findings of Oya et 

al. [1987], as did Biggs [2001Big2]. However, the conditions for its formation have not been 

fully explained, and may depend on impurities [2009Dou] since separate research groups, 

using differently sourced platinum have given different, but reproducible results [2011Cor]. 

The samples of Tshawe et al. [2008Tsh] had the tetragonal Pt3Al phase (by a solid phase 

transformation) at higher temperatures than recorded in the phase diagram of Oya et al. 

[1987Oya], since Oya et al. [1987Oya] reported the tetragonal Pt3Al phase to be below 

340°C, although the quenching rates of Oya et al. [1987Oya] might not have been enough to 

retain the higher temperature structure. 

 

Furthermore, Tshawe et al. [2006Tsh, 2008Tsh, 2008Cor] found that samples at 72 at.% Pt 

and in the region 75 to 81.5 at.% Pt consisted of (Pt) and two of the three forms of the ~Pt3Al 
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phase, cubic (L12) and tetragonal (DO´c), therefore a displacive or martensite-type 

transformation had occurred. The (Pt) phase boundary, which was drawn from the 67 at.% Pt 

as-cast and 1100°C annealed samples, narrowed as the temperature decreased, thus the (Pt) 

phase field width decreased as temperature decreased, which agreed with Huch and Klemm 

[1964Huc], Darling et al. [1970Dar] and Guex and Feschotte [1976Gue]. The ~Pt3Al phase 

fields, which were drawn from the samples annealed at 1400°C, 1300°C and 1100°C, became 

narrower as temperature decreased, thus increasing the two-phase ((Pt) and ~Pt3Al) field 

widths and decreasing the tetragonal ~Pt3Al phase field width [2006Tsh, 2008Tsh, 2008Cor]. 

 

Tshawe et al. [2006Tsh, 2008Tsh, 2008Cor] confirmed a displacive transformation from high 

temperature Pt2Al to low temperature Pt2Al. The XRD results showed the presence of both 

~PtAl and Pt5Al3 phases in the as-cast 53.5 at.% Pt sample. These phases confirmed the 

existence of the β-phase, because they are the eutectoid decomposition products of the β-

phase [1986McA], but the β-phase itself was not observed in the as-cast sample, as it had 

already decomposed [2008Tsh]. Similar results were observed in the as-cast 51 at.% Pt 

sample, and indicated that the β-phase decomposed. The existence of the β-phase was also 

found by Prins et al. [2005Pri] in the as-cast sample Pt33:Al28:Ru39 (at.%). The Pt6Al21 phase 

was identified instead of Pt5Al21, and was deduced to be a different interpretation of the same 

phase, although the former had been described as a metastable phase [2008Tsh, 2008Cor]. 

  

2.5.3 Ternary Pt-based Superalloys 
 
Platinum-based alloys have already been successfully applied in the aerospace [1990Lup, 

1982Ham] and glass industries [1973Sel, 1981Roe, 1988Wha]. For these applications, 

exceptional chemical stability, oxidation resistance, high melting points, good ductility, 

thermal-shock resistance, and good electrical or thermal conductivity counterbalance the 

exceptionally high price of platinum. Pure platinum has low mechanical strength; therefore, 

platinum is usually alloyed with up to ~20 wt% rhodium or up to about ~30 wt% iridium. 

[1990Lup, 1999Fis, 2001Mer]. Platinum alloys with more than 20 wt% rhodium or iridium 

are generally very difficult to process, and alloys with iridium contents of more than 20 wt% 

tend to embrittle when exposed at intermediate temperatures. The solid-solution alloys have 

good ductility at high temperatures and can be welded to themselves or similar alloys. Pure 

platinum and solid-solution platinum-rhodium alloys are virtually oxidation resistant, even at 

temperatures above 1000ºC. Platinum-iridium alloys show small weight losses after long 
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exposure to high temperatures due to evaporation of iridium. Oxide-dispersion-strengthened 

(ODS) platinum-based alloys [1988Wha, 1990Lup, 1990Tho, 2001Fis2] are used for the most 

demanding applications, at temperatures of up to 95% of the melting temperature of the 

platinum matrix.  

 

Following the success of the two-phase structures in iridium- and rhodium-based refractory 

superalloys [1996Yam, 1997Yam1, 1997Yam2, 1997Yam3, 1998Yam], a two-phase 

microstructure in platinum-based alloys was attempted [2000Wol]. Since platinum has the 

same structure as nickel and a similar chemistry, a Pt-based superalloy analogous to NBSAs 

was considered possible, but with a higher melting point (1769ºC for platinum, compared 

with 1455ºC for nickel) and much improved oxidation resistance.  

 

2.5.3.1 Preliminary Studies of Ternary Pt-based Alloys 
 

A platinum-based solid solution was selected for the matrix phase. An ordered fcc precipitate 

was preferred for the main precipitate because it could provide the same good properties as 

the NBSAs [2001Hil1]. A literature survey was conducted of the Pt binary systems based on 

these criteria: high phase stability, high melting point, oxidation resistance, hot corrosion 

resistance, high thermal conductivity, low thermal expansion, and (if possible) low density. 

The selected candidate alloying elements were Al, Nb, Ta, and Ti [2001Hil1]. A literature 

survey of Rh, Ni, and Ru was also conducted for the solid-solution strengthener. Ternary 

systems from these elements were examined experimentally, and if intermetallic phases other 

than the L12 phase formed between the two elemental additions in the targeted range, the 

system was excluded from further study. The first systems evaluated were Pt-Al-Ni, Pt-Al-

Ru, Pt-Al-Cr, Pt-Al-Ti, Pt-Al-Re, Pt-Ti-Ru, Pt-Ti-Re, Pt-Ta-Ru, Pt-Ta-Re, and Pt-Nb-Ru. 

Alloys were manufactured with compositions to contain a reasonable proportion of the 

targeted precipitate in the matrix [2001Hil1]. 

 

The selected ternary alloys were annealed at 1350ºC, characterised in terms of microstructure 

(phase distribution and morphology), phase relationships, and subjected to stepped isothermal 

oxidation tests and hardness testing. Characterisation included scanning electron microscopy 

and X-ray diffraction. Large losses of niobium showed that Pt-Nb-Ru was insufficiently 

stable, and the lath-like structure of the second Nb-based phase indicated that it was likely to 
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be incoherent with the matrix, as would be expected from the Pt3Nb crystal structure. It was 

realised that rhenium additions must be limited to ~3 at.% in order to avoid precipitation of 

the Re-rich needle-like phase. Two-phase microstructures, leading to a considerable 

precipitation-strengthening effect were achieved in Pt-Al-Z and Pt-Ti-Z systems, where Z = 

Ni, Re and Ru [2000Hil1, 2001Hil1]. Alloys in these systems showed promising mechanical 

properties at room temperature, with hardnesses higher than 400HV1 and high resistance to 

crack initiation and propagation. Aluminium was added in order to develop an oxidation-

resistant alloy [2001Hil1]; this was supported by the findings of Felten et al. [1976Fel] on a 

study of Pt-Al system, which showed that as little as 2 wt% of Al in Pt is sufficient to 

establish a thin protective oxide coating at temperatures up 1450°C. 

 

Extensive work was done on the phase relations and room temperature mechanical properties 

of the Pt-Al-Z alloys, with Z = Cr, Mo, Ni, Re, Ru, Ta, Ti and W, after annealing the alloys at 

1350ºC for 96 hours [2001Hil1, 2002Hil]. Microstructures similar to Ni- and Co-based 

superalloys were achieved in the Pt-based alloys Pt86:Al10:Z4 (at.%) (Z = Cr, Ru and Ti), 

which consisted of cuboid ~Pt3Al precipitates in a (Pt) matrix. From the preliminary 

assessment of the mechanical properties of the Pt-Al-Cr and Pt-Al-Ru alloys using room-

temperature hardness tests, these alloys displayed good resistance to cracking at room 

temperature. More extensive work was carried out on the phase relations, and Cr was found 

to stabilise the cubic form of the ~Pt3Al phase, whereas Ru acted as a solid solution 

strengthener [2001Big1, 2001Big2, 2001Hil2]. Other alloying additions are known to stabilise 

the high-temperature cubic form: Ta, Ti [2001Hil6, 2005Hül] and Co, Hf, Fe, Mn, Zr 

[2005Hül, 2005Wen1]. It was found that ternary alloying elements, and in particular Cr and 

Ru, conferred additional benefits. The lowest misfit between the (Pt) and ~Pt3Al phases was 

found between 3–5 at.% Ru at over 20 at.% Al [2001Big2]. The lowest misfit between (Pt) 

and cubic ~Pt3Al was 0.3%, and between (Pt) and tetragonal ~Pt3Al was 0.2%.  The tungsten-

containing alloys also had the tetragonal Pt3Al structure (lower temperature DO′c form of 

Pt3Al), as did Ni-containing alloys [1995Wes]. Coarse microstructures were produced in 

molybdenum-containing alloys and Mo substituted for Pt in ~Pt3Al. All the Cr-, Ta- and Ti-

containing alloys had favourable microstructures [2001Big1, 2001Big2].  

The next stage was to study the effects of various ternary substitutional alloying additions on 

the high-temperature compressive strengths of Pt-Al-Z alloys (where Z = Cr, Re, Ru, Ta and 
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Ti) [2001Hil2, 2001Hil3, 2001Hil4, 2002Hil]. It was found that the Pt-Al-Z alloys had higher 

strengths above 1150ºC than the commercial NBSA MAR-M247 [2002Hil]. However, 

further work was necessary to determine the effects of the ternary alloying additions on the 

high temperature mechanical properties of Pt-Al-Z alloys, because differences between the 

microstructures and Pt:Al:Z ratios of the alloys tested made it difficult to isolate the 

influences of the ternary additions and high-temperature compressive strength does not 

equate to creep strength [2001Hil4, 2002Hil]. An investigation was therefore carried out on 

the effects of alloying additions on the creep properties of Pt-Al-Z alloys at 1300ºC 

[2002Süs1]. The ternary elements (Z = Cr, Ir, Ru, Ta and Ti) were selected to improve the 

high-temperature mechanical properties and phase stability of the alloys, in accordance with 

the earlier findings [2001Big1, 2001Hil2, 2001Hil4, 2002Hil]. The Pt:Al:Z ratios of the alloys 

tested were standardised to eliminate the effects of differing Al contents. PM2000, a 

dispersion strengthened alloy, was used as a benchmark, and is an iron-chromium-aluminium 

alloy with a fine dispersion of yttrium oxide (Y2O3) particles in a ferritic matrix. It is a high 

temperature alloy, with fine precipitates, and so was considered good for comparison 

[2011Cor]. Figure 2.26 [2002Süs1] shows the stress-rupture curves of all the alloys tested. 

PM2000 had the highest strength, but the shallow slope of the stress-rupture curve indicated 

high stress sensitivity and brittle creep behaviour. In practice, this meant that PM2000 

structures are more likely to fail in the presence of stress concentrations or short overloads 

during usage [2002Süs1]. 

 
Figure 2.26. Stress-rupture curves of PM2000 and Pt86:Al10:Z4 alloys at 1300ºC in air 
[2002Süs1]. 
 
The Pt86:Al10:Cr4 (at.%) alloy possessed the highest strength of the investigated Pt-based 

alloys [2002Süs1]. Figure 2.27 [2002Süs1] shows selected creep curves at 30 MPa for the 
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four alloys. No primary creep stage could be observed for any of the three Pt-based alloys 

within the measurement error of the creep test facility. After secondary creep, the Pt-based 

alloys experienced substantial tertiary creep leading to fracture strain values between 10% 

and 50% at 1300ºC. For PM2000, it was not possible to resolve the different stages of the 

creep curves because of very low creep rates, together with fracture strains below 1% 

[2002Süs1]. The stress-rupture curves of PM2000 and the most promising Pt-based alloy, 

Pt86:Al10:Cr4 (at.%), are shown in Figure 2.28 [2002Süs1]. Also shown is the 10 hour stress-

rupture strength values at 1300ºC of several conventional solid-solution strengthened Pt-

based alloys [2000Lup], as well as those of pure Pt and zirconia grain stabilised (ZGS) 

platinum [1994Bar], an oxide dispersion strengthened Pt alloy from Johnson Matthey Noble 

Metals. 

 
Figure 2.27. Creep curves of PM2000 and Pt86:Al10:Z4 alloys tested at 1300ºC and 30 
MPa [2002Süs1]. 

 

Strengthening was achieved by precipitation of γ' particles, and gave considerably increased 

stress-rupture strength, Rm/10h/1300ºC (where m denotes maximum), by a factor of 8 from 2.2 

MPa for the pure Pt matrix to 17MPa for Pt86:Al10:Cr4 (at.%) [2002Süs1]. The strength of the 

Pt86:Al10:Cr4 (at.%) alloy was also higher than the solution strengthened Pt-based alloys, Pt-

10 wt% Rh and Pt-20 wt% Rh. Alloying with 30 wt% Rh would be necessary to reach the 

strength of the alloy Pt86:Al10:Cr4 (at.%), and the exceptionally volatile price of Rh and 

enormous machining problems limit the practical use of Pt-30 wt% Rh [1999Fis, 2006Völ, 

2009Cor1]. The creep strengths of the Pt-based alloys at 1300ºC were higher than those of the 

Ni- and Co-based superalloys, whose precipitates dissolved at this high-temperature regime, 
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resulting in loss of strength. The creep strength of the Pt86:Al10:Z4 (at.%) system was 

comparable to the mechanically alloyed ferritic oxide dispersion strengthened alloys 

[2002Süs1]. 

 

 
Figure 2.28. Stress-rupture curves at 1300ºC of PM2000, Pt, ZGS platinum and 
Pt86:Al10:Cr4 (at.%) compared with stress-rupture strength values, Rm/10h/1300ºC, of some 
conventional solid solution strengthened Pt-based alloys [2002Süs1]. 
 

2.5.3.2 Oxidation 
 
Although some alloys (Pt86:Al10:Cr4, Pt86:Al10:Ti4 and Pt86:Al10:Ru4 (at.%)) with potential for 

high-temperature applications had already been identified [2001Hil3], more information was 

needed on the high-temperature properties, since they were being targeted for this niche. 

Additionally, the oxidation resistance was ascertained by a stepped thermo-gravimetric 

testing regime in a Setaram TG-DTA 92 analyser, with halts of 10,000s (2.8h) at 900ºC, 

1100ºC, 1300ºC and 1400ºC. There was internal grain boundary oxidation in the Pt-Ti-Ru 

alloys, and extensive internal oxidation in the Pt-Nb-Ru and Pt-Ta-Re alloys. The alloys 

containing Al exhibited considerably better oxidation resistance than the other alloys; this 

was attributed to the formation of a protective Al oxide scale. Internal oxidation was 

observed in alloys containing Ti instead of Al, and this was presumed to be the cause of their 

inferior properties. Aluminium was regarded as the essential addition in order to develop an 

oxidation-resistant alloy [2001Hil1], confirming Felton’s work [1976Fel], therefore further 

work focused on Pt-Al-Z alloys only. 
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The high-temperature oxidation behaviour of Pt-Al-Z alloys (Z = Cr, Ir, Re, Ru, Ta and Ti) 

was studied by isothermal oxidation tests at 1200ºC, 1280ºC and 1350ºC for at least 1000 

hours [2000Hil1, 2001Süs1]. Figure 2.29 [2001Süs1] shows the increase in the thickness of 

the continuous layers with time for the different alloys tested.  

 
Figure 2.29. Results of the isothermal oxidation tests conducted on Pt-Al-Z alloys at 
1350ºC, showing the thickness changes with time over the first 1000 hours  [2001Süs1]. 
 

The Pt86:Al10:Ti4 and Pt86:Al10:Ru4 (at.%) alloys showed similar parabolic oxidation 

behaviour to the benchmark [2001Süs1]. The Pt86:Al10:Ir4 and Pt86:Al10:Cr4 (at.%) alloys 

showed parabolic behaviour during the early stages of oxidation (with high initial oxidation 

rates), after which their continuous oxide layers grew at a logarithmic rate, giving these two 

alloys the thinnest continuous oxide layers after 800 hours exposure. After a transient period, 

during which discontinuous alumina particles precipitated in the (Pt) matrix (Figure 2.30(a) 

2001Süs1), an external alumina film formed. This was formed because oxygen diffused 

through the scale more quickly than Al diffused in the alloy [2001Süs1]. Only when a critical 

volume of oxides was reached, did transition from internal oxidation to external scale 

formation occur [1987Woo]. The continuous film appeared to provide protection for the 

alloy, since no internal oxidation occurred during long-term exposure (Figure 2.30(a) 

[2001Süs1]). However, the alloys were still outperformed by the PM2000, which formed a 

perfectly continuous oxide layer (Figure 2.30(b) [2001Süs1]. Further work was required in 

order to accelerate the formation of the continuous layer of the Pt-based alloys. It was 

deduced that this could be achieved by increasing the Al content [2001Süs1]. 
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Figure 2.30. SEM-BSE images of alloys isothermally oxidised at 1350ºC for various 
times:  (a) Pt86:Al10:Cr4 (at.%) for 1000 hours, and (b) PM2000 for 10 hours, where (i) is 
transient oxidation, and (ii) is continuous oxidation [2001Süs1]. 
 

2.5.4 Transmission Electron Microscopy Studies of Pt-based Superalloys 
 

2.5.4.1 Microstructure and Crystal Structure of Pt3Al in Binary Pt–Al Alloys 
 
 
In order to maintain the analogous γ/γ′ microstructure in the Pt–Al alloys over the whole 

operating temperature regime (room temperature to above 1100°C), the L12 structure of the 

precipitates must be prevented from transforming to the tetragonal structure upon cooling. 

Some success has been achieved in stabilising the high temperature L12 form by ternary 

alloying of Pt and Al with Cr [2001Hil1, 2001Hil2, 2005Hül, 2005Wen1]. However, the 

precipitates are distorted tetragonally in the simple binary Pt–Al alloy. Douglas et al. 

[2004Dou2, 2007Dou] carried out a detailed TEM study of the microstructure and crystal 

structure of the tetragonally distorted Pt3Al precipitates in a binary Pt–Al alloy. 

 
The chosen sample composition was within the Pt solid solution and Pt3Al two-phase field of 

the Pt–Al phase diagram [2004Dou, 2007Dou]. The alloy was heat treated for 96h at 1350°C, 

followed by furnace cooling. A Philips CM20 TEM operating at 200kV was used for 

conventional transmission electron microscopy. High-resolution imaging was performed on a 

JEOL 4000EX HRTEM operated at 400kV. The atomic structure of the tetragonal (DO'c) 

phase of Pt3Al was constructed by using the atomic positions determined by Bronger et al. 

(1997Bro) for the space group P4/mbm. The unit cells were constructed using the JEMS 

software package from P.A. Stadelmann, CIME EPFL, Lausanne, Switzerland, which was 

also used to simulate the diffraction patterns. The unit cell construction was repeated using 
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the MacTempas software package from Total Resolution LLC, Berkeley, U.S.A., which gave 

the same results, and high resolution images were also simulated [2004Dou2, 2007Dou, 

2009Dou]. 

 

Figure 2.31 [2007Dou] is a bright-field TEM image of a typical Pt3Al precipitate in the 

Pt86:Al14 (at.%) alloy, containing a number of stacked plates or laths (P) (which are 

characteristic of alloys in which a martensitic transformation has occurred) in a (Pt) solid 

solution matrix (M) [2007Dou, 2009Dou]. 

 
Figure 2.31. Bright field TEM image of a Pt3Al precipitate in a Pt86:Al14 (at.%) alloy, 
where P = stacked plates or laths, M = (Pt) solid solution matrix, and arrows indicate 
individual platelets inside the plate of stacked platelets in the region below [2007Dou]. 
 
 
Selected area diffraction (SAD) patterns for the matrix and the precipitate are shown in 

Figure 2.32 [2004Dou2, 2007Dou]. The selected area aperture was positioned to include two 

adjacent plates in the precipitate. The SAD pattern of the matrix was simulated along the 

[001] beam direction based on an fcc unit cell. This simulation is shown in Figure 2.32(c) 

[2007Dou]. The SAD pattern of the precipitate was simulated along the [110] beam direction, 

based on the DO′c (Pt3Ga) unit cell, and is shown in Figure 2.32(d) [2007Dou]. The matrix 

diffraction pattern, which is supposed to be from a disordered fcc phase, had faint extra spots 

in addition to the fundamental reflections expected for the fcc structure. There was a high 

density of small precipitates throughout the matrix, which made it impossible to isolate the 

information contributed to the diffraction pattern by the matrix by using the selected area 

aperture. The matrix diffraction pattern was thus a composite of the diffraction patterns from 

the matrix and the precipitates. The experimental γ′ precipitate diffraction pattern contained 

fine structure in the form of additional extra spots (indicated by arrows in Figure 2.32(b)) 
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[2004Dou2, 2007Dou] that were found neither in the experimental matrix nor in the 

simulated DO′c diffraction pattern. The primary spots in the experimental SAD pattern of the 

γ′ phase (Figure 2.32(b)) [2004Dou], e.g. 2 0, 2 4 and 004, match the high intensity 

reflections of the simulated diffraction pattern based on the DO′c structure (Figure 2.32(d)) 

[2004Dou2, 2007Dou]. 

 

Comparison of the experimental primary spots in the [110] selected area diffraction (SAD) 

with the simulated DO'c diffraction pattern revealed some differences [2007Dou, 2009Dou]. 

There were no experimental <001> and <003> reflections, and there were extra experimental 

spots with reciprocal lattice vectors ± [002] and ± [002].  

 
                                         (a)                                                              (b) 
 

 
 

                                       (c)                                                              (d) 
Figure 2.32. Pt86Al14 (at.%) TEM results: (a) SAD pattern corresponding to the matrix, 
B= [001], (b) SAD pattern corresponding to the precipitate, B= [110], (c) simulated 
matrix SAD pattern, B= [001], and (d) simulated precipitate SAD pattern, B= [110] 
[2007Dou]. 
 
The reflections at ± [002] indicated that the precipitate phase had a tetragonal unit cell with 

a c-axis 1½ times that of the DO'c unit cell. Various modelling attempts were tried for the 
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DO'c structure, and only one modification was successful [2007Dou, 2009Dou]. The atomic 

configuration of the DO'c structure, projected along the [110] direction, is shown in Figure 

2.33(a) [2007Dou, 2009Dou]. The simulated diffraction pattern using this unit cell is shown 

in Figure 2.33(d) [2007Dou, 2009Dou]. A modified tetragonal Pt3Al unit cell, with the c axis 

equal to 1½ times that of the DO'c structure, is shown in Figure 2.33(b) [2007Dou, 2009Dou]. 

The modified unit cell was constructed by repeating half of the DO'c structure, as shown in 

the dashed rectangles in Figure 2.33(a) and (b) [2007Dou, 2009Dou]. The simulated SAD 

pattern, based on the modified unit cell, is shown in Figure 2.33(c) [2007Dou, 2009Dou]. A 

selected area diffraction pattern of a single broad precipitate plate is shown in Figure 2.33(d) 

[2007Dou, 2009Dou]. The simulated SAD pattern based on the modified DO'c unit cell 

agreed well with the experimental diffraction pattern. 

 

 
(a)                                                           (b) 

 
(c)                                                           (d) 

Figure 2.33. Pt86Al14 (at.%) TEM results: (a) unit cell of the DO'c structure, B= [110], 
(b) unit cell of modified DO'c unit cell, B= [110], (c) kinematically simulated SAD 
pattern of modified DO'c unit cell, B= [110], and (d) experimental SAD pattern from a 
single broad plate, B= [110] [2007Dou]. 
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2.5.4.2 Microstructure and Deformation of Ternary Alloys 
 
After Pt-Al was identified as the basis for the alloys [2001Hil1], ternary additions were made 

to stabilize the high temperature L12 cubic form of ~Pt3Al. Without these additions, a 

martensitic transformation occurred in ~Pt3Al forming DO′c twin-like bands [2003Big, 

2004Cor]. TEM was then used to study the precipitate structures of the Pt-Al-Z alloys (where 

Z = Cr, Ir, Ru, Ta or Ti) [2001Hil2, 2001Hil4, 2001Hil6, 2009Cor1] at different testing 

temperatures [2004Dou1, 2004Dou2]. 

 

The samples had only a small amount of deformation [2001Hil6]. The precipitates showed at 

least a bimodal distribution, which could even be interpreted as a trimodal distribution 

(Figure 2.34(a) [2001Hil5, 2001Hil6, 2006Cor]). The elements Cr, Ta and Ti partitioned to 

~Pt3Al and stabilised the cubic L12 structure, giving cuboid precipitates, with no discernable 

inner structure (Figure 2.34(a)) [2001Hil5, 2001Hil6, 2004Dou2, 2006Cor]. Conversely, Ir 

and Ru partitioned to the matrix, and the precipitates transformed to the DO′c structure 

(Figure 2.34(b)) [2001Hil5, 2001Hil6, 2004Dou2, 2006Cor], with alternating contrast bands. 

These were acknowledged as being due to the twinning of the stacked plates and the modified 

DO′c structure [2007Dou], although the transformation had already been recognised as 

displacive [1986McA, 1987Oya]. 

 

 
Figure 2.34. Typical TEM images of the ~Pt3Al precipitates in Pt-Al-Z alloys (Z = Cr, 
Ir, Ru, Ta or Ti), with letters indicating the different size ranges (where P = primary; I 
or T = intermediate; S = secondary): (a) L12 precipitates stabilised by Cr, Ta and Ti 
additions. The inset shows the selected area diffraction (SAD) pattern, confirming the 
L12 structure, and (b) DO′c precipitates stabilised by Ir and Ru additions [2001Hil5, 
2001Hil6, 2004Dou2, 2006Cor]. 
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The lattice misfits between the matrix and precipitate phases were also measured at room 

temperature and at 800ºC by X-ray diffraction (XRD) on a JEOL JDX-3500 diffractometer, 

with a copper source [2001Hil6]. The (220) peak was used to derive the (Pt) lattice 

parameters, (112) was used for tetragonal DO'c ~ Pt3Al, and (211) was used for cubic L12 

~Pt3Al. Lattice misfits, δ, were then calculated from these measurements, using Equation 2.1 

[1987Sim, 2006Ree]: 

 

))matrixappt))/(amatrixappt2((aδ +−=                                Equation 2.1 

 

where appt denotes the lattice parameter for the ~Pt3Al precipitate phase and amatrix denotes the 

lattice parameter for the (Pt) matrix phase. The results are presented in Table 2.4 [2001Hil6, 

2004Dou2]. There was little difference between the misfits at different temperatures, and they 

were all negative. With the exception of the Ru alloy, all the other alloys showed an increased 

misfit at the higher temperature. The misfits were lower for the L12 phases (Cr, Ta and Ti 

alloys) than for the lower temperature DO′c structure (Ir and Ru alloys). 

 

Table 2.4. Comparative lattice misfits of selected Pt86:Al10:Z4 alloys comprising (Pt) 
matrix and ~Pt3Al precipitates (ppt) [2001Hil6, 2004Dou2]. 
 

Alloy Pt3Al type 

Room temperature 800ºC 

amatrix 
(nm) 

appt 
(nm) 

Lattice 
misfit 

(δ) 
amatrix 
(nm) 

appt 
(nm) 

Lattice 
misfit 

(δ) 
Pt86:Al10:Cr4 L12 3.9022 3.8741 -0.0072 3.9390 3.9103 -0.0073 
Pt86:Al10:Ir4 DO'c 3.8983 3.8507 -0.0123 3.9246 3.8747 -0.0128 
Pt86:Al10:Ru4 DO'c 3.9001 3.8530 -0.0121 3.9349 3.8967 -0.0098 
Pt86:Al10:Ta4 L12 3.8941 3.8682 -0.0067 3.9246 3.8961 -0.0073 
Pt86:Al10:Ti4 L12 3.8921 3.8642 -0.0072 3.9246 3.8961 -0.0073 

 

Since the interaction of dislocations with precipitates is important for determining the 

mechanical properties, these interactions were studied using TEM, and the different effects of 

the ternary additions on the ~Pt3Al precipitates were compared. New samples were made to 

study the dislocation content and precipitation characteristics. The samples had been 

compressed at different temperatures (21ºC, 800ºC, 1000ºC and 1300ºC) for Pt86:Al10:Z4 

(at.%) alloys where Z = Cr, Ir, Ru, Ta and Ti [2004Dou1, 2004Dou2]. Lattice parameters of 

the (Pt) matrix phase in Pt-Al-Z  (Z = Cr, Ru and Ti) alloys were derived from selected area 
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electron diffraction (SAD), and all the patterns were of a <112> zone type. The results were 

slightly different from those of Hill et al. [2001Hil6]; this was attributed to calibration 

differences in the camera length of the two microscopes. Unlike NBSAs which have 

precipitates with {100} interfaces, the interfaces of the Pt-based alloys were not necessarily 

{100}, and this made the dislocations more complex, as did the different lower temperature 

non-cubic structure [1987Sim]. However, the dislocations were analysed to have a Burgers 

vector of ± ½<110>, similar to those found in NBSAs. 

 

The density of the small precipitates decreased with increasing compression temperature, 

while the dislocation density in the matrix increased, but the changes were not large in either 

[2009Dou]. There were paired dislocations in all the large precipitates, and these were 

interpreted to be misfit dislocations because there were different types of dislocations at 

different parts of the precipitate, and networks around the edges. With increasing 

temperature, the structure of the dislocation system remained the same, and no other slip 

systems were activated [2009Dou]. Cornish et al. [2006Cor] found that in Pt-Al-Cr the 

precipitates were not cuboid, but octahedral in nature. In Pt-Al-Ru, the morphology of the 

precipitates differed markedly from those of the Pt-Al-Cr sample. They were ogdoadically-

diced [1957Wes] (otherwise described as cruciform or maltese cross-shaped) as shown in 

Figure 2.35 [2004Dou2, 2006Cor], generally consisting of four interconnected lobes and 

similar to those in the Pt-Al-Ir sample [2004Dou2, 2006Cor]. The precipitates showed 

twinned regions, indicating that a martensitic transformation had occurred. Their edges were 

curved, suggesting low surface energy for their boundaries, but became more straight at 

higher compression temperatures. The twin bands also became better developed at higher 

temperatures, with dislocations found in alternating twin bands. The dislocations occurred in 

pairs, indicative of superlattice dislocations, which were expected in the ordered structure of 

these precipitates, just as in the γ' phase of NBSAs. The long dislocations shared the same 

Burger’s vector as those in the Pt-Al-Cr system [2004Dou2, 2006Cor]. 

In Pt86:Al10:Cr4 (at.%) (Figure 2.36) [2004Dou2] after being compressed at room 

temperature, the matrix surrounding the precipitate appeared to be largely devoid of 

dislocations, although this region contained features that indicated strain contrast as seen in 

the black circle and white box in Figure 2.36. The strain contrast lobes in the circle are visible 

in Figure 2.36(a) to (c), invisible in Figure 2.36(d) to (g), and show sharp dislocations in 

Figure 2.36(h). It was concluded that these features may be due to ion milling damage from 
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the TEM sample preparation process. The features within the white box were visible under all 

the diffraction conditions in Figure 2.36, and were thought to be small γ′ precipitates, which 

could account for the low matrix dislocation density, since they would have had a significant 

hardening effect on the matrix. The finer precipitates were found to serve as a barrier to the 

motion of matrix dislocations, as indicated at the red arrows in Figure 2.36 [2004Dou2]. The 

Pt86:Al10:Cr4 (at.%) matrix and precipitate orientation relationships derived from the SAD 

pattern was: (110)M||(110)P; <002>M||<002>P; < 2 20>M||< 2 20>P. The TEM EDX analyses of 

Pt86:Al10:Cr4 (at.%) for both matrix and precipitate compositions are shown in Table 2.5 

[2004Dou2]. Figure 2.37 shows bright field TEM micrographs of the interfacial dislocation 

networks in Pt86:Al10:Cr4 (at.%) deformed at 800°C under various diffraction conditions. The 

dislocations seen in Figure 2.37 were observed in regions of the sample where there were no 

fine precipitates (but larger precipitates) and wide matrix channels; the dislocations were 

confined within the precipitates, since the wide matrix channels did not provide resistance to 

dislocation motion during deformation. 

 
Figure 2.35. Dark field TEM image of a typical Pt86:Al10:Ir4 (at.%) alloy compressed at 
room temperature, with P denoting ogdoadically-diced precipitates, and C denoting 
secondary precipitates. (Inset shows a selected area electron diffraction pattern with 
reflection used to obtain the image circled.) [2004Dou2, 2006Cor]. 
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Figure 2.36. Bright field TEM image of Pt86Al10Cr4 (at.%) deformed at room 
temperature showing small precipitates in the matrix with lobe contrast, box shows 
precipitates within the matrix and the circle shows finer precipitates [2004Dou2]. 
 

Table 2.5. TEM EDX analyses (at.%) of Pt86Al10Cr4 (at.%) matrix and precipitate 
compositions [2004Dou2]. 

 Element Matrix (at.%)   Precipitate (at.%) 
 Pt  86 ± 2  78 ± 2 
 Al  10 ± 2  20 ± 2 
 Cr    4 ± 2    2 ± 2 
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Figure 2.37. Bright field TEM micrographs of the interfacial dislocation networks in 
Pt86Al10Cr4 (at.%) deformed at 800°C under various diffraction conditions (scale bar = 
200nm) [2004Dou2]. 
 

 
The Pt86:Al10:Cr4 (at.%) sample after deformation at 1100˚C (Figure 2.38) [2004Dou2] 

showed different features from those of the sample deformed at room temperature in Figure 

2.36 [2004Dou2]. The microstructure consisted of large, irregular γ′ precipitates (P), and 

smaller, almost cubic precipitates (F) embedded in the fcc (γ) matrix. Small features 

exhibiting strain contrast were observed (circle). Once again, the strain contrast was 

attributed to ion milling damage. Some isolated dislocations (d) were observed in the matrix. 

The precipitates contained a high density of threading dislocations (D). The threading 

dislocations exhibited double contrast, probably because the specimen was not tilted to an 

exact two-beam condition. The γ/γ′ interfacial dislocation networks could also be seen (box). 

Figure 2.39 shows bright field micrographs of Pt86:Al10:Cr4 (at.%) deformed at 1300°C with 

γ/γ′ interface dislocations under different diffraction conditions [2004Dou2]. 

The Pt86Al10Ru4 (at.%) matrix and precipitate orientation relationships derived from the SAD 

pattern were: (001)M||(100) P; [110]M||[100]P. The TEM EDX analyses of Pt86Al10Ru4 (at.%) 

for both matrix and precipitate compositions are shown in Table 2.6 [2004Dou2]. The 

precipitate structures of the alloys with Ti, Ta and Cr was L12, while the alloys with Ir and Ru 

were the modified DO'c. The DO'c precipitates (P) are shown under different diffraction 

conditions, in the bright field images, Figure 2.40 [2004Dou2]. These precipitates contain 

alternating broad plates, as shown by the red and blue arrows. The plate indicated by the red 
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arrow appears darker than that indicated by the blue arrow under the same diffraction 

conditions. This fact implies that there is a difference in orientation, and hence diffraction 

conditions, between the plates [2004Dou2]. There were dislocation tangles, as shown by the 

dashed arrows in Figure 2.40(a), which appear to be associated with the γ/γ′ interfaces. The 

threading dislocations are invisible in Figure 2.40(a) and visible in Figure 2.40(b), while the 

“interface” dislocations show the reverse contrast behaviour [2004Dou2]. Figure 2.41 

[2004Dou2] shows a precipitate under different diffraction conditions. The region within the 

blue dotted circle in Figure 2.41(a) and (b) contains the dislocations making up the interfacial 

network. Figure 2.41(c) is a composite of Figure 2.41(a) and (b) showing the hexagonal 

nature of the network. The individual segments are shown schematically in different coloured 

lines in Figure 2.41(d). The interface was curved, which caused the dislocation network to be 

distorted [2004Dou2].  

 
Figure 2.38. Bright field TEM image of Pt86Al10Cr4 (at.%) compressed at 1100˚C, 
showing a typical L12 precipitate (P), in a (Pt) solid solution matrix (M) [2004Dou2].   
 
Table 2.6. TEM EDX analyses (at.%) of Pt86Al10Ru4 (at.%) matrix and precipitate 
compositions [2004Dou2]. 

 Element Matrix (at.%)   Precipitate (at.%) 
 Pt  88 ± 2  79 ± 2 
 Al  10 ± 2  20 ± 3 
Ru    2 ± 2    1 ± 1 
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Figure 2.39. Bright field TEM micrographs of Pt86Al10Cr4 (at.%) deformed at 1300°C 
showing γ/γ′ interface dislocations under different diffraction conditions (scale bar = 
200nm) [2004Dou2].  
 

 
Figure 2.40. Bright field TEM micrographs of room temperature compressed 
Pt86Al10Ru4 (at.%) showing DO'c precipitates: a) threading dislocations out of contrast 
and b) threading dislocations in contrast (scale bar = 300nm) [2004Dou2]. 
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Figure 2.41. Bright field TEM micrographs for Pt86Al10Ru4 (at.%) taken from a tip of a 
precipitates’ lobe showing evidence of part of a hexagonal interfacial dislocation 
network (scale bar = 50nm) [2004Dou2]. 

  
Low and high magnification images of Pt86Al10Ta4 (at.%) (Figure 2.42) [2004Dou2] after 

deformation at 1100˚C show the morphology and dislocation distribution in the γ′ precipitates 

(P). The matrix (M) did not contain any small precipitates unlike Pt86Al10Cr4 (at.%) deformed 

at room temperature (Figure 2.36 [2004Dou2]). Isolated dislocations (D) occurred in the 

matrix, but their density was much lower than the precipitates. The γ/γ′ interfaces contained 

dislocation networks, as seen in the box. The same alloy deformed at a low temperature 

(800˚C) showed distorted γ/γ′ interface dislocations (Figure 2.43, box) [2004Dou2], different 

from those in Figure 2.42 [2004Dou2] as they were slightly elongated. The matrix (M) had 

small L12 precipitates (B), in addition to the larger secondary γ′ precipitates (A). The matrix 

and precipitate orientation relationships derived from the SAD pattern was: <111>M||<111>P; 

<2 2 0>M||<2 2 0>P; (112)M||(112)P. 
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Figure 2.42. Bright field TEM images of Pt86Al10Ta4 (at.%) deformed at 1100˚C: (a) low 
magnification, and (b) high magnification, showing γ′ precipitates (P), in a (Pt) solid 
solution matrix (M) [2004Dou2].   
 

 
Figure 2.43. Bright field TEM image of Pt86Al10Ta4 (at.%) deformed at 800˚C, showing 
γ′ precipitates (P) and larger secondary γ′ precipitates (A), in a (Pt) solid solution 
matrix (M) [2004Dou2].   
 

A TEM image of Pt86Al10Ti4 (at.%) after deformation at 1100˚C is shown in Figure 2.44 

[2004Dou2]. The precipitates contained no threading dislocations, even when imaged under a 

variety of diffraction conditions [2004Dou2], and only a few isolated dislocations (D) were 

present in matrix. The matrix dislocation (arrow) did not appear to penetrate the large γ′ 

precipitate, as seen in the highlighted box in Figure 2.45 [2004Dou2].  The matrix dislocation 

interacted with the dislocations in the interfacial network, causing this matrix dislocation to 

be embedded into the interface and not enter the precipitate. The matrix and precipitate 

orientation relationships derived from the SAD pattern were: <101>M||<101>P; 
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<111>M||<111>P; (001)M||(001)P. Interfacial dislocation networks can be been in Figure 2.46 

taken under different diffraction conditions. Figure 2.47 shows the hexagonal nature of the 

networks after deformation [2004Dou2]. Another hexagonal dislocation network is shown in 

greater detail, under different diffraction conditions, in Figure 2.48 [2004Dou2]. The 

microstructure of Pt86Al10Ti4 (at.%) deformed at 1300°C is shown in Figure 2.49 [2004Dou2]. 

The microstructure consists of L12 precipitates within a fcc matrix (M). The precipitates have 

a trimodal size distribution, with large (> 1µm) precipitates (P), cubic precipitates (C, 

~100nm) and small (S, < 20nm) precipitates. The cubic precipitates can coalesce to form 

larger precipitates, as indicated in the rectangle in Figure 2.49. 

 

 
Figure 2.44. Bright field TEM image of Pt86Al10Ti4 (at.%) deformed at 1100˚C, showing 
a typical L12 precipitate (P) in a (Pt) matrix (M) [2004Dou2]. 
 

 
Figure 2.45. Bright field TEM image of Pt86Al10Ti4 (at.%) deformed at 1100˚C, showing 
an isolated dislocation bowing out around precipitate [2004Dou2]. 
 

300 nm 

100 nm 
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Figure 2.46. Bright field TEM micrographs of Pt86Al10Ti4 (at.%) deformed at 1100˚C, 
showing an interfacial dislocation network under various diffraction conditions (scale 
bar = 50nm) [2004Dou2]. 

 

Figure 2.47. Bright field TEM micrographs of Pt86Al10Ti4 (at.%) deformed at 1100˚C, 
showing a hexagonal dislocation network in the matrix/precipitate interface under 
various diffraction conditions (scale bar = 200nm) [2004Dou2]. 
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Figure 2.48. Bright field TEM micrographs of Pt86Al10Ti4 (at.%) deformed at 1100˚C, 
showing a hexagonal dislocation network in the matrix/precipitate interface under 
various diffraction conditions (scale bar = 100nm) [2004Dou2]. 
 
In the Pt86:Al10:Ir4 (at.%) alloy, the matrix and precipitate orientation relationships derived 

from the SAD pattern were: (001)M||(100) P; [110]M||[100]P. The γ′ precipitates contained a 

fine structure in the form of thin platelets within the broad plates, as shown in Figure 2.50 

[2004Dou2]. Figure 2.50(a) is a dark field image of the same precipitate taken with a 

superlattice spot in order to show the thin platelets more clearly. These fine platelets are 
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indicative of a modification of the DO'c crystal structure, and have also been observed in the 

γ′ phase in Pt86Al10Ru4 (at.%).   

 

 
Figure 2.49. Bright field TEM micrographs of Pt86Al10Ti4 (at.%) deformed at 1300˚C, 
showing coalesced cubic precipitates forming larger precipitates, as indicated in the 
rectangle [2004Dou2]. 
 

 
Figure 2.50. TEM images of room temperature compressed Pt86Al10Ir4 (at.%) alloys, a) 
dark field image showing the thin platelets within the broad plates in a γ′ precipitate, 
and b) bright field image of a precipitate showing the thin platelets [2004Dou2].  
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2.5.5 Development of Pt-Al-Cr-Ni Pt-based Superalloys 

2.5.5.1 Quaternary Pt-Al-Cr-Ni alloys 
 
Since nickel has a good solid-solution strengthening effect on the (Pt) matrix [2002Zha2], it 

was added to a Pt-Al-Cr alloy in varying amounts [2005Hül]. Nominal compositions of the 

alloys had a Pt:Al:Cr at.% ratio of about 86:11:3, in keeping with preceding results on the 

alloy Pt86:Al10:Cr4 (at.%) [2002Süs1]. Pt86-76:Al11:Cr3:Ni0–10 (at.%) alloys with up to 10 at.% 

Ni were arc-melted under argon to make button ingots of about 4 g. Each sample was turned 

and remelted 2 times to promote homogeneity. Metallographic preparation was carried out by 

embedding the samples in phenolic resin with a carbon filler, then grinding, followed by 

polishing with diamond paste down to 1µm particle size. The samples were electrolytically 

etched for 20 seconds with 5V direct current in 5 % aqueous solution of potassium cyanide 

(KCN). Alloying the Pt-Al system with both Cr and Ni consistently stabilized the L12 high 

temperature form of Pt3Al at room temperature [2005Hül]. The Pt86-76:Al11:Cr3:Ni0–10 (at.%) 

alloys were all single-phase after solution heat treatment at 1450°C. Ageing at 1000°C 

produced microstructures similar to Ni-based superalloys. Precipitates in alloys with less than 

6 at.% Ni appeared to lose coherency after ageing [2005Hül]. The Pt80:Al11:Cr3:Ni6 (at.%) 

alloy after ageing not only had the highest γ′ volume fraction, ~23%, but also had well-

aligned cuboid precipitates, with 0.2–0.5μm widths and a misfit of -0.1%, similar to Ni-based 

superalloys. Spherical particles were observed in alloys with more than 6 at.% Ni. These 

changes of γ′ morphologies were correlated to decreasing values of the misfits with 

increasing Ni concentration, so that positive values gave round ~Pt3Al precipitates, values of 

-0.002 gave a cuboid morphology, and values of -0.005 gave an irregular morphology 

[2006Vor]. Ageing at 1100°C led to coarse γ′ particles and reduced γ′ volume fractions. 

However, volume fractions decreased less with temperature in alloys containing Ni than in 

those without Ni. 

 

Alloys in the range Pt-Al12–15:Cr3:Ni4–8 (at.%) were chosen near the solubility limit of about 

15 at.% Al in order to achieve high γ′ volume fractions [2005Hül, 2005Wen1]. Alloys with up 

to 13 at.% Al were successfully homogenized in the single phase γ region at 1500°C, and still 

higher Al contents formed a eutectic, even after heat treating at 1530°C. Ageing alloys with 

up to 13 at.% Al for 120h at 1000°C led to homogeneous distributions of ~Pt3Al particles. 

Alloy Pt79:Al14:Cr3:Ni6 (at.%) showed cubic ~Pt3Al particles with 520μm average widths 

(Figure 2.51(b) [2005Wen1]), a microstructure very close to that of Ni-based superalloys. 
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The absolute lattice misfit between γ and γ′ decreased with increasing Ni content. Once again, 

the slightly negative misfits found at room temperature, together with cubic or spherical 

particles (Table 2.7 [2006Vor]), signified coherency between γ and γ′ in alloys with more 

than 5 at.% Ni (Figure 2.51(b and c) [2005Wen1]). A lack of coherency was apparent in the 

alloy with Ni below 5 at.% and high negative misfit of about -0.5 % (Figure 2.51(a) 

[2005Wen1]). By raising the concentration of the major γ′-forming element, Al, up to 13 

at.%, the γ′ volume fraction was increased to 30% [2005Wen1]. 

 

 
Figure 2.51. SEM-SE images of alloys annealed for 12h at 1500°C and 120h at 1000°C in 
Ar, showing ~Pt3Al (dark) in (Pt) (light) two-phase microstructures: (a) 
Pt79:Al14:Cr3:Ni4, (b) Pt77:Al14:Cr3:Ni6, and (c) Pt75:Al14:Cr3:Ni8 (at.%) [2005Wen1]. 
 

Table 2.7. Lattice misfits at room temperature after heat treatment and water quench, 
determined by XRD [2006Vor]. 
 

Nominal 
Composition 

(at.%) 

Heat Treatment Misfit 
(%) 

γ′ Shape 

Pt77:Al14:Cr3:Ni6 12h at 1530°C -0.3 Cubes, partly aligned 
Pt79:Al14:Cr3:Ni4 12h at 1530°C, 120h at 1000°C -0.5 Irregular, coarsened 
Pt77:Al14:Cr3:Ni6 12h at 1530°C, 120h at 1000°C -0.1 Cubes, aligned 
Pt75:Al14:Cr3:Ni8 12h at 1530°C, 120h at 1000°C 0.0 Spherical 

 

In another alloy series, the composition range was Pt-Al12.5:Cr0–6:Ni6 (at.%) to ensure 

coherency between γ and γ′. Dendritic as-cast structures of Pt-Al12.5:Cr3:Ni6 (at.%),              

Pt-Al12:Ni6 (at.%) and Pt-Al12:Cr6:Ni6 (at.%) were homogenized by heat treatment at 1500-

1510°C [2005Hül, 2005Vor, 2005Wen1]. Different cooling regimes were tried. Formation of 

~Pt3Al precipitates was almost completely suppressed in Pt-Al12.5:Cr3:Ni6 (at.%) after 

homogenization for 12h at 1500°C and subsequent water quenching (Figure 2.52(a) 

[2006Völ]), demonstrating that all the ~Pt3Al could be taken into solid solution at 1500°C. 

Air cooling led to homogeneous distributions of ~Pt3Al particles with 200nm average widths 
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and a volume fraction of about 30% (Figure 2.52(b) [2006Völ]). Furnace cooling from 

1500°C produced a bimodal particle distribution with a coarse particle fraction (Figure 

2.52(c) [2006Völ]), and a γ′ volume fraction of 34%. Increasing the Cr content to 6 at.% led 

to γ′ average sizes of 500nm and a volume fraction of 50% in Pt-Al12:Cr6:Ni6 (at.%) after 

homogenization for 6h at 1500°C, then 6h at 1510°C in Ar, followed by air cooling. For these 

Pt-based superalloys, controlled air cooling after solution heat treatment was sufficient to 

achieve the targeted microstructure, similar to Ni-based superalloys. 

 

  
a)                                               b)                                             c) 

Figure 2.52. SEM-SE images of Pt-Al12.5:Cr3:Ni6 (at.%) after homogenization for 12h at 
1500°C with different cooling regimes:  (a) water quenched, (b) air cooled, and (c) 
furnace cooled [2006Völ]. 

Pt–Al–Cr–Ni alloys with different γ′ volume fractions were investigated by Wenderoth et al. 

[2005Wen2] in terms of microstructure and compression strength at high temperature.  

Compositions on the γ/γ′ tie-line of Pt77:Al12:Cr6:Ni5 (at.%) heat treated at 1200°C were 

chosen in order to obtain alloys with γ′ volume fractions of ~0%, ~25%, ~50%, ~75% and 

~100%. The investigated alloy compositions were (A) Pt78:Al8:Cr7:Ni7, (B) Pt78:Al11:Cr6:Ni5, 

(C) Pt77:Al13:Cr6:Ni4, (D) Pt76:Al14:Cr6:Ni4 and (E) Pt75:Al15:Cr5:Ni5 (at.%). Alloy samples for 

mechanical tests and SEM investigations were homogenized for 6h at 1500°C and 6h at 

1510°C with subsequent air cooling. A number of samples were aged for 72h at 1200°C with 

subsequent water quenching and without prior homogenization to provoke the growth of 

large γ′ particles and single-phase γ regions for electron probe microanalysis (EPMA). The 

samples for SEM and EPMA were ground, polished and electrolytically etched with 5 % 

aqueous solution of potassium cyanide (KCN). From the homogenization heat treated button 

ingots, cylindrical compression test samples of 4mm diameter and 4mm length were cut by 

electron discharge machining (EDM) and all sides were ground to 600 mesh finish. High 

temperature compression tests with a strain rate of 105s-1 were conducted under a 10-3Pa 
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vacuum. After ageing at 1200°C without prior homogenization, the γ′ volume fractions were 

determined by image analysis [2005Wen1]. The γ′ particles were marked manually in several 

digital SEM micrographs for each alloy. The digital SEM micrographs were successively 

converted into binary images by means of the standard software Photoshop (Adobe Systems 

Inc.). The γ′ area fraction was given by the number of pixels belonging to γ′ divided by the 

number of pixels in the entire micrograph. The standard deviations of the area fractions were 

below ±2% in each case [2005Wen1, 2005Wen2]. The γ′ volume fractions of the alloys after 

ageing were A: 2±2%, B: 29±2%, C: 52±2%, D: 77±2% and E: 94±2% [2005Wen2]. 

Compression tests of the alloys after homogenization heat treatment (Figure 2.53 

[2005Wen2]) showed that Alloy A had the lowest strength at all investigated temperatures. 

Alloy C had the highest strength at 800°C, but at 1000°C and 1200°C the highest strength 

was observed for Alloy E (Figure 2.53 [2005Wen2]). 

 

 
Figure 2.53. High temperature compression strengths of Pt-based alloys homogenized at 
800°C, 1000°C and 1200°C as a function of the γ′ volume fraction [2005Wen2]. 
 

2.5.5.2 Substitution of Ni in Pt-Al-Cr-Ni 
 

In a trial-and-error approach, the high melting elements Nb, Ta and Ti were chosen [2005Hül, 

2005Vor, 2005Wen1] to substitute nickel. By XRD analysis, the fcc γ matrix and the L12-

ordered γ′ ~Pt3Al phases were identified in Pt82:Al7:Cr6:Nb5, Pt-Al7:Cr6:Ta5 and 

Pt82:Al7:Cr6:Ti5 (at.%). The lattice misfit ratios were ~-3 x 10-3 in all alloys. After 
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homogenization, the alloys showed bimodal size distributions of the γ′ particles (Figure 2.54 

[2006Völ]). Besides coarse and irregularly shaped particles with a volume fraction between 

10 and 20%, small cuboids of up to 300μm in size were observed. After subsequent ageing 

for 264h at 1200°C with water quenching, measurement of the compositions revealed Nb and 

Ta to be almost evenly distributed within the γ matrix and γ′ precipitates, whereas Ti 

partitioned to the γ′ phase. The γ′ volume fractions after ageing were 34% in Pt82:Al7:Cr6:Nb5, 

33% in Pt82:Al7:Cr6:Ta5 and 35% in Pt82:Al7:Cr6:Ti5 (at.%) [2006Völ].  

 

     
Figure 2.54. SEM-SE images of the γ-γ′ microstructures after heat treatment for 6h at 
1500°C and 6h at 1510°C with air cooling: (a) Pt82:Al7:Cr6:Nb5, (b) Pt82:Al7:Cr6:Ta5, 
and (c) Pt82:Al7:Cr6:Ti5 (at.%) [2006Völ]. 
 

Compression strengths of polycrystalline Pt82:Al7:Cr6:Nb5, Pt82:Al7:Cr6:Ta5 and 

Pt82:Al7:Cr6:Ti5 (at.%) [2005Hül, 2005Vor, 2005Wen1, 2006Völ] were higher than the 

recorded 190MPa at 1000°C of Pt83:Al12:Cr5 (Figure 2.55 [2006Völ]). At 800°C, 

Pt82:Al7:Cr6:Ta5 (at.%) was the strongest, whereas at higher temperatures, Pt82:Al7:Cr6:Nb5 

(at.%) showed the highest strength. Above 1200°C, Pt82:Al7:Cr6:Nb5 and Pt82:Al7:Cr6:Ta5 

(at.%) outperformed the CMSX-4 single-crystal Ni-based superalloy. The deformed samples 

experienced rupture on the outside surface, which was also observed in the case of the Nb- 

and the Ti-containing Pt-based alloys (Figure 2.56 [2006Völ]). Due to the ongoing 

dissolution of the γ′ phase at about 1250°C in NBSAs [1998Gro], the Pt-based superalloys are 

being developed for applications up to 1300°C [2000Wol]. Stress-rupture curves at 1300°C 

were determined for Pt 10%Rh, Pt 10%Rh DPH and Pt82:Al12:Cr6:Ni5 (at.%) (Figure 2.57 

[2006Völ]), and the latter had the highest stress rupture strength. 

 

a) b) c) 
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Figure 2.55. High-temperature compression strengths of polycrystalline Pt-Al-Cr-X 
alloys, Pt83:Al12:Cr5 [2001Süs1] and the single-crystal Ni-based superalloy CMSX-4 
[2006Völ]. 
 

 
Figure 2.56. SEM-SE images of the Pt82:Al7:Cr6:Ta5 (at.%) compression samples 
deformed at: (a) 800°C, (b) 1000°C, and (c) 1300°C [2006Völ]. 
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Figure 2.57. Stress-rupture strength curves of different Pt-based alloys at 1300°C 
[2004Völ]. 
 

2.5.5.3 TEM Investigations of the γ/γ′ Phase Boundary in Pt-Al-Cr-Ni Alloys 
 

In the TEM investigations by Vorberg and co-workers [2005Vor, 2005Wen2], dense 

dislocation networks were found in a Pt79:Al14:Cr3:Ni4 (at.%) alloy after homogenization for 

12h at 1500°C and ageing for 120h at 1000°C. An alloy with higher nickel content 

(Pt75:Al14:Cr3:Ni8 (at.%)) showed low overall dislocation densities and the γ/γ′ phase 

boundaries were almost free of dislocations. The loss of coherency between the γ and γ′ 

phases in the alloy with low nickel content was explained by high lattice misfit [2005Vor, 

2005Wen2].  Nickel was added in the alloys to act as a solid-solution strengthener, and for 

adjustment of the lattice misfit [2000Zha, 2005Wen1]. Transmission electron microscopy 

bright field images of alloy Pt79:Al14:Cr3:Ni4 (at.%) (with the lowest nickel content) are 

shown in Figure 2.58 [2005Vor, 2005Wen2]. The precipitates had irregular shapes with 

rounded edges. Dense hexagonal dislocation networks were found at the γ/γ′ interfaces, 

whereas the γ matrix was almost free of dislocations. Near-cubic precipitates, analogous to 

those in nickel-based superalloys, were observed in Pt77:Al14:Cr3:Ni6 (at.%) (Figure 2.59(a) 

[2005Vor]). Spherical γ′ particles with an average diameter of 750nm were observed in 

Pt77:Al14:Cr3:Ni6 (at.%) (Figure 2.59(b) [2005Vor]). The γ/γ′ phase boundaries, as well as the 

matrix, were free of dislocations [2005Vor]. 
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(a)                                                      (b) 

Figure 2.58. Many beam bright field TEM images of Pt79:Al14:Cr3:Ni4 (at.%) after 
homogenization for 12h at 1500°C and subsequent water quenching, then ageing for 
120h at 1000°C and subsequent water quenching, showing hexagonal dislocation 

networks at γ/γ' phase boundaries: (a) 
→

k 0 = [011], (b) 
→

k 0 = [001], where 
→

k 0  is the beam 
direction [2005Vor].  
 

      
   (a)                                                               (b) 
Figure 2.59. Many beam bright field TEM images of Pt77:Al14:Cr3:Ni6 (at.%) after 
homogenization for 12h at 1500°C and ageing for 120h at 1000°C, both with subsequent 

water quenching, 
→

k 0 = [001] [2005Vor]. 
 

2.5.5.4 Microalloying of Pt-Al-Cr-Ni 
 
Boron and rhenium were added to the Pt77:Al12:Cr6:Ni5 (at.%) alloy in varying amounts 

[2006Völ]. Boron was chosen since its small size can often enable it to segregate to grain 

boundaries and it can therefore influence grain boundary adhesion, while Re is very 

beneficial for the creep strength of Ni-based superalloys [2004Dur, 2006Völ]. Compression 

creep tests at 1200°C revealed that minor B additions increased both creep strength and 
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ductility considerably (Figure 2.60(a) [2006Völ]). Additions of 0.3 at.% B, together with 2 

at.% Re, further increased creep strength (Figure 2.60(b)) [2006Völ]. 

 

 
Figure 2.60. Compression creep curves of Pt77:Al12Cr6Ni5 (at.%): a) base alloy 
compared to alloys microalloyed with 0.3 and 0.7 at.% B at 1200°C, and b) alloys 
microalloyed with 0.3 and 0.7 at.% B, and with 2 at.% Re + 0.7 at.% B at 1300°C 
[2006Völ]. 
 
 
Further work has been done by Wenderoth and co-workers [2007Wen] on Pt-Al-Cr-Ni alloys 

with additions of 2 at.% Mo, Re, Ru and W. After the homogenisation heat treatment and air 

cooling, all alloys showed a bimodal distribution of γ′ precipitates. Molybdenum, Re, and W 

additions increased strength above 1000°C, whereas Ru had no beneficial effect. Tungsten 

increased the γ′ volume fraction most effectively. However, the oxidation resistance was 

worsened considerably by W additions, and Re-containing alloys showed the best resistance 

against γ′ growth and coarsening during long-term ageing [2007Wen]. 
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2.5.6 Nanoindentation and Nanomechanical Properties of Pt-Based 
Superalloys 
 
This section reviews work that has been done on nanoindentation of Pt-based superalloys 

relevant to this research work. 

 
The local nanomechanical properties of γ matrix and γ´ precipitates in a Pt75:Al12:Cr6:Ni5:Re2 

(at.%) alloy were investigated by Nikulina et al. [2010Nik] by nanoindentation. The alloy 

was prepared from pure elements (99.9 wt%) by arc-melting under an argon atmosphere. In 

order to avoid melting of the residual eutectic in the interdendritic regions after non-

equilibrium solidification, the button ingots were solid solution heat treated in air in two 

steps. The first annealing for 6h at 1500°C, below the equilibrium eutectic temperature of 

1507°C in the Pt-Al binary [1986McA], was immediately followed by a second 

homogenization annealing for 6h at 1510°C, and after each heat treatment the sample was 

water quenched. Subsequently, samples were aged for 120h at 1200°C and then air cooled. 

Any further sample preparation for nanoindentation was not stated. Nanoindentations were 

performed using a Hysitron triboscope on a DI multimode AFM and a 3-sided diamond 

Berkovich type indenter. For indentation, a trapezoidal load profile was used with a holding 

time of 20s at maximum load levels of 0.5, 1.0, 5.0 and 10.0mN. The small load levels (i.e. 

0.5 and 1.0mN) were used for probing the properties of the individual phases, and large loads 

for testing the properties of the alloy. At least five individual indentations were averaged for 

determining the nanohardness and modulus of elasticity of the matrix and precipitates. 

 

Figure 2.61 [2010Nik] shows AFM images of the residual indentations at 1.0 and 10.0mN 

maximum load levels. Figure 2.62 [2010Nik] shows a typical load-displacement curve of the 

matrix and primary precipitates at a 0.5mN load. At the same applied load, a smaller 

indentation depth was found for the γ´ precipitates, indicating a higher hardness compared to 

the matrix. At a load of 1mN, the nanohardness of Pt75:Al12:Cr6:Ni5:Re2 (at.%) was 11.5GPa 

for the γ´ precipitates and 7.5GPa for the matrix. From the load-displacement curves, the 

modulus of elasticity and the nanohardness were evaluated using the Oliver-Pharr method 

[1992Oli, 2002Pha] (Figure 2.63), which is described in Appendix E. For indentation loads of 

0.5mN and 1mN, nearly the same nanohardness was found, indicating that even at 1mN, the 

particle properties were tested. However, at larger loads (e.g. 5mN), the nanohardness values 

converged to the alloy’s hardness. The nanohardness and modulus of elasticity for γ´ and γ 

were comparable to the values of NBSAs PWA 184 [2003Wöl] and CMSX-4 [2004Dur]. 
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Figure 2.61. AFM images of Pt75:Al12:Cr6:Ni5:Re2 (at.%) with nanoindentations (black 
triangles) performed with a Berkovich tip at applied loads of: (a) 1.0mN, and (b) 
10.0mN [2010Nik]. 
  

 
 

Figure 2.62. Load-displacement curves for the matrix and primary precipitates at 
0.5mN applied load [2010Nik]. 

 
     (a)                                                                        (b) 
 

Figure 2.63. Properties of Pt75:Al12:Cr6:Ni5:Re2 (at.%): (a) modulus of elasticity, and (b) 
nanohardness for different loading levels [2010Nik]. 
 

a b 
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2.5.7 Quaternary Pt-Al-Cr-Ru Superalloys and their Derivations 
 
This section gives more attention to work done on Pt-Al-Cr-Ru alloys, how the ternary alloys 

compare with the quaternary alloys, quinary alloys, and the recent work which was focused 

on the optimisation and heat treatments of Pt-Al-Cr-Ru. A sub-section is also devoted to the 

corrosion behaviour of selected Pt-based alloys (ternary and quaternary) compared with 

those of coated and uncoated CMSX-4 NBSAs.  

  

The composition of the Pt-Al-Cr-Ru quaternary alloy needed to be optimised so that a higher 

proportion of the ~Pt3Al second phase was achieved, to enhance the strength of the alloy’s. 

Several alloys were therefore manufactured with this objective [2002Cor], and the 

compositions were selected based on the results of the ternary Pt-Al-Cr and Pt-Al-Ru systems 

[2001Süs1]. The alloys were prepared by arc-melting the pure elements together and turning 

the buttons several times to achieve the highest possible homogeneity, followed by heat 

treatment at 1350ºC for 96h. Hardnesses of the alloys were measured using a Vickers 

hardness tester with a 10 kg load. Some of the alloys were single-phase, and these showed 

cracking around the indentations [2002Cor]. Two alloys, Pt78:Al15.5:Cr4.5:Ru2 and 

Pt81.5:Al11.5:Cr4.5:Ru2.5 (at.%), had large areas of ~Pt3Al, together with a fine mixture of (Pt) 

and ~Pt3Al (Figure 2.64(a) [2002Cor]). Another alloy, Pt84:Al11:Cr3:Ru2 (at.%), was 

composed entirely of a fine two-phase mixture, which was the desired microstructure (Figure 

2.64(b) [2002Cor]).  

 

            
                 a) Pt81.5:Al11.5:Cr4.5:Ru2.5 (at.%)                    b) Pt84:Al11:Cr3:Ru2 (at.%) 
 
Figure 2.64. SEM-BSE images of the two-phase Pt-based alloys: a) 
Pt81.5:Al11.5:Cr4.5:Ru2.5 (at.%) with primary ~Pt3Al (dark contrast) in a fine matrix of 
(Pt) (light) and ~Pt3Al, and b) Pt84:Al11:Cr3:Ru2 (at.%) with a fine matrix of (Pt) and 
~Pt3Al [2002Cor]. 
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The volume fraction of ~Pt3Al was estimated, using image analysis, to be approximately 25% 

to 30% [2002Cor, 2009Cor2]. More alloys were produced in an attempt to increase the 

volume fraction of the ~Pt3Al precipitates. After heat treatment (again, 96 hours at 1350ºC in 

air), some oxidation took place, and, due to the small sample size (and large surface area), 

losses of aluminium also occurred. No improvement in the microstructure was observed. The 

hardnesses of the alloys were measured and the results are given in Table 2.8 [2002Cor]. The 

alloys were reasonably ductile, with no cracking around the indentations, unlike some of the 

earlier single-phase quaternary alloys [2002Cor]. In an attempt to improve the microstructure, 

a second heat treatment was conducted for 96 hours at 1350ºC, after which the alloy 

Pt81.5:Al11.5:Cr4.5:Ru2.5 (at.%) showed a clear, fine two-phase microstructure, possibly due to 

the change in its overall composition. There was no primary ~Pt3Al (so the overall 

composition is that of the two-phase mixture: 85.2 ± 0.3 at.% Pt, 7.1 ± 0.8 at.% Al, 3.1 ± 0.8 

at.% Ru and 4.6 ± 0.1 at.% Cr). The loss of Al was concerning, especially after such a short 

anneal, but that was the only alloy to suffer such a large change. After the second heat 

treatment, the precipitates in Pt84:Al11:Cr3:Ru2 (at.%) were approximately twice the size of 

the precipitates in Pt85:Al7:Cr5:Ru3 (a.t%) and more well-defined than those of 

Pt85:Al7:Cr5:Ru3 (at.%) [2002Cor].   

 

Table 2.8. Vickers hardness, using a 10 kg load, of two-phase quaternary alloys after 
annealing at 1350ºC for 96 hours [2002Cor]. 
 

Nominal  
alloy composition  
(at.%) 

Hardness after first  
anneal (HV10) 

Hardness after second  
anneal (HV10) 

Pt85:Al11:Cr2:Ru2          430 ± 5 403 ± 20  
Pt84:Al11.5:Cr2.5:Ru2  425 ± 21 403 ± 14  
Pt83:Al11:Cr3.5:Ru2.5 421 ± 12         405 ± 8  
Pt80.5:Al12.5:Cr4.5:Ru2.5 419 ± 22         414 ± 9  
Pt81.5:Al11.5:Cr4.5:Ru2.5 423 ± 10         396 ± 6  
Pt79.5:Al10.5:Cr5.5:Ru4.5          417 ± 8 415 ± 10  

 

The Vickers hardnesses of the Pt:Al:Cr:Ru alloys within the composition ranges selected 

were relatively independent of both alloy content and the number of annealing stages, and fell  

within the range HV10 ~400 to ~430 [2002Cor]. Hardnesses were slightly lower after the 

second anneal (Table 2.8 [2002Cor]). The volume fraction of ~Pt3Al was estimated, using 

image analysis, to be approximately 25% to 30%. The highest hardness was found in the 

alloy without primary ~Pt3Al. In the second batch of quaternary alloys, there was no clear 
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relationship between the hardness and the composition or microstructure. The decrease in 

hardness after the second heat treatment was likely to be due to the changes in composition 

due to oxidation [2002Cor]. The best alloy at this stage was Pt84:Al11:Ru2:Cr3 (at.%), which 

had the required fine two-phase structure, with no primary ~Pt3Al and reasonable hardness.  

 

Similar alloys annealed at 1300ºC for 96 hours and quenched in water gave better all-round 

results for Pt80:Al14:Ru3:Cr3 than Pt86:Al10:Cr4 (at.%) because there was more of the ~Pt3Al 

phase, although it was more coarse, as shown in Figure 2.65 [2003Ker1, 2003Ker2, 

2003Ker3]. The high-temperature compressive strength of Pt84:Al11:Cr3:Ru2 (at.%) was 

significantly higher than that of Pt86:Al10:Cr4 (at.%) [2003Ker1, 2003Ker3]. 

 
Figure 2.65. SEM-SE image of Pt80:Al14:Cr3:Ru3 annealed at 1400ºC for 96 hours and 
water quenched, showing ~Pt3Al (discrete, raised) in a (Pt) matrix [2003Ker1, 
2003Ker2, 2003Ker3]. 
 

2.5.7.1 Oxidation 
 

Since Pt86:Al10:Cr4 (at.%) was very promising with regard to high-temperature strength and 

oxidation resistance, it was decided to test a quaternary alloy (Pt80:Al14:Cr3:Ru3 (at.%)) to 

verify that the good oxidation resistance was retained [2001Hil3, 2001Süs1]. More Al was 

added in an effort to accelerate the protective oxide scale formation [2001Hil4, 2001Süs2]. 

After one hour at 1350ºC, a thin continuous oxide layer had formed. After 10 hours exposure 

(Figure 2.66 [2001Süs2]), the scale was already about three times as thick as that observed on 

Pt86:Al10:Cr4 (at.%) after the same time period [2001Süs2]. No zone of discontinuous oxides, 

nor any other internal oxidation, was observed, as had been seen in some of the earlier ternary 
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alloys, Pt:Al:X where X = Re, Ta and Ti [2000Hil1, 2001Süs1]. The increased Al content of 

the alloys clearly accelerated the formation of a continuous layer, and prevented mass loss 

due to volatilisation. Although this showed good properties for the short test period, in the 

long term, the oxidation of the alloy might be too severe. The alloy should ideally form a 

continuous oxide layer quickly, but then behave logarithmically with regard to mass increase 

[2001Hil4, 2001Süs2]. 

 

 
Figure 2.66. SEM-BSE images of transverse sections of Pt80:Al14:Cr3:Ru3 (at.%) after 
exposure to air at 1350ºC for increasing time: (a) 1 hour, (b) 10 hours, and (c) 500 hours 
[2001Süs2]. 
 

2.5.7.2 Tensile Testing 
 

The room temperature tensile properties of the best ternary alloys were evaluated and 

compared with that of the quaternary alloy [2004Süs1]. The specimens were prepared from 

50g ingots, manufactured by arc-melting, aged in air in a muffle furnace at 1250ºC for 100 

hours, then quenched in water. This treatment produced a homogeneous two-phase 

microstructure, without primary ~Pt3Al. Flat mini-tensile specimens were machined from 

each ingot by wire spark erosion. Tensile tests were performed at a cross-head speed of         

5mm.min–1. Samples were prepared metallographically, and then Vickers hardness tests (20 

kg load) were carried out. The average hardnesses, maximum ultimate tensile strength and 

estimated elongations are given in Table 2.9 [2004Süs1]. The results were spread out, 

inconsistent and unexpected, since it was anticipated that Ru, being a better solid solution 

strengthener in these alloys than Cr [2001Hil6], would produce Ru-containing alloys with a 

higher ultimate tensile strength. Characterisation was then undertaken to explain this 

discrepancy. 
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Table 2.9. Tensile test results for Pt-based alloys at room temperature [2004Süs1]. 
 
Alloy composition 

(at.%) 

Hardness 

(HV10) 

Maximum ultimate  tensile 

strength achieved (MPa) 

Elongation 

(%) 

Pt86:Al10:Cr4 317 ± 13 836 ~4 

Pt86:Al10:Ru4 278 ± 14 814 ~9 

Pt84:Al11:Cr3:Ru2 361 ± 10 722 ~1 

 

One half of the sample was used and analysed with a SEM in backscattered electron imaging 

mode (BSE), as well as using energy dispersive X-ray spectrometry (EDX) [2004Süs2]. No 

significant differences between the targeted and actual compositions were found, although the 

Pt86:Al10:Cr4 alloy was contaminated with ~ 0.2 at.% Ru and the Pt86:Al10:Ru4 with ~ 0.2 at.% 

Cr [2004Süs1]. This contamination was thought to have arisen from minor sputtering during 

melting in the button arc furnace as the samples were part of the same batch. The fracture 

surfaces of the other half of each sample were also examined using SEM in secondary 

electron (SE) mode. TEM specimens were made and examined in a Philips CM200 

[2004Süs]. XRD analyses were also conducted on polished samples using molybdenum Kα 

radiation. 

 

The microstructures characterised by SEM, XRD and TEM analyses indicated that all 

samples contained both (Pt) and ~Pt3Al precipitates [2004Süs1]. The volume fraction of the 

precipitates varied between the compositions. Pt86:Al10:Cr4 (at.%) was harder and also had a 

higher ultimate tensile strength than Pt86:Al10:Ru4 (at.%), because there was a very low 

volume fraction (~5%) of ~Pt3Al precipitates in the alloy with Ru. Thus, it was deduced that 

Pt86:Al10:Ru4 (at.%) had been annealed above its solvus, which was thought to be between 

1250ºC and 1300ºC, to dissolve the precipitates. Thus, the higher ductility of this alloy was 

due to its nearly single-phase Pt solid solution without the strengthening precipitates. Having 

a significant volume fraction of ~Pt3Al, Pt84:Al11:Cr3:Ru2 (at.%) was the hardest alloy, 

although it had the lowest ultimate tensile strength. The fracture surfaces (Figure 2.67 

[2004Süs1]) showed that only Pt84:Al11:Cr3:Ru2 (at.%) failed intergranularly, with the ternary 

alloys failing mainly by intragranular cleavage with some localised dimpling. Thus, it is 

likely that the lower ultimate tensile strength was related to the intergranular failure mode, 

which also correlated to its lower elongation. 
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The results for the Pt-based alloys are summarised in Table 2.10 [2004Süs2], together with 

values for pure Pt and selected high-temperature alloys. The values of hardness and ultimate 

tensile strength for the Pt-based alloys were higher than those of pure Pt. Compared to other 

high-temperature alloys, such as the ferritic oxide dispersion strengthened (ODS) alloy 

PM2000 [2003Pro], γ-titanium-aluminium [2002Pat] and CMSX-4 [2001Mac], it was clearly 

demonstrated that these Pt-based alloys were within the range of the high-temperature alloys 

in terms of ultimate tensile strength at room temperature. The findings were encouraging 

since the samples had not been optimised in terms of either heat treatment or microstructure 

(they had just been homogenised). Creep testing of the Pt84:Al11:Cr3:Ru2 (at.%) alloy was 

undertaken, and the results were worse than Pt86:Al10:Cr4 (at.%) [2004Süs1]. This was 

deduced to arise from a different atmosphere being used, since the initial tests were done 

under argon, and in air for Pt84:Al11:Cr3:Ru2 (at.%). The results of Pt84:Al11:Cr3:Ru2 (at.%) 

were slightly worse than a commercial Pt alloy strengthened by dispersion hardening (DPH). 

 

 
Figure 2.67. SEM-SE images of: (a) Pt84:Al11:Cr3:Ru2 (at.%) showing intergranular 
fracture, (b) Pt86:Al10:Cr4 (at.%) showing cleavage fracture, and (c) Pt86:Al10:Ru4 (at.%) 
showing localised dimples as a sign of ductility [2004Süs1]. 
 
Table 2.10. Hardness, ultimate tensile strength and elongation for platinum-based alloys, 
pure platinum and selected high-temperature alloys [2004Süs2]. 
 

Alloy or metal Hardness 
range 
(HV10) 

Ultimate tensile  
strength at room 
temperature 
(MPa) 

Elongation 
(%) 

References 

Pt-based alloys 300–350 ~800 - [2001Süs1, 
2004Süs2] 

Pure Pt (“soft state” 
- not hardened) 

~40 ~140 - [URLPGM] 

Ferritic ODS alloy 
PM2000 

-    720 14 [2003Pro] 

γ-TiAl -     950 ~1 [2002Pat] 
CMSX-4 -     870 - [2001Mac] 
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2.5.7.3 Corrosion Testing of Pt-based Superalloys 
 

The high-temperature corrosion behaviour of Pt-based superalloys has been studied by 

Maledi et al. [2006Mal, 2010Pot] by performing a crucible test at 950ºC to increase the 

corrosion kinetics. This temperature was selected because it is within the temperature range at 

which hot corrosion has the greatest effect [1993Yos, 2001Put, 2002Pra]. The samples 

consisted of five Pt-based superalloys containing Pt and Al with Cr, Co and/or Ru, and two 

samples of a single-crystal CMSX-4 NBSA of composition                           

Ni66.5:Cr6.5:Co11:Mo0.3:W1.7:Ta1.8:Al11.3:Ti0.9 (at.%), Table 2.11. Starting weights were 

approximately 2 g. A thin Pt aluminide coating (Pt2Al – Pt67:Al33 (at.%)) of approximately 

1.25μm thickness had been deposited on one of the CMSX-4 samples, while the other was 

uncoated [2010Pot]. 

 
Table 2.11. Corrosion of selected Pt-based superalloys and CMSX-4, after immersion in 
Na2SO4 at 950ºC for 564 hours [2010Pot]. 
 

Alloy name Nominal composition (at.%) 

Cumulative weight 
gain during 
corrosion, 
(mg.cm–2) 

RS-1 Pt86:Al10:Cr4 0.00004 
RS-2 Pt86:Al10:Ru4 0.00008 
RS-2 Pt84:Al11:Cr3:Ru2 0.0001 
P420 Pt79:Al15:Co6 0.0001 
P421 Pt73:Al15:Co12 0.004 
CMSX-4 (uncoated) Ni66.5:Cr6.5:Co11:Mo0.3:W1.7:Ta1.8:Al11.3:Ti0.9 0.470 
CMSX-4 (coated) Ni66.5:Cr6.5:Co11:Mo0.3:W1.7:Ta1.8:Al11.3:Ti0.9 0.038 

 

All samples were covered in analytical anhydrous Na2SO4 salt, which acted as the corrosive 

electrolyte, in a 20ml high alumina crucible that was placed inside a furnace with a static dry 

air environment [2006Mal, 2010Pot]. The test was performed for an initial 60 cycles of   1h 

of heating and 20 minutes of cooling to room temperature, followed by up to 11 subsequent 

long cycles of 72h, giving a maximum total of 852h of heating. Samples were washed free of 

salt residues and weighed at the end of each long cycle and fresh salt was provided for every 

cycle [2010Pot]. Table 2.11 [2006Mal, 2010Pot] shows the cumulative weight gains during 

the first 60 cycles of 1h, plus a further 7 cycles of 72h (564h in total). Weight changes for the 

first 50h are shown in Figures 2.68 and 2.69 [2006Mal, 2010Pot]. 
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The mass gain measurements on samples that had been immersed in Na2SO4 at 950ºC for  

852h indicated that there was very little change for the Pt-based alloys, this being due to the 

formation of a protective scale on their surface [2010Pot]. In the case of the uncoated NBSA, 

there was an initial mass gain from the formation of oxides, with further reactions, the 

formation of non-protective oxides resulted in catastrophic corrosion which led to large mass 

changes. Testing of the uncoated NBSA was discontinued after 564h as the sample was 

degrading exponentially. The coated NBSA had better resistance than the uncoated one, up to 

the first testing stage after 564h, but even this eventually also degraded before the final 

testing time of 852h was reached and its further testing was therefore also discontinued. The 

findings of Maledi et al. [2006Mal, 2010Pot] demonstrated that the Pt-based alloys have 

good hot corrosion resistance in the presence of molten sodium sulphate salt (Figures 2.68 

and 2.69 [2010Pot]), outperforming the coated and uncoated NBSA [2006Mal]. Figure 2.69 

shows the different samples and the corresponding weight changes with time with the legend 

corresponding to Table 2.11. 

 

 
Figure  2.68. Corrosion of a coated CMSX-4 NBSA during exposure to Na2SO4 at 950ºC 
for the first 50 hours [2010Pot]. 

 

 
Figure 2.69. Corrosion of five Pt-based alloys of different compositions for the first 50 
hours [2010Pot]. 
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XRD analysis of the corrosion products on the NBSA samples showed a mixture of 

compounds based mainly on Na and Ni [2010Pot]. Conversely for the Pt-based superalloys, 

XRD analysis showed mainly alumina (Al2O3), which is the oxide coating usually present 

under atmospheric conditions. This was a good indication that the Pt-based alloy substrate 

was  supporting the protective Al2O3 layer well. The corrosion morphologies of the Pt-based 

alloys were much better than those of CMSX-4. Under the SEM, Pt86:Al10:Cr4 (at.%) had the 

best appearance, while Pt84:Al11:Cr3:Ru2 and Pt86:Al10:Ru4 (at.%) were slightly pitted, with 

the latter showing more pits. Pt79:Al15:Co6 (at.%) was good in some places, with losses in 

other places. Maledi et al. [2006Mal, 2010Pot] found that in all cases, the pits were very 

small, and could be considered negligible when compared with the damage to the NBSA 

samples under the same experimental conditions. With the naked eye, no change in 

appearance could be seen for the Pt-based alloy samples [2006Mal]. 

 

The samples’ cross-sections were studied by SEM, which confirmed that both the coated and 

uncoated CSMX-4 samples had suffered a greater degree of attack than the Pt-based 

superalloys [2010Pot]. Both NBSA samples suffered from acidic fluxing, forming 

voluminous non-protective oxide scales. The corroded morphologies of Pt73:Al15:Co12 and 

Pt79:Al15:Co6 (at.%) had a disintegrated scale layer, indicating that the scale was not 

protective in this environment. The scale morphologies of Pt86:Al10:Cr4, Pt86:Al10:Ru4 and 

Pt84:Al11:Cr3:Ru2 (at.%) were similar, the Pt86:Al10:Cr4 (at.%) being shown in Figure 2.70 

[2006Mal]. The NBSAs showed the lowest resistance and disintegrated in a short time, 

suffering internal sulphidation, and forming Cr and Ni sulphide corrosion compounds. Raman 

spectra indicated that sulphate salts, with possible traces of nitrates, formed on the surfaces of 

the Pt-based superalloys [2006Mal, 2010Pot]. This study [2006Mal, 2010Pot] showed that 

the Pt-based superalloys displayed a high potential for successful application as high-

temperature corrosion resistant materials, particularly for applications such as gas turbines for 

the aerospace industry and possibly also for other high-temperature processes. 

 

2.5.7.4 Effect of Heat Treatment and Co Additions 
 

Süss et al. [2006Süs] studied the effects of heat treatment temperatures and different cooling 

rates on the microstructure of the quaternary alloy Pt86:Al11:Cr3:Ru2 (at.%) as well as the 

quinary alloy Pt79:Al11:Cr3:Ru2:Co5 (at.%). The objective was also to determine the effect of 
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Co additions. The samples were melted in a button arc furnace, sectioned and heat treated in a 

muffle furnace for 96h. Since the best ternary microstructures had been obtained by annealing 

either at 1350ºC [2004Cor] or 1400ºC [2003Ker1, 2003Ker2] and quenching, both alloys 

were then heat treated at 1350°C and 1400°C for 96h, and cooled via three different methods: 

in the furnace (slow), in air when removed from the furnace (intermediate), and in water 

(fast). The samples were then prepared metallographically and OPS-polished and examined 

using a FEI Nova NanoSEM with EDX. XRD was also carried out and confirmed the 

presence of γ and γ′ phases in all alloys for all conditions.  
 

 
Figure 2.70. SEM-SE image of a cross section of Pt-based superalloy RS-1, Pt86:Al10:Cr4 
(at.%), showing the thin protective scale [2006Mal]. 
 
For Pt79:Al11:Cr3:Ru2:Co5 (at.%), Süss et al. [2006Süs] found that air-cooling after annealing 

at 1400°C gave ~25% volume fraction of precipitates with a size less than 100nm. This 

agreed with the results from Bayreuth and Jena Universities [2004Vor]. A volume fraction of 

about 20% for 100-200nm precipitates was also obtained by furnace cooling from 1350°C 

[2006Süs]. For the quaternary alloy as well, volume fractions of ~20% of 100-200nm 

particles were obtained after annealing and furnace or air cooling from 1350°C [2006Süs]. 

Furnace cooling from both temperatures promoted the formation of ogdoadically-diced 

precipitates (“Maltese crosses”) [1958Wes] in both alloys, which are associated with 

unsuitable heat treatment and sub-optimal properties for NBSAs [1987Sim, 2006Ree]. Water 

quenching the Pt-based alloys from either 1350°C or 1400°C yielded low volume fractions 

(~15%), although some precipitates were likely too small to be observed. Thus, TEM was 

considered necessary for viewing the precipitates. XRD confirmed the presence of (Pt) and 

~Pt3Al, without stating whether the latter was L12 or DO′c [2006Süs].   
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2.5.7.5 Pt-Al-Cr-Ru and Higher Order Superalloys 
 
This section summarizes work on the Pt-Al-Cr-Ru Pt-based superalloys carried out at the 

University of the Witwatersrand by Shongwe [2009Sho1], Odusote [2011Odu, 2012Odu1, 

2012Odu2, 2013Odu, 2014Odu], and Odera et al. [2012Ode]. The work by Shongwe 

[2009Sho1] focused on the optimisation of compositions and heat treatment of Pt-Al-Cr-Ru 

superalloys, while that of Odusote [2011Odu, 2012Odu1, 2012Odu2, 2013Odu, 2014Odu] 

was on the high temperature oxidation of Pt-based alloys and for Odera et al. [2012Ode] on 

the electrolytic etching of platinum-aluminium based alloys which was part of his PhD work 

on the addition of vanadium and niobium to platinum-based alloys [2013Ode, 2014Ode]. 

 

As a starting point in the optimisation of compositions and heat treatment of Pt-Al-Cr-Ru 

superalloys, six alloys of different compositions (Table 2.12) [2009Sho1] were selected using 

the optimum composition Pt84:Al11:Ru2:Cr3 (at.%) [2007Cor]. These alloys were analysed in 

both the as-cast and heat treated conditions. The heat treatment comprised two stages, first at 

1500°C for 18h and quenched in water, followed by 1100°C for 120h and then air cooled. 

Microstructural characterisation was carried out in an FEI Nova NanoSEM in BSE mode, 

also using EDX, and XRD. The as-cast alloys had (Pt) dendrites with a eutectic/eutectoid of 

(Pt) + ~Pt3Al, and tetragonal ~Pt3Al precipitated in the dendrites. All heat treated alloys had 

precipitates of tetragonal ~Pt3Al in a (Pt) matrix [2008Sho1, 2008Sho2, 2008Sho3]. Since the 

contrast of the phases was not sufficient for image analysis, five SEM micrographs of each 

sample with the same magnification (12000X) were printed and a grid (with 25 nodes) of 25 

by 25mm was placed on the micrographs.  The precipitate volume fractions were then 

derived from counting the precipitates that were on the nodes of grid placements. The volume 

fraction of the precipitates varied, and the maximum proportion was ~30%. To increase the 

volume fraction, more samples were made with 11 at.% Al (Table 2.12 [2009Sho1]). Also, 

the higher Al content was to ensure better oxidation resistance [2000Hil1] and to reduce the 

Pt content. All of the 78 at.% Pt alloys had more ~Pt3Al precipitates than the 80 at.% Pt 

alloys, as expected. The microstructure was similar to the earlier samples and 

Pt78:Al11:Cr6:Ru5 (at.%) had the highest precipitate volume fraction.  

The hardness of the alloys was also studied in the as-cast and heat treated conditions 

[2009Sho1]. The hardnesses quoted are the average of at least five indentations on different 

areas (Table 2.12 [2009Sho1]). Cracking and slip modes around the hardness indentations 
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were studied to evaluate the toughness. Examples of the indentations of one alloy 

(Pt80:Al14:Cr3:Ru3 (at.%)) in the as-cast and heat treated conditions are given in Figure 2.71 

(a,b) [2008Sho2], together with Pt80:Al11:Cr4:Ru5 (at.%) which showed some cracking 

(Figure 2.71 (c)) and Pt80:Al11:Cr3:Ru6 (at.%) which showed some pin-cushioning (Figure 

2.71 (d)). Barrelling was observed in most of the samples, rather than pin-cushioning. 

Cracking around indentations is an indication of brittleness, while the slip mode around 

indentations shows whether the alloy has reasonable toughness by planar slip or wavy slip, 

indicating much better resistance. The hardness of the heat treated samples decreased with 

higher precipitate size and increased with increasing precipitate volume fraction. The 

hardness also showed a slight decrease with increasing platinum content. 

 
Table 2.12. Summary of microstructure, hardness and slip modes for heat treated Pt-
based alloys [2009Sho1]. 
 
Nominal alloy (at.%) Microstructure Hardness (HV10) Slip mode 
Pt78:Al15.5:Cr4.5:Ru2 Very fine ~Pt3Al in (Pt) matrix         164 ± 5 Planar slip 
Pt80:Al14:Cr3:Ru3 Very fine ~Pt3Al in (Pt) matrix 361 ± 24 Wavy slip 
Pt81:Al11.5:Cr4.5:Ru2.5 Fine ~Pt3Al in (Pt) matrix 391 ± 24 Wavy slip 
Pt82:Al12:Cr4:Ru2 Fine ~Pt3Al in (Pt) matrix         378 ± 4 Wavy slip 
Pt84:Al11:Cr3:Ru2 Fine ~Pt3Al in (Pt) matrix 395 ± 27 Wavy slip 
Pt85:Al7:Cr5:Ru3 Fine ~Pt3Al in (Pt) matrix 380 ± 17 Planar slip 
Pt80:Al11:Cr4:Ru5 Very fine ~Pt3Al in (Pt) matrix 247 ± 13 Planar slip 
Pt80:Al11:Cr6:Ru3 Fine ~Pt3Al in (Pt) matrix 237 ± 22 Planar slip 
Pt80:Al11:Cr3:Ru6 Fine ~Pt3Al in (Pt) matrix         226 ± 9 Planar slip 
Pt78:Al11:Cr6:Ru5 Fine ~Pt3Al in (Pt) matrix         357 ± 4 Planar slip 
Pt78:Al11:Cr8:Ru3 Fine ~Pt3Al in (Pt) matrix 354 ± 26 Planar slip 
Pt78:Al11:Cr3:Ru8 Fine ~Pt3Al in (Pt) matrix 396 ± 17 Planar slip 
 
The morphology of the majority of the precipitates was rounded, in agreement with 

Wenderoth et al. [2005Wen1, 2004Vor], although a few cubic precipitates were observed in 

some samples [2009Sho1]. Pt80:Al11:Cr3:Ru6 (at.%) had ogdoadically-diced precipitates 

[1958Wes], similar to the findings of Süss [2006Süs] and Cornish et al. [2006Cor]. 

Pt85:Al7:Cr5:Ru3 (Figure 2.72(a)) and Pt78:Al11:Cr6:Ru5 (at.%) (Figure 2.72(b) [2009Sho2]) 

had the highest volume fraction of ~Pt3Al precipitates with 27 ± 6% and 24 ± 3% 

respectively. 

 

 
 

90 



  
a) Pt80:Al14:Cr3:Ru3 (at.%) in the as-cast 

condition showing wavy slip, cracking and 
barrelling. 

b) Pt80:Al14:Cr3:Ru3 (at.%) in the heat treated 
condition, showing wavy slip, cracking and 

barrelling. 

  
c) Pt80:Al11:Cr4:Ru5 (at.%) in the as-cast 

condition showing cracking, wavy slip and 
slight barrelling. 

d) Pt80:Al11:Ru6:Cr3 (at.%) in the as-cast 
condition showing pin-cushioning. 

 
Figure 2.71. Micrographs of hardness indentations of selected samples [2008Sho2]. 
 
Pt85:Al7:Cr5:Ru3 (at.%) appeared to be the optimum alloy, with a 41 ± 8% volume fraction of 

precipitates and reasonable hardness. However, the differences in hardnesses of 

Pt85:Al7:Cr5:Ru3 and Pt78:Al11:Cr6:Ru5 (at.%) was 23HV10 with errors of ±17 and ±14, 

together with a very small difference in volume fraction (~3%) and so these alloys had 

similar properties [2008Sho3, 2009Sho1]. Thus, both alloys can be said to be optimum in 

terms of the volume fraction and hardnesses compared to the rest of the samples. From an 

economic viewpoint, Pt85:Al7:Cr5:Ru3 (at.%) is unfavourable since it has a higher Pt content. 

Additionally, this alloy could suffer from oxidation because of low Al content, since 

according to Süss et al. [2001Süs2] and Hill et al. [2000Hil1] 11 at.% Al content is the 

minimum required to providing a protective adherent scale on the Pt-Al-based alloys, 

agreeing with Felten [1976Fel]. Thus, Pt78:Al11:Cr6:Ru5 was found to be the most promising 
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from both microstructure and economic perspectives [2008Sho1, 2008Sho2, 2008Sho3, 

2009Sho1]. 
 

     
(a)Pt85:Al7:Cr5:Ru3 (at.%)     b) Pt78:Al11:Cr6:Ru5 (at.%) 

Figure 2.72. SEM-BSE images of heat treated samples showing ~Pt3Al precipitates 
(dark) in a (Pt) matrix (light): a) random precipitates, and b) aligned precipitates 
[2009Sho1]. 
 

The effect of misfit on the microstructure was studied by Shongwe et al. [2009Sho2], 

deriving misfits from XRD measurements. The (220) peak was used to derive the (Pt) lattice 

parameters, (112) for tetragonal DO′c ~Pt3Al, and (211) for cubic L12 ~Pt3Al, to be 

comparable with earlier work [2001Hil6]. These measurements were then used to derive the 

misfit ratios (δ) using the expression for nickel-based superalloys [1987Sim, 2006Ree], 

Equation 2.1. XRD showed that the precipitates were tetragonal DO′c, rather than L12, thus 

only the DO′c ~Pt3Al misfit ratios were calculated. 

 

The misfits were all negative, and fell within the range -0.0015 to -0.0102 [2009Sho2]. The 

different features in the microstructures were compared against the misfits. Samples with 

mostly rounded precipitates (Figure 2.73(a) [2009Sho2]) had misfits between -0.0067 and      

-0.0102. Irregular precipitates (Figure 2.73(b)) were associated with misfits between -0.0066 

and -0.0089, and elongated precipitates (Figure 2.73(c)) had misfit values between -0.0044 

and -0.0088. Although there were overlaps, the rounded precipitates had the highest misfits, 

followed by the irregular precipitates, and the elongated precipitates had the lowest misfits. 

This was expected, considering the relationship between surface energies and misfits 

[1979Jag]. Misfits of aligned and random microstructures gave no correlation, thus misfit was 
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not considered to be the driving force for alignment. There was also no correlation between 

the misfits and the hardnesses. It was not possible to deduce a relationship between mismatch 

and the Al, Cr or Ru contents [2009Sho2], although binary alloys [2001Hil6, 2004Dou, 

2007Dou] had much lower misfits. 

 

                                                                           

 
Figure 2.73. SEM-BSE images of heat treated Pt-based alloys, showing ~Pt3Al 
precipitates (dark) in (Pt) matrices (light): (a) Pt78:Al11:Cr3:Ru8 (at.%) with rounded 
~Pt3Al, (b) Pt78:Al11:Cr6:Ru5 (at.%) with elongated ~Pt3Al, and (c) Pt78:Al11:Cr8:Ru3 
(at.%) with irregular ~Pt3Al [2009Sho1]. 
 
 
Odusote et al. [2011Odu, 2012Odu1, 2012Odu2, 2013Odu, 2014Odu] studied the high 

temperature oxidation of Pt84:Al11:Cr3:Ru2 (at.%) in air between 1150°C-1350°C, for up to 

500h. The heat treatment temperature was chosen to reflect the proposed operating 

temperature of the alloy [2000Wol, 2001Hil]. After the heat treatment, the samples were 

either air-cooled or water-quenched [2011Odu, 2012Odu1, 2012Odu2, 2013Odu, 2014Odu]. 

The water-quenched specimen exhibited the two-phase γ/γ' mixture, while the microstructure 

of air-cooled specimen could not be resolved. More pores were observed on the water-

quenched specimens than the air-cooled ones [2011Odu, 2013Odu]. 

(a) (b) 

(c) 
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The mass gain for each of the oxidized water-quenched and air-cooled specimens was 

measured and normalized per unit area to obtain the oxidation kinetics of the specimens at 

different exposure temperatures and times [2011Odu, 2012Odu1, 2012Odu2, 2013Odu, 

2014Odu]. Figure 2.74 [2011Odu] compares the plots of specific mass gain as a function of 

oxidation time for both the water-quenched and air-cooled specimens after isothermal 

oxidation in air at 1150°C, 1250°C and 1350°C for up 100h. The curves showed that the 

parabolic mass increase law, Δm = Kp.t2 + C [1962Kub, 1975Sme, 2006Bir], was obeyed 

throughout the exposure times, and at all oxidation temperatures. This indicated that the 

oxidation kinetics were controlled by the diffusion of reactive species (anions and/or cations) 

through the external scale and/or in the substrate alloy [1962Kub, 1983Bir, 1988Kof], 

because diffusion-controlled high-temperature oxidation processes are governed by the 

parabolic rate law. 

 

The scaling kinetics of both the water-quenched and air-cooled specimens were very close at 

1150°C, and had started to level off at 100 hours exposure (Figure 2.74 [2011Odu]). At 

1250°C, air-cooled specimens displayed faster growth kinetics than the water-quenched 

samples, and their curves were further away from levelling off after 100 hours exposure. This 

indicated that the steady-state kinetics were maintained for longer time at this temperature. 

The scale growth rates of both the water-quenched and air-cooled specimens were very close 

up to 10h at 1350°C [2011Odu].  

 
Figure 2.74. Specific mass change with time of water-quenched and air-cooled nominal 
Pt84:Al11:Cr3:Ru2 (at.%) specimens after isothermal oxidation in air at different 
temperatures (water-quenched curves in red; air-cooled curves in blue) [2011Odu]. 
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SEM surface and cross-section examinations, as well as FIB-SEM cross-sectional 

observations, showed that the oxide scales that formed on the alloy specimens were 

continuous and adherent to the substrate (Figure 2.75 [2011Odu]). The scale layers were 

composed mainly of α-Al2O3, confirmed by XRD and Raman spectroscopy [2011Odu, 

2013Odu]. The cross-sectional images revealed that the α-Al2O3 scales formed on the 

Pt84:Al11:Cr3:Ru2 (at.%) specimens were non-uniform in thickness, with localized oxide 

protrusions or ridges extending outward at the scale-gas interface, as well as intrusions of 

oxide or ridges at the scale-alloy interface (Figure 2.75 [2011Odu]). 

 

High magnification SEM images revealed increased oxide grain sizes with increased 

exposure times at 1350°C [2011Odu]. In the early stages of oxidation, the scale appeared 

porous, but as more and larger flakes were formed on the external surface with increased 

exposure time, the porosity became less discernable. Instead of flakes, crystalline oxide 

grains of different sizes were observed after 50h exposure. 

 

 

     
                                 (a)                                                                         (b) 

Figure 2.75. SEM-SE images of cross-sections of oxide scales showing: (a) water-
quenched Pt84:Al11:Cr3:Ru2 (at.%) after 100h oxidation in air at 1350°C, and (b) air-
cooled Pt84:Al11:Cr3:Ru2 (at.%) after 100h oxidation in air at 1250°C [2011Odu]. 
 
 
Odusote et al. [2011Odu, 2012Odu1, 2012Odu2, 2013Odu, 2014Odu] concluded that the 

activation energies and the kinetics data supported the proposal that the growth of the α-

Al2O3 scale was controlled by the diffusion of oxygen along grain boundaries in the oxide 

scale [1962Kub, 2006Bir]. The oxide protrusions suggested that counter-current diffusion of 

ions within the scale and substrate may be responsible for the growth of the α-Al2O3 scale 
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[1962Kub, 2006Bir].  

 
The room temperature stresses in the scales of the alloy were found to be compressive 

[2011Odu] and lower than those of the Ni- and Fe-based superalloys oxidized at lower 

temperatures [1962Kub, 2006Bir], indicating that the alloy potentially possessed better 

oxidation resistance [2011Odu]. Residual stresses in the scales of water-quenched and air-

cooled Pt84:Al11:Cr3:Ru2 (at.%) specimens oxidized in air at 1150ºC for up to 100h were 

measured using photostimulated Cr3+ luminescence piezospectroscopy [2013Odu]. One major 

advantage of this technique is that the luminescence signals are usually stronger and have a 

more direct relationship between the frequency shift and stress, than Raman spectroscopy 

[1996Lip]. During stress measurement, the α-Al2O3 scales fluoresced due to excitation of 

trace concentrations of Cr3+ in the scales, giving rise to characteristic strong R-line 

luminescence spectra, indicating the suitability of this non-destructive, non-contact technique. 

 

The shifting of spectra for all the oxide scales to lower frequencies indicated that the scales 

were under uniform residual compressive stress [2013Odu], agreeing with results from other 

alumina-forming alloys and thermal-barrier coatings [1996Lip]. The average in-plane stresses 

were calculated assuming that the scales were under biaxial compression and Figure 2.76 

[2013Odu] shows the room temperature residual stress in the scales as a function of oxidation 

time. The compressive stresses increased with oxidation time, reaching a constant value at 

1.72 ± 0.16GPa for the water-quenched specimens and 1.66 ± 0.12GPa for the air-cooled 

specimens, both at 50h exposure (Figure 2.76 [2013Odu]) although the error bars showed that 

the difference might not be significant. Stress measurement results suggest that the scales on 

the air-cooled specimens possessed better adhesion than the water-quenched specimens 

[2013Odu], while both displayed lower stresses than scales on the Ni- and Fe-based 

superalloys [1996Lip]. Raman spectra confirmed corundum (α-Al2O3) on all the specimens, 

and the peak intensities increased with increased exposure time. At all exposure times, the 

peak at wavenumber 417.4 cm-1, the strongest corundum peak, was also the strongest peak in 

the spectrum. No peaks matching other phases, such as PtO2, CrO3, RuO3 and RuO4, were 

observed [2013Odu]. 
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Figure 2.76. Mean stress in the scales of water-quenched and air-cooled 
Pt84:Al11:Cr3:Ru2 (at.%) calculated from the measured frequency shifts of the R2 
luminescence line [2013Odu]. 
 

 

Recently, work has been done on the electrolytic etching of platinum-based alloys by Odera 

et al. [2012Ode].  Etching of Pt-based alloys has been problematic because most of the alloys 

are designed to withstand oxidation and corrosion. Previously in South Africa [2008Süs2, 

2009Sho1, 2009Sho2, 2011Ode], microstructural imaging of Pt-Al based alloys was done 

using SEM in the backscattered electron mode. All the samples had been metallographically 

prepared by grinding using silicon carbide down to 1200 grit, followed by diamond polishing 

down to 1μm and final polishing with oxide polishing system (OP-S, Struers A/S, Denmark). 

In OP-S, polishing is achieved through a combination of chemical treatment (the solution has 

a pH of 8) and gentle abrasive action, allowing selective polishing of softer phases, thereby 

achieving a limited etching effect. Although some of the images derived from this method 

had reasonably good contrast, in some cases, the contrast was poor to the extent that analysis 

was rendered impossible [2009Sho2].  

In Germany [2005Hül, 2007Wen], electrolytic etching of Pt-Al based alloys had been done in 

aqueous potassium cyanide (KCN) solution for microstructure investigation. The samples 

were electrolytically etched for 20 seconds with 5V direct current in 5% aqueous solution of 

potassium cyanide (KCN). The sample is nearly always the anode, although a few cathodic 
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etching solutions have been developed [2009Van]. Direct current (DC) is mostly used, 

although a few solutions require alternating current (AC). In electrolytic etching, the process 

is controlled by varying the voltage and time [2009Van]. Battaini [2011Bat1, 2011Bat2] 

obtained the best results for Pt alloys in saturated HCl/NaCl solution with an AC power 

supply when the voltage varied from 0.1V to 10V and the power supply provided a current of 

at least 10A. However, Odera et al. [2012Ode] has shown that it was possible to obtain good 

results using a DC power supply. Pt-based specimens were ground by silicon carbide down to 

1200 grit and then diamond polished down to 1μm. The samples were then etched in a 

solution of 10g NaCl in 100 cm3 HCl (32% concentration). Etching was done in a fume 

cupboard, a voltage in the range of 9V to 12V DC yielding good results [2012Ode]. The 

current density in the electrolyte was ~100A.m–2, and the counter electrode was a stainless 

steel wire. 

Figure 2.77 [2012Ode] shows images of Pt-Al based alloys taken using SEM in the 

backscattered electron mode and also the optical microscope. There was a large improvement 

in contrast when the SEM-BSE image of an Pt64.7:Al26.2:V9.1 (at.%) alloy [2012Ode] in the 

unetched condition (Figure 2.77(a) [2012Ode]) was compared to the image of the same alloy 

(Figure 2.77(b) [2012Ode]) after being etched. 

 
Figure 2.77. (a) SEM-BSE image of unetched, annealed Pt64.7:Al26.2:V9.1 (at.%), showing 
medium contrast ~Pt3Al, light ~Pt5Al3 and dark ~PtV [2011Ode], and (b) optical 
microscope image of etched, annealed Pt64.7:Al26.2:V9.1 (at.%), showing light ~Pt3Al, 
dark ~Pt5Al3 with needle-like precipitates [2012Ode]. 
 
 
Alloys of the quinary Pt-Al-Cr-Ru-V and Pt-Al-Cr-Ru-Nb system are being investigated as 

potential replacements of some NBSAs, even recognising their high density and expense 

[2011Ode, 2013Ode, 2014Ode]. Pt-Cr-V is one of the component ternary systems of the 

quinary and no data have been published, except by this research group. Thus, initial work by 
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Odera et al. [2013Ode, 2014Ode] focussed on the study of the microstructure of as-cast 

alloys of the Pt-Cr-V system to identify the phases and their distribution. Knowledge of the 

microstructure of these alloys will help in determining the optimum addition of vanadium to 

the Pt-based alloys and the phases which may exist therein. Usually, ternary and higher order 

phases tend to be brittle and need to be avoided [2014Ode]. Two ternary phases were found 

in the Pt-Al-V system and one in the Pt-Cr-V system. It was concluded that all the phase 

regions were identified correctly since the results were self-consistent. Four invariant 

reactions were identified in the Pt-Cr-V system [2013Ode, 2014Ode]. Four Pt-Al-Cr-Ru-V 

and two Pt-Al-Cr-Ru-Nb quinary alloys were also investigated. The compositions of the 

alloys were based on a quaternary alloy, Pt82:Al12:Cr4:Ru2 (at.%), which had been identified 

as one of the alloys having optimum properties in an earlier investigation [2011Cor]. Four of 

the as-cast alloys had a two-phase structure of ~Pt3Al and (Pt), while two had single phase 

~Pt3Al. Vanadium partitioned more to ~Pt3Al compared to (Pt). There was an improvement 

in hardness compared to the quaternary alloys which had been identified as having optimum 

properties [2013Ode, 2014Ode]. 

 

2.6 Rationale for Further Research in Pt-Based superalloys 
 
The search for materials with improved properties for high-temperature applications is 

ongoing. Other lighter and cheaper materials are being researched, but all of these have 

disadvantages and most are very difficult to manufacture [2011Cor]. The Pt-based alloys 

show great promise for high-temperature applications, despite their high cost and density 

[2011Cor], as they have good mechanical properties, including formability and oxidation 

resistance. However, more research needs to be undertaken, as there is much potential for 

other alloying additions, especially those that could increase the melting temperature and 

decrease the density, e.g. niobium and vanadium. Further mechanical testing, especially long-

term creep testing, should also be undertaken [2011Cor]. 

Recent ongoing work by Odera et al. [2014Ode] indicated that the addition of V and Nb to 

quaternary Pt-Al-Cr-Ru alloys has shown better hardness compared to the same alloy without 

V and Nb additions. These findings confirmed earlier suggestions by Cornish et al. 

[2011Cor] on the potential of other alloying additions.  
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CHAPTER THREE 

3. EXPERIMENTAL PROCEDURE 
 

3.1 Sample Manufacture 
 
Alloy buttons of mass ~3.5g were prepared from pellets and chunks of the respective 

elements. The purity of the Pt, Al, Cr and Ru was at least 99.9 %. The combined elements 

were melted in a button arc furnace under argon and a Ti oxygen-getter, on a water-cooled 

copper hearth. The samples were turned at least three times and re-melted for improved 

homogeneity. The alloys were named according to their nominal compositions (Table 3.1). 

 

Table 3.1. Pt-based samples manufactured in the current investigation. 

Nominal Composition (at.%) 
Pt82:Al12:Cr4:Ru2 

             Pt85:Al7:Cr5:Ru3 
Pt80:Al11:Cr3:Ru6 
Pt80:Al14:Cr3:Ru3 
Pt78:Al11:Cr8:Ru3 
Pt78:Al11:Cr6:Ru5 

 

3.2 Sample Annealing 
 
Arc-melted buttons were heat treated in air in a Lenton muffle furnace at 1500°C for 18 

hours, followed by quenching in water, then annealed at 1100°C for 120 hours and air cooled. 

The buttons were not sealed off into ampoules.  

3.3 Sample Preparation for SEM, AFM, TEM and Optical Microscopy 
(OM) 

3.3.1 Sample Preparation for SEM, AFM and Optical Microscopy (OM) 

3.3.1.1 Metallographic Sample Preparation   
 

For each composition, a section of about 250µm thickness was cut from the centre of the 

button using an ISOMETTM Buehler low speed saw. The 250µm thick sections were used to 

make TEM specimens, Section 3.3.2. The remaining two portions of the button were used for 
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SEM, optical microscopy and AFM investigations, and were mounted and ground to 1200 

grit on SiC paper. The samples were then polished using diamond, 3µm down to 1µm, 

impregnated clothes followed by an oxide polishing (OP-S) system. (In the OP-S system, 

polishing was achieved through a combination of chemical treatment (the solution had a pH 

of 8) and gentle abrasive action, which allows selective polishing of the softer phases and 

often makes subsequent etching of the sample superfluous). 

3.3.1.2 Electrolytic Etching of Samples 
  
The samples were etched in a solution of 10g NaCl in 100cm3 HCl (32% concentration). 

Etching was done in a fume cupboard using a DC power supply, and a voltage range of 9V to 

12V gave good results. The current density in the electrolyte was ~100A.m–2, and the counter 

electrode was a stainless steel wire suspended in the electrolyte solution [2012Ode]. 

3.3.2 Sample preparation for TEM 
 
The main challenge of specimen preparation for TEM analysis techniques is the preparation 

of a very thin specimen with a smooth, flat surface. TEM samples must be thin enough to be 

electron transparent in order for electrons to pass through the sample and form an image on 

the viewing screen or CCD camera. For each specimen, a section of about 250µm in 

thickness was cut from the centre of an arc-melted button. The 250µm thick sections were 

ground down to 140µm and then a cylindrical disc of 3mm diameter was cut from the cores 

of the sections using either a Gatan 601 Ultrasonic Disc Cutter or a Gatan Disc Punch. The 

discs were then thermally bonded to a small steel holder using a melting wax at 130˚C and 

then mechanically ground down to a thickness of about 90µm. The surfaces of the samples 

were then polished using a 0.025µm alumina suspension. Final thinning of samples to 

perforation was carried out in a Gatan 691 Precision Ion Polishing System (PIPS) using argon 

gas (Figure 3.1 (a) [2007Rei]). This system bombards the specimen from both the top and 

bottom surfaces (Figure 3.1 (b) [2007Rei]). Ion milling was typically done at 5 kV, 5° angle of 

incidence for 3h, then at 4.5° for around 9h, after which final milling was carried out at 2.5 

kV at 4.5° for about 4 minutes to reduce the amount of surface ion damage. 

It was not initially possible to resolve the details of the sample microstructure due to the 

amount of remaining surface ion damage. To remove the ion damage, samples were electro-

polished using a method developed by Witcomb [1992Wit, 2010Wit]. The samples were 

immersed in a solution made up of equal amounts of phosphoric, nitric and sulphuric acids at 
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20°C. The sample was positioned between two 3mm diameter Pt discs acting as the cathode. 

The polishing time was about 30s at 2.8V AC. Prior to insertion in the microscope, the 

microscope holder containing the sample was cleaned in a Fischone Plasma Cleaner for 30 

minutes to remove surface carbon contamination. 

     

Figure 3.1. (a) Gatan Precision Ion Polishing System (PIPS) used for TEM sample 
preparation, and (b) schematic representation of the sample holder [2007Rei]. 

 

3.4 X–ray diffraction (XRD) instruments 
 
A Philips PW 1710 was used for analysis of the earlier samples (before it broke down), and a 

D2 PHASER X-ray diffractometer was used afterwards. The latter was newer, with a lower 

noise background in the XRD spectrum than the Philips PW 1710. The samples were taken 

out of the resin mounts to prevent any extra peaks in the XRD spectrum from the resin, to 

ensure only the sample was analysed. A Cu–Kα source was used and the samples were 

rotated through a 2θ angular range from 10° to 100°. A step scan was used, with 0.02° step 

size and 1.0s scan step time. The generator settings were 40kV and 20mA. The peaks in the 

diffraction patterns were identified by matching with known standard patterns, using the X´pert 

Highscore basic evaluation search and match program [2003Xpe], and data from the International 

Crystallography Diffraction Database (ICDD). Some of the samples were put in both instruments 

and yielded similar phase identifications. 

a) 

b) 
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3.5 Optical Microscopy (OM) Instrument 
 
An Olympus BX61 was used to examine the microstructure of the etched alloys. The BX61 is 

a fully automated microscope which is integrated with a motorized Z-focus with nm 

resolution (0.01µm) [2011Oly]. 

 

3.6 SEM Instrument 
 
Both the unetched [2009Sho1] and etched samples from this study were observed in a FEI 

Nova Nano SEM 200 with an operating voltage of normally 20kV and a working distance 

(WD) of approximately 6mm for imaging. All micrographs were taken in the backscattered 

electron mode, so that phases with lower average atomic numbers could be identified by their 

darker contrasts. All the compositions were obtained by energy dispersive X-ray 

spectroscopy (EDX) using an EDAX detector with EDAX analysis software. The analyses 

quoted are the average of at least five determinations on different areas. 

 

3.7 SEM and OM investigation of previous Pt-based superalloys 
 
The original samples [2008Sho1, 2008Sho2, 2009Sho1] were re-prepared metallographically, 

in an attempt to remove scratches that were previously present.  Electrolytic etching 

[2012Ode] of these samples [2008Sho1, 2008Sho2, 2009Sho1] revealed the true 

microstructures. Optical microscopy was carried out, which had not been possible before 

electrolytic etching. 

The reported results were limited to features not seen before, and were compared to the 

previous images [2009Sho1]. Table 3.2 shows the samples studied previously and indicates 

samples for which different microstructural observations were made and which are 

consequently reported here. 

 

3.8 Grid technique volume fraction measurements 
 
The precipitate volume fraction measurements were done on the Pt-Al-Cr-Ru samples 

previously studied [2009Sho1] using the grid technique, since the contrast of the phases was 

not sufficient for conventional image analysis before etching was done. The precipitate 

volume fractions were derived from counting the precipitates that were on the nodes of 10 

 
 

103 



grid placements [1988Exn, 1999Rus]. There were 16 grids and 25 nodes in total. The grid 

technique was also used to estimate the volume fraction from TEM images. 

  
 Table 3.2. Pt-based samples previously studied [2009Sho1], indicating samples for 
which different microstructural observations were made after electrolytic etching. 

 Nominal Composition (at.%) 

 Different 
microstructural 

observations  
Pt78:Al15.5:Cr4.5:Ru2 Yes 
Pt80:Al14:Cr3:Ru3 Yes 
Pt81.5:Al11.5:Cr4.5:Ru2.5 Yes 
Pt82:Al12:Cr4:Ru2 Yes 
Pt84:Al11:Cr3:Ru2 No 
Pt85:Al7:Cr5:Ru3 No 
Pt80:Al11:Cr4:Ru5 Yes 
Pt80:Al11:Cr6:Ru3 Yes 
Pt80:Al11:Cr3:Ru6 No 
Pt78:Al11:Cr6:Ru5 No 
Pt78:Al11:Cr8:Ru3 No 
Pt78:Al11:Cr3:Ru8 Yes 

 

3.9 Image analysis: Olympus stream software 
 
Images for ~Pt3Al volume fraction analysis from all the heat treated, newly-etched alloys 

from previous samples [2009Sho1], and the newly-manufactured etched samples were taken 

using an FEI Nova Nano SEM 200. The images from the SEM were saved in TIF (Tagged 

Image File) format, to allow for further processing using Olympus Stream image analysis 

software, version 1.3 [2011Oly]. At least five images with representative microstructures of 

each sample were selected for image analysis. 

 

3.10 AFM and WSxM Software for volume fraction analysis 
 
AFM observations were performed using a Veeco DimensionTM 3100 Atomic Force 

Microscope (Digital Instruments, Veeco), (Section 3.13.2). Topographic images were 

obtained by scanning etched surfaces and controlling the z-displacement to hold the 

cantilever tip at a constant height. This instrument had a vertical resolution (z) of 0.05-1nm 

and lateral resolution (x/y) of 2-5nm and is generally limited by the tip geometry, not the 
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instrument. The sample preparation was the same as for SEM observation (metallographic 

preparation, including etching). 

Images were analysed with the WSxM software [2007Hor], a freeware scanning probe 

microscopy software using MS-Windows. The software uses the “flooding” function 

[2007Hor], which converts the AFM image into a binary image and identifies the precipitates 

as “holes” and calculates the area fraction of the “holes”, which are then translated as the 

precipitate volume fractions. Stereology and quantitative metallography showed that the area 

fraction is equal to volume fraction [1985Mil]. Earlier studies by Hilliard and Cahn [1961Hil] 

have also shown that the precipitate area fraction was in good agreement with their volume 

fraction. At least seven different regions of area 25µm x 25µm were randomly selected in 

each sample to determine the volume fraction. 

 

3.11 TEM Instruments 
 

The TEMs used in this investigation were a JEOL JEM-2100 TEM at the Nelson Mandela 

Metropolitan University (NMMU) and a CM200 at the University of the Witwatersrand. Both 

these TEMs had LaB6 filaments and were operated at an accelerating voltage of 200kV and 

197kV respectively. The phase compositional analyses were determined using the JEOL 

TEM 2100, with an Oxford INCA Energy Dispersive X-ray analysis system (EDX) and 

associated INCA analysis software. A low background beryllium analytical double tilt 

specimen holder was used for EDX analysis. The elemental composition was determined 

using the standardless software of the INCA system.  

Representative regions on the different samples were imaged at different magnifications 

using both bright and dark field imaging conditions to capture the relevant primary, 

secondary and/or tertiary γ′ precipitates, the γ/γ′ interface and dislocations. Occasionally, 

under challenging conditions such as multi-grain images, multi-beam images were utilized. 

Particular attention was also given to the morphology and volume fraction of the γ′ 

precipitates. Compositional analyses were done on both the γ and γ′ phases. To determine the 

variation, the compositions were also measured from approximately the centre of the 

precipitates to the centre of the matrix channel over a distance of about 250nm in steps of 

about 20nm and repeated five times in different regions. TEM diffraction studies were also 

carried out using both selected area diffraction (SAD) and microdiffraction to determine the 
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orientation relationship between the γ and γ′ phases, and the structure of the γ′ precipitates. 

Electron diffraction patterns were taken in the microdiffraction mode using a small electron 

probe size, typically in the nanometer range.   

 

3.12 Determination of the Structure of ~Pt3Al and Orientation 
Relationship between the Matrix and Precipitates 
 

Two different methods were used to identify the structure of ~Pt3Al. The first involved 

manual measurements of the diffraction pattern interplanar spacings and angles [2001Cha], 

while the second involved the use of the Java Electron Microscope Simulator (JEMS) 

software. Diffraction patterns used in the manual method were obtained in the CM200 TEM, 

while those used in the JEMS software were from the JEOL TEM 2100. For the CM200 and 

JEOL 2100, both TEM selected area diffraction and microdiffraction were employed to 

determine which phase was present. Camera length calibrations were obtained using a thin 

aluminium foil after the analysis of each precipitate, the lens settings and location settings 

being stored immediately prior to sample removal. On insertion of the aluminium foil, lens 

and location settings were re-established and sample focus obtained using only the Z control. 

 

3.12.1 Indexing of diffraction pattern using Java Electron Microscope 
Simulator (JEMS) software 
 

The Java Electron Microscope Simulator (JEMS) (at NMMU) is a TEM image simulation 

package for both electron diffraction analysis and HREM image simulation [2004Sta]. 

Diffraction pattern indexing consists of determining the (hkl) indices of the reflections and 

calculating the zone axis [uvw] indices. The first step consisted of loading and displaying the 

diffraction pattern in the JEMS Window [2004Sta]. Digital Micrograph.dm3 images were 

used, and their format contained information about the accelerating voltage and camera 

length of the TEM used [2012Oli]. The second step was to select the possible crystal 

structures for indexing, then used the JEMS software to calculate the electron diffraction 

patterns for all orientations to be compared with the experimental diffraction pattern 

[2004Sta]. Two crystal structures, cubic and tetragonal were selected for indexing of the 

~Pt3Al diffraction patterns. The cubic (L12) Pt3Al structure based on the AuCu3 prototype 
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proposed by Bronger [1962Bro] was used, as used by Douglas [2004Dou2]. The tetragonal 

(DO´c) Pt3Al proposed by Chattopadhay et al. [1975Chat] was selected, also as used by 

Douglas [2004Dou2]. The selected (Pt) structure was fcc, as reported by McAlister and 

Kahan [1986McA]. The modified DO´c structure reported by Douglas et al. [2007Dou] was 

not employed since there was no evidence of superlattice spots or twinning.  

 

3.13 Nanoindentation 

3.13.1 Nanoindentation Hardness Testing 
 

Nanoindentation hardness measurements were performed using a CSM nanoindentation 

hardness tester at NMMU with the atomic force microscope and optical microscope shown in 

Figure 3.2. Figure 3.3 [2006CSM] is a schematic diagram of the nanoindenter head assembly. 

The diamond Berkovich indenter was pushed into the material through magnetic repulsion 

when a current was passed through the coil. The displacement of the indenter was measured 

with respect to the surface, through the reference ring and displacement sensor assembly. The 

area for nanoindentation was carefully selected using the AFM, and thereafter the indenter 

head would be shifted directly to the same place using the same coordinates given by the 

AFM. The residual indentation area was confirmed by observing the indented region using 

the AFM and automated optical microscope. Since the samples were etched, this made the 

contrast difference high and the precipitates could easily be seen on the optical microscope, 

making it easier to change the magnification from x200 to x4000 and ensure staying on the 

same area, thus ensuring reproducibility. 

 

Due to alignment discrepancies, the AFM probe for topographic imaging would shift during 

the tapping mode. Normally about 5-10 minutes was necessary to obtain an area image when 

using the AFM [2006CSM], although the probe would only be stable for about 1½ minutes. 

Hence, it was not possible to take images of the residual indentions using the CSM AFM. 

However, reviewing the indentation area was still possible before and after the indentations. 

For this reason, topographic imaging of the residual Berkovich impressions was carried out in 

tapping mode using a Veeco DimensionTM 3100 Atomic Force Microscope, Section 3.13.2. 
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Figure 3.2. CSM nanoindentation tester with AFM and optical microscope at NMMU. 

 

Figure 3.3. Schematic diagram of the nano indenter head assembly [2006CSM]. 

 

3.13.2 Atomic Force Microscopy Imaging 
 

AFM topographic imaging of the residual Berkovich impressions was carried out in the 

tapping mode using a Veeco DimensionTM 3100 Atomic Force Microscope (Digital 

Instruments, Veeco) (Figure 3.4) and high resolution Si probe tips. The images were 

simultaneously recorded in height and amplitude contrasts. The former served to 

dimensionally quantify the topography, while the latter enabled resolution of the finer 

variations or features in topography. The surface roughness of the specimens was determined 

from the AFM images.  
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Figure 3.4. Overall view of the Veeco DimensionTM 3100 Atomic Force Microscope. 

 

3.13.3 Calculation of Nanohardness and Elastic Modulus 
 

The Oliver and Pharr method described in Appendix E was employed by the “Indentation 

4.35 (2011), CSM InstrumentsTM (version 2011)” software to calculate the elastic modulus 

(Es) and the nanohardness (H) by employing Equations E.6 and E.7. The indention software 

used was the most recent version at the time and took into account improvements that had 

been made to date [2010Jan]. 

 

3.13.4 Indentation Procedure 
 

The mechanical properties (hardnesses and modulus of elasticity) of γ and γ´ for the six Pt-

Al-Cr-Ru alloys were measured by nanoindentation, using a CSM nanoindentation hardness 

tester.  Preliminary studies of the hardness and indentation depth were done first to ensure 

that at the maximum applied load, only the properties of a single phase are tested [1992Oli, 

1999Gök, 2003Sch2]. For this purpose, indentations were performed at depths of ~40nm to 

~150nm in steps of 1nm, in order to obtain a depth resolved hardness curve for the matrix and 

precipitates. The minimum indentation depth achievable was limited by the 2.5mN load, 

while for loads of 1mN, indentation depths of 20nm were achievable [1999Gök]. For each 
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indentation, the loading and unloading rates were kept constant at 50µN.s-1. When the desired 

depth was achieved, the load was maintained for a further 20 seconds before unloading. Force 

and penetration depth were monitored throughout the indentation procedure at a sampling 

rate of 30Hz. Wherever feasible, the indentations were performed approximately in the centre 

of the precipitate, although this was not always possible.  

During the preliminary indentation depth work, it was observed that at loads below 2.5mN, 

the pop-in effect occurred [1992Pag], and all load-displacement curves with the pop-in effect 

were fitted with the Hertzian contact model. (The method used for the Hertzian fit is 

described in Section 3.13.5 and related background is given in Appendix E.) No specific 

software could be found to do the fitting and the other researchers [2004Dur, 2004Gon1] did 

not divulge the software used, although its use was definitely mentioned. For reliability of the 

results, it was decided that 2.5mN would be used as the minimum possible load, since it 

could accurately indent the γ´ and γ phases separately within the acceptable error (<10%) 

[2006CSM], and with no sign of a pop-in effect. After the hardness and indentation depth 

preliminary work, the mechanical properties were then determined by performing ten 

indentations on each phase, and for the overall alloy. The indentations were performed at 

maximum load levels of 2.5mN, 5mN, 10.0mN, 20.0mN and 100mN.  

The tip shape was calibrated according to the Oliver-Pharr method [1992Oli, 2004Oli], 

considering machine compliance. Quantitative nanohardness and elastic modulus values were 

determined from the load–displacement curves using the method of Oliver and Pharr 

[1992Oli, 2004Oli].  For indentation, a trapezoidal load profile with a holding time of 20s at a 

maximum load was used. The extended holding time ensured that most of the plastic 

deformation was completed. The smallest load (2.5mN) was used for indenting the individual 

phases, and larger loads (10mN and 100mN) were used for testing the nanomechanical 

properties of the alloy. Ten individual indentations were averaged for determining the 

hardness and modulus of elasticity of the matrix and precipitates. 

  

3.13.5 Hertzian Fit Calculations 
 

A discontinuity in the load-displacement curve during loading was observed when using 

loads lower than 2.5mN and this resulted in a high standard deviation. In this case, the 

reduced elastic modulus was calculated using Equation E.5 and since it is calculated from the 
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unloading part of the load displacement curve, it is assumed not to be affected by the pop-in 

effect [1985Jon, 1986Bin, 1987Kin]. The radius of curvature (R) for the Berkovich indenter 

was assumed to be 150nm [2006CSM], and h was increased in increments of 1nm until the 

maximum load P was reached, using Equation E.7. At the maximum indentation load, the 

new final contact depth (which subtracts the shift due to the pop-in effect) was calculated 

(Section 4.4.1). This new final indentation depth was used to re-calculate the hardness and 

elastic modulus using Equations E.6 and E.7. 
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CHAPTER FOUR 

4. RESULTS 
 
All error bars plotted on the figures in this thesis indicate ± 1 sigma (standard deviation), i.e. 

67% certainty. 

4.1 X-ray diffraction (XRD) 
 
X-ray diffraction (XRD) was used to ascertain the presence of the (Pt) and ~Pt3Al phases. 

Figures 4.1 to 4.6 show the XRD spectra, with the peaks labelled for their phases: (Pt), DO′c - 

~Pt3Al and L12 - ~Pt3Al. The XRD spectra of the heat treated samples were slightly different 

for the different compositions, due to the different solubilities of each element in the γ and γ´ 

phases, thus changing the peak positions slightly. Also, there were different proportions of 

the phases in the different alloys. The unmatched peaks (Figures 4.1 to 4.6) were probably 

due to noise during measurements and contributions from the plasticine holding the samples 

(Appendix D).  The (Pt) and DO′c - ~Pt3Al peaks were found to be in better agreement with 

the XRD spectra than L12 - ~Pt3Al.  There were more smaller unidentified peaks in 

Pt78:Al11:Cr8:Ru3 (at.%) (Figure 4.6), which is thought to be background noise. The XRD 

spectra (Figures 4.1 to 4.6) had some broad peaks. The matches for all three phases were 

associated with minor shifts, which was expected since the phases were not pure and had 

varying amounts of Cr and Ru. The average lattice parameters deduced from the XRD results 

for ~Pt3Al were a = 3.7084 Å (L12) and a = 5.4398 Å, c = 8.0247 Å (DO′c).  

 

As a check, because the (Pt), DO′c - ~Pt3Al and L12 - ~Pt3Al structures were very similar, 

being based on the fcc Pt, the peaks of the pure phases from the ICDD database [2003Xpe] 

were compared against each other. The differences between them were then sought in the 

XRD pattern for each sample. The differences between the pure phases are shown in Table 

4.1. A comparison of the Pt peaks with all the XRD spectra (Figures 4.1 to 4.6) identified Pt 

peaks as present, although with many other unidentified peaks. The L12 - ~Pt3Al phase had 

three peaks which were found to be unique when compared with the (Pt) and DO′c - ~Pt3Al 

phases. The three peaks of the L12 - ~Pt3Al phase could be matched, although very minor 

shifts were observed, which was expected. The DO′c - ~Pt3Al phase had several unique peaks 

(Table 4.1), more than the L12 - ~Pt3Al phase. A comparison of the DO′c - ~Pt3Al with the 

XRD spectra (Figures 4.1 to 4.6) showed that some of the the peaks unique to DO′c - ~Pt3Al 
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could be matched (Table 4.1). The comparisons with the other samples, are shown in Table 

4.1, where N means no match, while Y means a match was found. However, in the XRD 

spectra in the range of ~89˚ to ~90˚, the peak intensities were very low and were difficult to 

identify as a true peak or noise, especially in Figure 4.6. The unidentified peaks together with 

the noise in the XRD spectra made it necessary to further study the samples using TEM.     

 
Figure 4.1. XRD pattern of nominal Pt82:Al12:Cr4:Ru2 (at.%) in the heat treated 
condition, showing all identified phases. 
 

 
Figure 4.2. XRD pattern of nominal Pt85:Al7:Cr5:Ru3 (at.%) in the heat treated 
condition, showing all identified phases. 
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Table 4.1. Differences in the angular positions of the XRD peaks for pure DO′c - Pt3Al 
phase from the ICDD database [2003Xpe], where Y = match and N = no match. 
 
Position 2 θ(°) Match of DO′c - Pt3Al for Figures 4.1 to 4.6  
DO′c - Pt3Al Fig. 4.1 Fig. 4.2 Fig. 4.3 Fig. 4.4 Fig. 4.5 Fig. 4.6 

23.071 Y Y Y Y Y Y 
38.680 Y Y Y Y Y Y 
43.760 N Y N N N Y 
47.150 Y Y Y Y Y Y 
51.316 Y N N Y Y Y 
53.112 Y Y Y Y Y Y 
70.058 Y Y Y Y N Y 
71.340 N N N Y N N 
71.716 N N N Y Y N 
72.224 Y N Y Y Y N 
72.481 N N Y Y Y Y 
72.545 N Y Y Y Y Y 
73.595 N Y N Y N Y 
74.886 Y N N N Y Y 
75.941 Y Y Y N Y N 
77.251 Y Y Y Y N Y 
78.306 Y N N Y Y Y 
78.459 Y N N N Y Y 
79.315 N N N Y N Y 
79.551 Y N N Y N Y 
81.673 Y Y Y Y Y Y 
81.926 N Y Y Y Y Y 
82.957 N Y Y Y Y Y 
83.928 Y N Y Y Y N 
84.197 Y Y Y Y Y Y 
88.491 N N N N Y Y 
89.412 N N N Y Y Y 
89.934 N N N Y Y Y 
90.356 N N N Y N Y 
91.107 Y Y Y Y Y Y 
92.205 Y Y N N Y Y 
93.335 N Y Y Y Y Y 
94.381 Y N Y Y Y Y 
95.699 N Y Y Y Y Y 
96.313 Y Y Y Y Y Y 
96.686 Y Y N Y Y Y 
98.738 Y Y Y Y Y Y 
99.535 Y Y Y Y Y Y 
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Figure 4.3. XRD pattern of nominal Pt80:Al11:Cr3:Ru6 (at.%) in the heat treated 
condition, showing all identified phases. 
 

 
Figure 4.4. XRD pattern of nominal Pt80:Al14:Cr3:Ru3 (at.%) in the heat treated 
condition, showing all identified phases. 
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Figure 4.5. XRD pattern of nominal Pt78:Al11:Cr8:Ru3 (at.%) in the heat treated 
condition, showing all identified phases. 
 

 
Figure 4.6. XRD pattern of nominal Pt78:Al11:Cr6:Ru5 (at.%) in the heat treated 
condition, showing all identified phases. 
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4.2 OM, SEM, AFM and Image Analysis Studies 

4.2.1 New observations in some Pt-Based Superalloys after Etching 
 

4.2.1.1 Nominal Pt82:Al12:Cr4:Ru2 (at.%) 
 

Figure 4.7(a) is an SEM-BSE image of alloy Pt82:Al12:Cr4:Ru2 (at.%) after etching and shows 

an interdendritic region with lamellae between dendrites. EDX analyses indicated that the 

lamellae (actually a fine eutectoid) were rich in Pt, and confirmed the dendrites (surrounding 

region) were a two-phase mixture (Table 4.2). The optical microscope image of the etched 

sample (Figure 4.7(b)) showed a coarsened eutectic/eutectoid, as well as dark ~Pt3Al 

precipitates in light (Pt) matrix. There was no discernable layer at the edges of the dendrites 

adjacent to the eutectic/eutectoid, although this was apparent in Figure 4.7(a). Figure 4.7(c) is 

an SEM-BSE image of another area of the eutectic/eutectoid observed in the optical image of 

Figure 4.7(b) and the area composition is shown in Table 4.2. The precipitates were very fine 

and mostly rounded in shape. The samples were analysed after etching because it was 

difficult to see the phases and some of the features observed before etching. It was difficult to 

distinguish between the eutectic and eutectoid because they are composed of the same phases, 

(Pt) and ~Pt3Al, although the lamellar structure is more likely to be eutectoid (since it is finer 

and most eutectoids are lamellar [2013Van]), and the coarser structure is more likely to be 

eutectic (since it is formed at a higher temperature). Thus, the sample could be 

inhomogeneous.  

Table 4.2. EDX analyses (at.%) of etched nominal Pt82:Al12:Cr4:Ru2 (at.%) in the heat 
treated condition (Figure 4.7(a) and (c)). 

Phase description Pt Al Cr Ru Phase 
Two-phase mixture 89.9 ± 0.4 6.9 ± 0.4 2.1 ± 0.1 1.1 ± 0.2 (Pt) and Pt3Al 

Eutectoid (Figure 4.7(a)) 86.4 ± 0.9 9.2 ± 0.2 2.3 ± 0.4 2.1 ± 0.1 (Pt) + ~Pt3Al 
Eutectic (Figure 4.7(c)) 63.5 ± 1.8 33.8 ± 0.7 1.9 ± 0.5 0.8 ± 0.4 (Pt) + ~Pt3Al 
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                (a)                                                                           (b) 

 
(c) 

Figure 4.7. Annealed nominal Pt82:Al12:Cr4:Ru2 (at.%): (a) SEM-BSE image showing 
eutectoid (E) between dendrites (D), and irregular regions in the dendrites (I), (b) 
optical microscope image showing ~Pt3Al precipitates in light (Pt) matrix in the 
dendrite (D), as well as a (Pt) + ~Pt3Al eutectic (Eu), and (c) SEM-BSE image showing 
eutectic (Eu) between dendrites (D). 
 

4.2.1.2 Nominal Pt81.5:Al11.5:Cr4.5:Ru2.5 (at.%) 

 
The contrast after etching of the nominal Pt81.5:Al11.5:Cr4.5:Ru2.5 (at.%) sample was much 

improved from before [2009Sho1] and showed dark ~Pt3Al precipitates in a light (Pt) matrix 

(Figure 4.8(a)), as well as the grain boundaries (Figure 4.8(b)). Figure 4.8(c) shows the 

eutectic/eutectoid at the grain boundaries. Figure 4.8(a) reveals features (Arrows A), which 

appeared fairly commonly and had not been observed before etching. EDX analysis 

confirmed that this feature had a higher Pt content than the surrounding region (Table 4.3). 

Since the dark precipitates were far too small to analyse accurately, the largest were selected 

for qualitative analysis, Table 4.3. The white irregular regions at the grain boundaries in 
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Figures 4.8(b) and 4.8(c) indicated by Arrow B are shown as SEM-BSE images in Figures 

4.8(d) and 4.8(e). These features could have been a coarsened eutectoid. The compositions of 

the different regions are shown in Table 4.3 and were similar to the circular feature observed 

in Figure 4.8(a), within experimental error. In Figure 4.8(d) laths in area B can be seen, while 

some of the other lines are thought to be scratches from sample preparation. 

Table 4.3. EDX analyses (at.%) of etched nominal Pt81.5:Al11.5:Cr4.5:Ru2.5 (at.%) in the 
heat treated condition for the different features in Figure 4.8. 

Phase description Pt Al Cr Ru Phase 

Dark (Precipitates) 77.2 ± 0.8 20.1 ± 0.3 1.9 ± 0.2 0.8 ± 0.3 ~Pt3Al 
Light (Matrix) (Figure 4.8(a)) 85.2 ± 0.7 9.1 ± 0.3 4.0 ± 0.3 1.7 ± 0.1 (Pt) 

Circular feature (A) (Figure 4.8(a)) 90.6 ± 1.1 4.1 ± 0.5 2.9 ± 0.4 2.4 ± 0.3 (Pt) 
Region B (Figure 4.8(d)) 89.2 ± 1.9 5.9 ± 0.3 1.8 ± 0.7 3.1 ± 0.5 (Pt) 
Region C (Figure 4.8(e)) 90.0 ± 1.6 3.7 ± 0.8 2.1 ± 0.5 4.2 ± 0.4 (Pt) 
Region D (Figure 4.8(e)) 89.8 ± 1.4 2.9 ± 0.5 4.3 ± 0.6 3.0 ± 0.8 (Pt) 

 

4.2.1.3 Nominal Pt78:Al15.5:Cr4.5:Ru2 (at.%) 
 

After etching, the SEM revealed the presence of randomly aligned precipitates in some 

regions and some precipitate-decorated grain boundaries in the nominal Pt78:Al15.5:Cr4.5:Ru2 

(at.%) sample, while other regions were free of precipitates (Figure 4.9(a)). The EDX phase 

analyses are recorded in Table 4.4, and as expected, the matrix had a higher Pt content than 

the precipitates. The optical microscope image after etching the specimen showed grains with 

differing contrasts due to their orientations, porosity (black spots), and a fine precipitation of 

~Pt3Al (Figure 4.9(b)). Most of the precipitates were too small for analyses and larger 

precipitates were targeted, although some were still smaller than 3µm. Thus, it is expected 

that the precipitates’ EDX analyses have contributions from the surrounding matrix, so that 

the actual Pt content of the precipitates is lower than reported in Table 4.4.  

Table 4.4. EDX analyses (at.%) of etched nominal Pt78:Al15.5:Cr4.5:Ru2 (at.%) in the heat 
treated condition. 

Phase description Pt Al Cr Ru Phase 
Dark (Precipitates) 79.3 ± 1.4 18.2 ± 0.9 1.7 ± 0.3 0.8 ± 0.4 ~Pt3Al 

Light (Matrix) 87.3 ± 1.2 7.1 ± 0.8 3.8 ± 0.8 1.8 ± 0.3 (Pt) 
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        (a)  

         
   (b)                                                                           (c) 

    
                       (d)                                                                           (e) 
Figure 4.8. Annealed nominal Pt81.5:Al11.5:Cr4.5:Ru2.5 (at.%): (a) SEM-BSE image 
showing fine dark ~Pt3Al precipitates in light (Pt) matrix and circular features (Arrows 
A), (b) optical microscope image showing fine dark ~Pt3Al precipitates in light (Pt) 
matrix and grain boundaries, (c) coarsened eutectic/eutectoid ~Pt3Al + (Pt) at the grain 
boundaries, and (d) and (e) SEM-BSE images of features indicated by Arrow B in (b) 
and (c), with laths (B) in (d), possibly a eutectoid (C) and (D) in (e). 
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            (a)                                                                           (b) 

Figure 4.9. Annealed nominal Pt78:Al15.5:Cr4.5:Ru2 (at.%): (a) SEM-BSE image showing 
very fine dark ~Pt3Al precipitates in light (Pt) matrix and precipitate-decorated grain 
boundary (indicated by arrow), and (b) optical microscope image showing different 
grains, and fine dark ~Pt3Al precipitates in lighter (Pt) matrix. 

 

4.2.1.4 Nominal Pt80:Al14:Cr3:Ru3 (at.%) 
 

Figure 4.10 shows the microstructure of nominal Pt80:Al14:Cr3:Ru3 (at.%) after etching. 

Decorated subgrain boundaries were seen and the precipitates within the grains were not 

particularly aligned. Darker shades on the microstructure were thought to be sample 

preparation artifacts, since there were no composition differences. The phase analyses are 

given in Table 4.5 and larger precipitates were targeted, although they were still too small to 

analyse accurately.   

Table 4.5. EDX analyses (at.%) of etched nominal Pt80:Al14:Cr3:Ru3 (at.%) in the heat 
treated condition. 

Phase description Pt Al Cr Ru Phase 
Dark (Precipitates) 78.5 ± 1.1 19.4 ± 0.4 1.4 ± 0.4 0.7 ± 0.3 ~Pt3Al 

Light (Matrix) 86.8 ± 0.9 7.5 ± 0.6 4.1 ± 0.5 1.6 ± 0.2 (Pt) 
 

4.2.1.5 Nominal Pt80:Al11:Cr4:Ru5 (at.%) 
 
The etched nominal Pt80:Al11:Cr4:Ru5 (at.%) sample showed ~Pt3Al precipitates in a (Pt) 

matrix (Figure 4.11(a)). Some regions on the sample were free of precipitates, probably due 

to the low precipitate volume fraction and the inhomogeneity of the sample. The improved 

contrast after etching can been seen in Figure 4.11(b), showing grains with different contrast 
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due to differences in orientation, and porosity. The phase analyses are given in Table 4.6, and 

the largest precipitates were measured (although too small to analyse accurately). 

Table 4.6. EDX analyses (at.%) of etched nominal Pt80:Al11:Cr4:Ru5 (at.%) in the heat 
treated condition. 

Phase description Pt Al Cr Ru Phase 
Dark (Precipitates) 79.8 ± 1.2 18.1 ± 0.6 1.2 ± 0.3 0.9 ± 0.2 ~Pt3Al 

Light (Matrix) 86.4 ± 0.9 8.1 ± 0.4 3.8 ± 0.7 1.7 ± 0.3 (Pt) 
 

 

 
Figure 4.10. SEM-BSE image of heat treated nominal Pt78:Al15.5:Cr4.5:Ru2 (at.%), 
showing dark ~Pt3Al precipitates in light (Pt) matrix and precipitates on sub-grain 
boundaries. 

 

         
           (a)                                                                           (b) 

Figure 4.11. SEM-BSE images of annealed nominal Pt80:Al11:Cr4:Ru5 (at.%) showing: 
(a) very fine dark ~Pt3Al precipitates in light (Pt) matrix, and (b) optical microscope 
image showing differing contrasts due to different grain orientations, and porosity. 
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4.2.1.6 Nominal Pt78:Al11:Cr3:Ru8 (at.%) 
 
After etching, the Pt78:Al11:Cr3:Ru8 (at.%) microstructure showed a coarsened eutectic 

(Figure 4.12), which indicated that the heat treatment did not fully eliminate the eutectic. The 

precipitates appear to have been over-etched. EDX analyses of the overall of the eutectic and 

the dendrites are recorded in Table 4.7. 

     
Figure 4.12. SEM-BSE image of heat treated nominal Pt78:Al11:Cr3:Ru8 (at.%) showing 
~Pt3Al precipitates in light (Pt) dendrite (D), and a coarsened (Pt) + ~Pt3Al eutectic (E). 
 
Table 4.7. EDX analyses (at.%) of etched nominal Pt78:Al11:Cr3:Ru8 (at.%) in the heat 
treated condition. 

Phase description Pt Al Cr Ru Phase 
Dendrites (D) 84.1 ± 1.5 11.2 ± 0.7 2.9 ± 0.3 1.8 ± 0.2 (Pt) 
Eutectic (E) 56.4 ± 1.3 41.6 ± 0.9 1.3 ± 0.6 0.7 ± 0.4 (Pt) + ~Pt3Al 

 

4.2.1.7 Nominal Pt80:Al11:Cr6:Ru3 (at.%) 
 
The microstructure of Pt80:Al11:Cr6:Ru3 (at.%) had good contrast after etching, and is shown 

in Figure 4.13. Some of the grain boundaries were fully decorated with precipitates, with an 

adjacent precipitate-free zone in the grain.  Figure 4.13(b) shows some porosity, and possible 

over-etching can be seen on the edges of the hole and surrounding regions. 

4.2.1.8 Nominal Pt78:Al11:Cr6:Ru5 (at.%) and Pt85:Al7:Cr5:Ru3 (at.%) 
 
The SEM and optical microscope images of etched Pt78:Al11:Cr6:Ru5 and Pt85:Al7:Cr5:Ru3 

(at.%), which had high ~Pt3Al volume fractions (using the grid method [2009Sho1]) are 

shown in Figure 4.14. Compared to the unetched sample images [2009Sho1], the contrast was 

much improved and revealed aligned precipitates, indicating that etching was beneficial. 

Image analysis was only performed on the unprocessed SEM micrographs due to the too 
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small features of the optical images. Image analysis (Section 4.2.3) confirmed that these two 

samples had high volume fractions compared to the rest of the samples.  

        
                                        (a)                                                                      (b)                                         
Figure 4.13. SEM-BSE images of annealed nominal Pt80:Al11:Cr4:Ru5 (at.%) showing: 
(a) dark ~Pt3Al precipitates in light (Pt) matrix, and (b) porosity (black spots) and a pit 
from possible over-etching. 
 

   
(a)                                                                              (b) 

  
(c)                                                                    (d) 

Figure 4.14. Annealed nominal Pt78:Al11:Cr6:Ru5 (at.%) and Pt85:Al7:Cr5:Ru3 (at.%): 
(a,b) SEM-BSE images showing fine dark ~Pt3Al precipitates in light (Pt) matrix and 
decorated grain boundaries, and (c,d) optical microscope images showing fine dark 
~Pt3Al precipitates in light (Pt) matrix and grain boundaries. 
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4.2.3 Image analysis 

4.2.3.1 Olympus Software and Grid Method 
 
The newly-prepared alloys had similar precipitate volume fractions, within experimental 

error, compared to the re-measured alloys, both measured using the Olympus stream image 

analysis software on SEM-BSE images (Table 4.8). Due to the low contrast between the 

phases on TEM images, it was not possible to perform image analyses on the TEM images, 

unlike the SEM images when the samples were etched. As a result, inorder to get an estimate 

of the precipitate volume fraction from the different samples analysed in TEM, the grid 

method was used on the TEM images and the results are given in Table 4.8. 

4.2.3.2 AFM and WSxM 
 

Figure 4.15 shows a typical window that was used for the calculation of the volume fraction 

for Pt80:Al14:Cr3:Ru3 (at.%) using the WSxM software, together with the AFM images. In 

Figure 4.15(a) the precipitates are dark and the matrix has a range of contrast, and in Figure 

4.15(b) the matrix contrasts were light and medium, and the precipitates had the appearance 

of “holes”. The changes in the matrix contrast were due to changes in height, since in this 

AFM study, phases were identified by height. Results of all six alloys are given in Table 4.9. 

The Pt85:Al7:Cr5:Ru3 and Pt78:Al11:Cr6:Ru5 (at.%) alloys had the highest precipitate volume 

fractions, in agreement, within experimental error, with the Olympus stream image analysis 

software results for the newly-prepared alloys (Table 4.8). 
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Table 4.8. Approximate ~Pt3Al volume fractions using the Olympus stream image 
analysis software on SEM-BSE images and grid method for TEM images 

 Nominal Composition 
 (at.%) 

Approximate ~Pt3Al volume fraction  

Olympus stream on SEM-BSE images 
Grid method for 

TEM images 

 

Re-measured from  
previous alloys  

[2009Sho1] 

Newly-prepared  
alloys 

Newly-prepared 
alloys 

Pt78:Al15.5:Cr4.5:Ru2  13 ± 4 Not analysed Not analysed 
Pt80:Al14:Cr3:Ru3  17 ± 3 13 ± 8 64 ± 9  
Pt81.5:Al11.5:Cr4.5:Ru2.5  22 ± 6 Not analysed Not analysed 
Pt82:Al12:Cr4:Ru2  27 ± 7 26 ± 7 75 ± 6 
Pt84:Al11:Cr3:Ru2  24 ± 4 Not analysed Not analysed 
Pt85:Al7:Cr5:Ru3  41 ± 8 45 ± 6 80 ± 6 
Pt80:Al11:Cr4:Ru5  18 ± 4 Not analysed Not analysed 
Pt80:Al11:Cr6:Ru3  16 + 3 Not analysed Not analysed 
Pt80:Al11:Cr3:Ru6  21 ± 6 15 ± 4 61 ± 9 
Pt78:Al11:Cr6:Ru5  40 ± 5 51 ± 6 83 ± 4 
Pt78:Al11:Cr8:Ru3  31 ± 7 34 ± 9 67 ± 11 
Pt78:Al11:Cr3:Ru8  28 ± 8 Not analysed Not analysed 

 
 
Table 4.9. Approximate ~Pt3Al volume fractions analysed with WSxM software on 
AFM images. 

 Nominal composition (at.%) 
 Approximate ~Pt3Al 
volume fraction (%) 

Pt80:Al14:Cr3:Ru3 19 ± 4 
Pt82:Al12:Cr4:Ru2 31 ± 7 
Pt85:Al7:Cr5:Ru3 48 ± 8 
Pt80:Al11:Cr3:Ru6 20 ± 5 
Pt78:Al11:Cr6:Ru5 57 ± 9 
Pt78:Al11:Cr8:Ru3 38 ± 6 
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Figure 4.15. Window for ~Pt3Al volume fraction calculation from AFM images for 
nominal Pt80:Al14:Cr3:Ru3 (at.%) using the WSxM software flooding function: (a) AFM 
topographic image, and (b) AFM topographic image after flooding and identification of 
precipitates as “holes”. 
 
 

4.3 Transmission Electron Microscopy Studies 

4.3.1 TEM Microstructural Characterisation 
 
In this section, the findings of the six alloys are reported in terms of their microstructure as 

determined by TEM. Particular attention was given to the study of the γ′ phase due to their 

associated precipitation hardening effects. The characterization was undertaken on a JEOL 

TEM 2100 (NMMU), unless otherwise stated. All error bars plotted on the Figures in this 

thesis indicate ± 1 sigma (standar deviation), i.e. 67% certainty. 

4.3.1.1 Nominal Pt82:Al12:Cr4:Ru2 (at.%) 
 

TEM images of nominal Pt82:Al12:Cr4:Ru2 (at.%) after being heat treated at 1500°C for 18 
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hours, followed by a water quench, then annealing at 1100°C for 120h and air cooling, are 

shown in Figures 4.16 to 4.18. The precipitate volume fraction was approximated to be 75 ± 

6% (Table 4.8) by the grid method of Exner and Russ [1988Exn, 1999Rus] in this TEM 

localised area. Figure 4.16 shows a network of cubic, elongated and some “U” shaped 

precipitates indicated by symbol “A” on the image. The elongated precipitates were in the 

majority in the imaged area. Over the number of TEM samples of this alloy viewed, the 

precipitate distribution was found to vary, some areas had a high volume fraction of 

precipitates, while other regions had fewer precipitates. Figure 4.17 shows a different region 

in the thinned section where the γ′ precipitates had coarsened. The γ/γ′ interfaces showed 

dislocations. The size of the coarsened γ′ particles was ~250nm. The precipitates had an 

irregular shape, deviating greatly from cubic, showing a strong propensity for forming 

rounded precipitates. The coarsening of particles was noticed only once. At “Arrow B” 

(Figure 4.17), secondary particles are indicated, which were mostly rounded. “Arrow C” 

shows very fine tertiary γ′ precipitates. TEM EDX analyses were undertaken to measure the 

compositions of areas B, C and D in Figure 4.17 and the results are given in Table 4.10. 

These results reveal that the composition of area C was closer to D than E, supporting the 

view that there was precipitation of fine precipitates in C. However, small precipitates can be 

seen in the matrix in E, so the true matrix composition is actually higher in Pt than indicated 

in Table 4.10. The matrix protruded at the edges of the thinned section (Figures 4.16 and 

4.17), showing that it was less affected by the ion milling. 

 

A different section of the sample, an isolated region with fewer precipitates, Figure 4.18, 

shows the γ/γ′ interfaces with dislocation networks (Arrow A). Dislocations in the 

surrounding matrix were also seen (B). The presence of the interface dislocations indicates 

that the γ/γ′ interface was incoherent. Figures 4.16 to 4.18 show the inhomogeneous nature of 

the precipitate size and distribution in the alloy. Table 4.11 shows the composition of the 

matrix in Figure 4.18 next to the γ′ precipitate and also the γ′-free region, and differences 

being observed especially in the Al content. It is probable that there was some scattering of 

electrons into the neighbouring precipitates for matrix E (Figure 4.17, Table 4.10) and for the 

matrix next to the γ′ (γ′-rich region) (Figure 4.18, Table 4.11) due to the narrow width of the 

matrix between the precipitates. 

 
 

128 



 
Figure 4.16. Bright field TEM image of nominal Pt82:Al12:Cr4:Ru2 (at.%) after heat 
treatment, showing a high volume fraction of γ′ precipitates, which had a cubic, 
elongated and (A) “U morphology” in a γ matrix. 
 
Table 4.10. EDX analyses (at.%) of nominal Pt82:Al12:Cr4:Ru2 (at.%) in the heat treated 

condition for Figure 4.17. 
Phase Description Pt Al Cr Ru Phase 

Matrix + Precipitates (C) 83.4 ± 0.2 14.1 ± 0.2 1.8 ± 0.1 0.7 ± 0.2 (Pt) + ~Pt3Al 

Precipitate (D) 80.8 ± 0.2 17.4 ± 0.1 1.3 ± 0.3 0.5 ± 0.2 ~Pt3Al 
Matrix (E)  

(with small precipitates) 89.1 ± 0.4 5.3 ± 0.4 4.1 ± 0.1 1.5 ± 0.1 (Pt) 
 

 
 

Figure 4.17. Bright field TEM image of nominal Pt82:Al12:Cr4:Ru2 (at.%) after heat 
treatment, showing coarsened γ′ precipitates and dislocations at the γ/γ′ interfaces, (B) 
isolated spherical γ′ precipitates, (C) tertiary γ′ precipitates, (D) irregular γ′ 
precipitates, and (E) γ matrix. 
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Figure 4.18. Bright field TEM image of nominal Pt82:Al12:Cr4:Ru2 (at.%) after heat 
treatment, showing (A) dislocations at the γ/ γ′ interface, and (B) dislocations in the γ 
matrix.  
 
 
Table 4.11. EDX analyses (at.%) of nominal Pt85:Al7:Cr5:Ru3 (at.%) in the heat treated 

condition for Figure 4.18. 
Phase Description Pt Al Cr Ru Phase 

Matrix next to γ′ (γ′-rich region)  84.7 ± 0.9 7.9 ± 0.3 4.6 ± 0.3 2.8 ± 0.4 (Pt) 
Matrix with no γ′ (γ′-free region) 88.9 ± 0.7 1.1 ± 0.2 5.2 ± 0.4 4.8 ± 0.5 (Pt) 

 

4.3.1.2 Nominal Pt85:Al7:Cr5:Ru3 (at.%) 
 
Figure 4.19 shows a TEM image obtained from Pt85:Al7:Cr5:Ru3 (at.%). The microstructure 

consisted of a large volume fraction of γ′ precipitates separated by narrow γ channels. The 

precipitates were mainly cubic, with rounded edges and had an average edge length of ~50 - 

100nm. Varying sizes of precipitates were observed along the thinned region (Figure 4.20): in 

A the precipitates were mainly coarse and cubic and in B, the precipitates were finer and 

rounded. Area B is thought to be a coarsened eutectic/eutectoid region. Figure 4.21 shows 

that some precipitates had coalesced and subsequently formed new and irregular shapes, 

although these were in limited isolated regions. The precipitates indicated by Arrows A 

suggest that they might have been initially cubic, and the shape change could have been due 

to some dissolution. A fine precipitation of secondary γ′ precipitates was observed, this was 

A 

A 
A 
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confirmed by EDX analysis and also by electron diffraction. Isolated rounded γ′ precipitates 

were also observed (Arrows C). The γ′ precipitate volume fraction was estimated to be 80 ± 

5% by the grid method of Exner and Russ [1988Exn, 1999Rus] for these localised regions. 

 

Figure 4.19. Bright field TEM image of nominal Pt85:Al7:Cr5:Ru3 (at.%) after heat 
treatment, showing homogenous distribution of mainly cubic shaped γ′ precipitates in a 
γ matrix. 

 

Figure 4.20. Bright field TEM image of nominal Pt85:Al7:Cr5:Ru3 (at.%) after heat 
treatment, showing areas of different γ′ precipitate shapes, with (A) cubic and (B) fine 
rounded morphology in a γ matrix. 
 

A 

B 

 
 

131 



 

Figure 4.21. Bright field TEM image of nominal Pt85:Al7:Cr5:Ru3 (at.%) after heat 
treatment, showing (A) irregular, near-cubic shaped γ′ precipitates in a γ matrix, (B) 
tertiary precipitates, and (C) spherical γ′ precipitates.  
 
 

4.3.1.3 Nominal Pt80:Al11:Cr3:Ru6 (at.%) 
 

As observed in the other samples, the Pt80:Al11:Cr3:Ru6 (at.%) alloys had γ′ precipitates in a γ 

matrix (Figure 4.22). The γ′ volume fraction was measured to be, 61 ± 9%, using the grid 

technique [1988Exn, 1999Rus]. The precipitate morphology was mostly rounded and the size 

varied from ~100nm to 450nm. Smaller cubic γ´ precipitates with rounded edges (Figure 

4.22, Arrows A) were observed. There was some short range alignment of the γ´ precipitates. 

A higher magnification image of the area of Figure 4.22 is given in Figure 4.23 and shows 

dislocations in the γ/γ′ interface (Arrows A). A different section of the thinned specimen 

showed a different microstructure which had many variations in the γ´ morphology (Figure 

4.24). Coarsened primary and irregular γ´ particles were observed (Figure 4.24, Arrows A). A 

cluster of fine secondary particles was also seen (Figure 4.24, Arrow B). Some precipitates 

were observed with curved interfaces (Figure 4.24, Arrows C). A fine tertiary precipitation of 

γ′ precipitates was also seen at D, which was confirmed by microdiffraction having a 

diffraction pattern indicating the presence of both γ′ and γ. Table 4.12 shows EDX results of 

the smaller rounded γ′ precipitates and the primary γ′ precipitates, and differences in the 

composition for Cr and Pt were observed, with the primary γ′ having less Pt and more Cr. 

A 

B C 

C 

 
 

132 



The γ region near the γ′ in Figure 4.24 had a different composition from region D in Figure 

4.24 (Table 4.12). 

According to image analysis (Section 4.2.3), the alloy had a low volume fraction of γ′ 

precipitates, which was also seen in Figures 4.25 to 4.26 showing isolated precipitates. Each 

precipitate was surrounded by an interface dislocation network (Arrows A). Arrows B 

(Figure 4.25) show matrix dislocations, which were pinned by the precipitates. The 

compositions of the precipitates and matrix were measured across a precipitate/matrix 

interface (Table 4.13, Figure 4.23), and a compositional gradient of Cr was plotted (Figure 

4.27). The error is not shown in Table 4.13 because the spot analyses were conducted once 

per spot only to approximate the composition along the γ/ γ′ interface due to focussed probe 

concerns. 

Table 4.12. EDX analyses (at.%) of nominal Pt80:Al11:Cr3:Ru6 (at.%) in the heat treated 
condition for Figure 4.24. 

Phase Description Pt Al Cr Ru Phase 
Primary γ′ 77.3 ± 0.9 19.1 ± 0.4 2.9 ± 0.2 0.7 ± 0.2 ~Pt3Al 

Secondary spherical γ′ 79.9 ± 0.7 18.7 ± 0.4 0.5 ± 0.1 0.9 ± 0.3 ~Pt3Al 
Matrix 84.7 ± 0.9 6.9 ± 0.4 5.2 ± 0.3 3.2 ± 0.3 (Pt) 

Matrix + fine γ′ (D) 79.9 ± 0.8 14.6 ± 0.7 3.9 ± 0.3 1.6 ± 0.2 (Pt) + ~Pt3Al 
 

 

Figure 4.22. Bright field TEM image of nominal Pt80:Al11:Cr3:Ru6 (at.%) after heat 
treatment, showing different morphologies, sizes of spherical and cuboid-like γ′ 
precipitates (A) in γ matrix. 
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Table 4.13. EDX analyses (at.%) of nominal Pt80:Al11:Cr3:Ru6 (at.%) in the heat treated 
condition for Figure 4.23, measured across a precipitate/matrix interface. 
Average distance (nm) 0* 40 60 70 85 95 110 125 135 150 
Cr content (at.%) 5.1 4.8 4.5 4.2 4.3 4 3.8 3.7 3.8 2.4 

* Approximate centre of γ matrix. 
 

 
Figure 4.23. Bright field TEM image of nominal Pt80:Al11:Cr3:Ru6 (at.%) after heat 
treatment, showing (A) dislocations at the γ/γ′ interfaces, the dotted line shows the 
region used to study the composition gradient reported in Figure 4.27, and (B) is a clear 
view of the matrix material between two precipitates. 
 

 
Figure 4.24. Bright field TEM image of nominal Pt80:Al11:Cr3:Ru6 (at.%) after heat 
treatment showing: (A) coalesced γ′ precipitates, (B) cluster of secondary γ′, (C) curving 
γ′ interfaces, and (D) a fine tertiary precipitation of γ′ in a γ matrix. 
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Figure 4.25. Bright field TEM image of nominal Pt80:Al11:Cr3:Ru6 (at.%) after heat 
treatment, showing (A) network of dislocations at the γ/γ′ interfaces, (B) matrix 
dislocations pinned by the precipitates, and (C) a precipitate-free area.  

 
 

 
Figure 4.26. Bright field TEM image of nominal Pt80:Al11:Cr3:Ru6 (at.%) after heat 
treatment showing a network of dislocations (A) at the γ/γ′ interface. 
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Figure 4.27. Composition gradient of Cr from centre of γ matrix to centre of γ′ 
precipitate in Pt80:Al11:Ru6:Cr3 (at.%), where the dotted line in Figure 4.23 is a typical 
region from the centre of the γ matrix channel to the centre of the γ′ precipitate. 
 

4.3.1.4 Nominal Pt80:Al14:Cr3:Ru3 (at.%) 
 
The microstructure of the Pt80:Al14:Cr3:Ru3 (at.%) alloy was inhomogeneous, as shown by 

Figures 4.28 to 4.32. The precipitates had different morphologies with varying sizes, from 

~50nm to 450nm (along the longest side) (Figure 4.28), and the volume fraction was 

measured by the grid method to be 64 ± 9%. The largest precipitates (A) had irregular shapes, 

while medium-sized precipitates were more spherical (B), and the smallest precipitates were 

closer to being cubic with rounded edges (C) (Figure 4.28). Figure 4.28 shows cubic γ´ 

precipitates separated by varying width channels of γ matrix, giving the impression that the 

primary γ´ particles in some regions had coalesced to reduce surface energy. Figure 4.30 

shows three different grains. “Area B” had varying shaped and sized γ´ precipitates separated 

by narrow γ matrix channels. “Area C” was a (Pt) single phase region (mainly composed of 

Pt (Table 4.14)), and the contrast variation was associated with minor changes in thickness. 

“Area D” was a mixture of fine γ´ precipitates in a γ matrix and the composition was different 

from that of “Area C”, with a higher Al concentration, due the presence of the γ´ precipitates. 

Thus, the variation in alloy composition from one grain to the other provided a wide range of 

precipitate shapes, and different microstructures. 

 
Figures 4.31 and 4.32, taken along the thinned section of a different region, using different 

contrast conditions, show isolated spherical precipitates bounded by a network array of 

interface dislocations (Arrow A), and also dislocations in the matrix (Arrows B). 

Centre of γ matrix 

Centre of γ′ precipitate 

Approximate interface border 
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Table 4.14. EDX analyses (at.%) of overall compositions of areas C and D in Figure 4.30 
for nominal Pt80:Al14:Cr3:Ru3 (at.%) in the heat treated condition. 

Phase Description Pt Al Cr Ru Phase 
Area C: Single phase 84.9 ± 1.1 7.9 ± 0.6 4.9 ± 0.4 2.3 ± 0.3 (Pt) 

Area D: Matrix + precipitates 78.0 ± 0.9 17.8 ± 0.6 2.8 ± 0.2 1.4 ± 0.3 (Pt) + ~Pt3Al 
 

 

Figure 4.28. Bright field TEM image of nominal Pt80:Al14:Cr3:Ru3 (at.%) after heat 
treatment showing: (A) large irregular γ′ precipitates, (B) spherical γ′ precipitates, (C) 
cubic γ′ precipitates in a γ matrix, and (D) coalesced γ′ precipitates connected by necks. 
  

 

Figure 4.29. Bright field TEM image of nominal Pt80:Al14:Cr3:Ru3 (at.%) after heat 
treatment, showing cubic γ′ precipitates separated by varying widths of γ matrix. 
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Figure 4.30. Bright field TEM image of nominal Pt80:Al14:Cr3:Ru3 (at.%) after heat 
treatment, showing three different grains with different microstructures (Areas B, C 
and D). 
 

 

Figure 4.31. Bright field TEM image of nominal Pt80:Al14:Cr3:Ru3 (at.%) after heat 
treatment, showing an isolated, rounded precipitate with an interface network of 
dislocations (A), and dislocations in the matrix (B). General spotty background is 
damage resulting from ion milling. 
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Figure 4.32. Bright field TEM image of nominal Pt80:Al14:Cr3:Ru3 (at.%) after heat 
treatment, showing an isolated, rounded precipitate with an interface network of 
dislocations (A), and dislocations in the matrix (B). General spotty background is 
damage resulting from ion milling. 
 
 

4.3.1.5 Nominal Pt78:Al11:Cr8:Ru3 (at.%) 
 

TEM revealed that different areas of the Pt78:Al11:Cr8:Ru3 (at.%) sample had γ′ precipitates of 

different shapes (Figures 4.33 and 4.34). A few rounded γ′ precipitates were observed, Figure 

4.33 (A). Most of the precipitates in this region were mainly cubic with slightly rounded 

edges, although some cubic precipitates with straight edges were also observed (Figure 4.33, 

B). Figure 4.34 shows elongated γ′ precipitates. TEM EDX analyses were carried out on both 

the cubic (Figure 4.33) and the elongated γ′ precipitates (Figure 4.34). Within experimental 

error, the Al and Pt contents of the elongated γ′ precipitates were different from the cubic γ′ 

precipitates (Table 4.15). This suggests that higher Al content promoted larger and elongated 

γ′ particles, although more diffraction conditions would be necessary to prove this. No 

dislocations were observed in the matrix, precipitates or γ/γ′ interfaces under the 2-beam 

imaging conditions utilised. The γ′ precipitate volume fraction was estimated to be 67 ± 11% 

by the grid method. 
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Table 4.15. EDX analyses (at.%) of nominal Pt78:Al11:Cr8:Ru3 (at.%) in the heat treated 
condition. 

Phase Description Pt Al Cr Ru Phase 
Figure 4.33, γ′ 82.4 ± 0.5 16.4 ± 0.1 0.8 ± 0.3 0.4 ± 0.1 ~Pt3Al 

Figure 4.34, γ′ (elongated) 76.7 ± 0.2 21.5 ± 0.1 1.3 ± 0.3 0.5 ± 0.2 ~Pt3Al 
 

 

Figure 4.33. Bright field TEM image of nominal Pt78:Al11:Cr8:Ru3 (at.%) after heat 
treatment, showing γ′ precipitates in a γ matrix, (A) rounded and (B) cubic γ′ with 
straight edges. 
 

 

Figure 4.34. Bright field TEM image of nominal Pt78:Al11:Cr8:Ru3 (at.%) after heat 
treatment, showing an elongated morphology of γ′ precipitates in a γ matrix. 
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4.3.1.6 Nominal Pt78:Al11:Cr6:Ru5 (at.%) 
 

TEM images of the nominal Pt78:Al11:Cr6:Ru5 (at.%) sample in the heat treated condition with 

various γ′ precipitate shapes are shown in Figures 4.35 to 4.37, and the sample had an 

approximate precipitate volume fraction of 83 ± 4% measured using the grid method. Figure 

4.35, “Arrow A” shows γ′ precipitates that coalesced. This image shows a high γ′ precipitate 

density, with particle widths of 200-300nm. Figure 4.36 shows some alignment of cubic γ′ 

precipitates (dotted box). More irregular shaped precipitates were also seen. Finer rounded 

precipitates were observed (Figure 4.36, Arrows A). Figure 4.37 shows a wider area of the 

thinned sample, indicating a local, more homogenous distribution of the precipitates.  

     

Figure 4.35. Bright field TEM image of nominal Pt78:Al11:Cr6:Ru5 (at.%) after heat 
treatment, showing cubic and (A) coalesced γ′ precipitates in a γ matrix. 
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Figure 4.36. Bright field TEM image of nominal Pt78:Al11:Cr6:Ru5 (at.%) after heat 
treatment, showing mainly cubic and irregular morphology (A) of γ′ precipitates in a γ 
matrix, dotted box indicates alignment of γ′ precipitates.  

 

 

Figure 4.37. Bright field TEM image of nominal Pt78:Al11:Cr6:Ru5 (at.%) after heat 
treatment, showing a wider area of the thinned section, with a local homogenous 
distribution of γ′ precipitates in γ. 
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4.3.2 TEM diffraction patterns and orientation relationship between the 
Matrix and Precipitate 
 

Manual measurements of diffraction patterns obtained from all γ′ precipitates analysed in the 

CM200 TEM all indexed as cubic L12 ~Pt3Al rather than tetragonal DO´c ~Pt3Al or the 

modified DO´c structure reported by Douglas et al. [2007Dou] because there were no 

superlattice diffraction spots seen at any zone axes sampled or during tilting to any zone axes, 

nor evidence of any twinning. Figures 4.38, 4.41 and 4.44 show three different experimental 

diffraction patterns for both the matrix and precipitates obtained from the JEOL 2100 TEM, 

these being representative of others taken. The precipitate and matrix diffraction pattern pairs 

shown in each case were obtained using the same beam conditions in order to determine the 

orientation relationship. The matrix diffraction patterns also revealed faint spots (Figures 

4.38(a), 4.41(a) and 4.44(a)), which are attributed to the fact that the aperture would sample 

at least some of the precipitates. The matrix diffraction patterns were simulated with the 

JEMS software and were successfully indexed with the cubic Pt structure (Figures 4.39, 4.42, 

4.45) reported by McAlister and Kahan [1986McA]. Simulations with the JEMS software 

package showed that it was not possible to index any of the experimental diffraction patterns 

of Pt3Al given here (Figure 4.38(b), 4.41(b) and 4.44(b) and others not shown) using the 

tetragonal structure. Indexing was only possible with the cubic Pt3Al phase (Figures 4.40, 

4.43, 4.46 and others not shown). The orientation relationship between matrix (M) and 

precipitate (P) was for many precipitates: [114]M||[114]P; [001]M||[001]P; [103]M||[103]P. 

  

     
                 (a)       (b) 

Figure 4.38. TEM diffraction pattern from nominal Pt78:Al11:Cr6:Ru5 (at.%) of: (a) γ 
matrix, and (b) γ′ precipitate. 
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Figure 4.39. JEMS simulated diffraction of the γ matrix corresponding to experimental 
diffraction in Figure 4.38(a) on the [114] zone axis. 
 

 
 

Figure 4.40. JEMS simulated diffraction of the γ′ precipitate corresponding to 
experimental diffraction in Figure 4.38(b) on the [114] zone axis. 
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                 (a)       (b) 

Figure 4.41. TEM diffraction patterns from nominal Pt78:Al11:Cr6:Ru5 (at.%) of: (a) γ 
matrix, and (b) γ′ precipitate. 
 

 
Figure 4.42. JEMS simulated diffraction of the γ matrix corresponding to experimental 
diffraction in Figure 4.41(a) on the [001] zone axis. 
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Figure 4.43. JEMS simulated diffraction of the γ′ precipitate corresponding to 
experimental diffraction in Figure 4.41(b) on the [001] zone axis. 
 

   
                 (a)       (b) 

Figure 4.44. TEM diffraction patterns from nominal Pt78:Al11:Cr6:Ru5 (at.%) of: (a) γ 
matrix, and (b) γ′ precipitate. 
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Figure 4.45. JEMS simulated diffraction of the γ matrix corresponding to experimental 
diffraction in Figure 4.44(a) on the [103] zone axis. 
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Figure 4.46. JEMS simulated diffraction of the γ′ precipitate corresponding to 
experimental diffraction in Figure 4.44(b) on the [103] zone axis. 

 

4.4 Nanomechanical Properties Studies 

4.4.1 Effect of Indentation Depth on Nanohardness and Elastic Modulus 
 
Preliminary hardness and depth dependence studies were undertaken on two samples. To 

ensure that the testing conditions were suitable for the precipitate volume fraction range to be 

covered, the samples selected were for the two extreme ends of the range, that is, for the high 

and low γ´ volume fractions. Similar results were achieved for both extremes of the range, the 

results for Pt78:Al11:Cr6:Ru5 (at.%), high precipitate volume fraction, and for Pt80:Al14:Cr3:Ru3 
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(at.%), low precipitate volume fraction, are reported here. The reason for the indentation 

depth studies was to obtain an understanding of the depth dependence of the hardness, 

especially for very small phases (e.g. γ´). Preliminary studies of the hardness and indentation 

depth are important to ensure that at the maximum applied load, only the properties of a 

single phase are tested [1992Oli, 1999Gök, 2003Sch2].  

Figure 4.47 shows a load displacement curve of the γ phase at a load of 2.5mN without any 

sign of the pop-in effect. However, it was observed that at loads lower than 2.5mN, the 

indentations were still visible, but the standard deviation was far more than 10%, being up to 

~40% in more than half of the results. The high standard deviation was a result of the pop-in 

effect (Figure 4.48), which is a discontinuity found during loading in the load–displacement 

curve [1992Pag]. These sudden displacement jumps in the force (load)-displacement curve 

result from the transition from pure elastic to elastic-plastic deformation. All the Hertzian-

fitted nanohardness and elastic modulus values were ~20% lower than the 2.5mN and 2.0mN 

curves that showed no pop-in effect. This probably meant that the fitting was not properly 

done, since it was done manually in Microsoft Excel using the raw data from nanoindentation 

measurements. Measurements were also done at 1mN, and also required a Hertzian fit of the 

loading parts, due to the pop-in effect, and similar results to the 2mN load were obtained. The 

results from the 1 and 2mN loads are reported separately in Appendix A, and compared with 

those from the 2.5mN load. The 2.5mN was the lowest load which showed no pop-in effect 

and the standard deviation was lower than the 10% acceptable error limit [2006CSM] when 

testing the individual phases. Thus, further hardness and depth dependence studies were 

carried out using the 2.5mN load, to ensure that only the properties of a single phase were 

tested. 

 

Figure 4.47.  Example of a typical load-displacement curve (P-h curve) obtained during 
nanoindentation of Pt85:Al7:Ru3:Cr5  (at.%) in γ phase at 2.5mN load, showing no pop-in 
effect. 

Loading 

Unloading 
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Figure 4.48. Example of a typical load-displacement curve (P-h curve) obtained during 
nanoindentation of Pt85:Al7:Cr5:Ru3 (at.%) in γ phase at 2.0mN load, showing a pop-in 
event and fitted Hertzian contact curve, with the final indentation depth re-defined, as 
hfi. 

 

The results for hardness against indentation depth for both Pt80:Al14:Cr3:Ru3 (at.%) and 

Pt80:Al14:Cr3:Ru3 (at.%) are shown in Figures 4.49 to 4.52 for the γ´ and γ phases. Each datum 

point represents the average value of indentation depth h and hardness H from 10 

indentations with the same maximum load. The indentations were performed approximately 

in the centre of the precipitates, although this was not always possible. This was because the 

indenter tip would shift slightly to the surrounding regions. Indentations that fell outside the 

precipitate were not included in the calculations, and more indentations were performed that 

were approximately in the centre of the precipitate. For the matrix, it was easier to place the 

indentation in the centre, since the channels were much larger compared to the indentation 

size. 

The γ´ phase hardness was up to around 50% higher (Figures 4.49 and 4.51) than for the γ 

matrix (Figures 4.50 and 4.52), and decreased with increasing indentation depth. Figure 4.53 

shows typical load-displacement curves for the matrix and the precipitates at a maximum 

load of 2.5mN. Five indentations were taken to show the difference of the final contact depth 

between the precipitates and matrix. Each load-displacement curve represents a single 

indentation. At the same applied load, a smaller final contact depth was found for the γ´ 

precipitates, indicating a higher hardness compared to the matrix. This indicates that at the 

maximum applied load of 2.5mN with a maximum indentation depth of 75nm, the properties 

of the γ´ phase were mainly tested, beyond which there was a contribution of the γ phase to 

                   Loading and unloading Hertzian law contact 
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the hardness of γ´. This observation is related to the γ´ precipitate sizes and the strain field 

around the indentations. In Figure 4.49, this was confirmed, since beyond 75nm, there was a 

sudden drop in the hardness of the γ´ phase. These results are important, since they indicated 

that the 2.5mN load could, within reasonable experimental error, indent the γ´ phase with 

only minor influence from the surrounding γ phase. The γ phase was not affected by an 

increase in the indentation depth (Figure 4.50). 

 
Figure 4.49. Nanohardness as a function of indentation depth for the γ´ precipitates in 
Pt78:Al11:Cr6:Ru5 (at.%). 
 

 
Figure 4.50. Nanohardness as a function of indentation depth for the γ matrix in 
Pt78:Al11:Cr6:Ru5 (at.%). 
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Figure 4.51. Nanohardness as a function of indentation depth for γ´ precipitates in 
Pt80:Al14:Cr3:Ru3 (at.%). 

 

Figure 4.52. Nanohardness as a function of indentation depth for γ matrix in 
Pt80:Al14:Cr3:Ru3 (at.%). 
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Figure 4.53. Load-displacement curves for the γ matrix and the γ´ precipitates in 
Pt78:Al11:Cr6:Ru5 (at.%) at a maximum applied load of 2.5mN, showing the final contact 
depth. 

 

It should be noted that in this work, only very small differences of ~5% were observed 

between the reduced elastic modulus (Er) and the true elastic modulus (Es) in this work. In the 

following sections, the modulus of elasticity refers to the true modulus (Es). 

The elastic modulus of Pt78:Al11:Cr6:Ru5 (at.%) and Pt80:Al14:Cr3:Ru3 (at.%) was extracted 

from the same set of load-displacement curves (Section 3.13.3), and is shown in Figures 4.54 

and 4.55. Within experimental error, the elastic modulus for γ´ was in the range 252 - 

270GPa (Figures 4.54 and 4.55). The values for the matrix were slightly lower than for the 

precipitates, 233-246GPa. Neither the matrix nor the precipitates showed any trend as a 

function of the indentation depth. 
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Figure 4.54. Elastic modulus as a function of indentation depth for Pt78:Al11:Cr6:Ru5 
(at.%). 

Figures 4.56 to 4.57 and Figures 4.58 to 4.59 show the nanohardness and elastic modulus of 

the alloys respectively as a function of indentation depth. In these cases, the indentations 

were performed at depths of ~80nm to 400nm in order to obtain a depth resolved 

nanohardness and elastic modulus of the alloy. Larger loads of ~150mN were used to give 

larger indentation depths. At indentation depths less than ~240nm, both the hardness and 

elastic modulus were not significantly affected by the indentation depth, but for indentation 

depths greater than ~240nm, the nanohardness and elastic modulus decreased.     

 
Figure 4.55. Elastic modulus as a function of indentation depth for Pt80:Al14:Cr3:Ru3 
(at.%). 
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Figure 4.56. Alloy overall nanohardness as a function of the indentation depth for 
Pt78:Al11:Cr6:Ru5  (at.%). 

 

Figure 4.57. Alloy overall nanohardness as a function of the indentation depth for 
Pt80:Al14:Cr3:Ru3  (at.%). 
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Figure 4.58. Alloy overall elastic modulus as a function of the indentation depth for 
Pt78:Al11:Cr6:Ru5 (at.%).               

 

Figure 4.59. Alloy overall elastic modulus as a function of the indentation depth for 
Pt80:Al14:Cr3:Ru3 (at.%).     

                                   

 
 

El
as

tic
 m

od
ul

us
 (G

Pa
) 

 
 

156 



4.4.2 Nanohardness and Elastic Modulus: Matrix, Precipitates and 
Overall Alloy 
 
Figure 4.60 shows AFM images of the indentations in Pt80:Al14:Cr3:Ru3 (at.%) at a load of 

2.5mN. In some cases, the precipitates were too small and part of the indentation (circle A in 

Figure 4.60) was outside the precipitate. Figure 4.61 shows residual indentations where the 

precipitate size was about twice the indentation size. Nanohardness measurements of the γ´ 

phase were taken on regions where the residual indentations were well within the precipitate 

(circle A in Figure 4.61). 

Table 4.16 shows the nanohardness and elastic modulus results for the γ´ and γ phases. The 

standard deviation of the precipitate nanohardness was slightly larger than that of the matrix 

phase (possibly due to the surface roughness as standing proud of the surrounding matrix 

would induce rounding of the precipitate during polishing and result in an under-valued 

hardness) as the γ´ phase was normally higher than the γ phase [1999Gök, 1992Oli]. 

Comparison of the nanohardness values clearly shows that the γ´ phase had a higher 

nanohardness than the matrix, 21 to 68%, depending in the alloy composition (Table 4.16). In 

contrast, within experimental error, no difference was found between the elastic modulus of 

the matrix or γ´ precipitates (Table 4.16).   

        
(a)       (b) 

Figure 4.60. AFM images of Pt80:Al14:Cr3:Ru3 (at.%), showing ~Pt3Al precipitates 
(dark) in a (Pt) matrix (light) with indentations (black triangles) performed with a 
Berkovich tip at an applied load of 2.5mN, and an example of an indentation in ~Pt3Al 
is marked A: (a) height difference, and (b) contrast difference.  
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(a)       (b) 

Figure 4.61. AFM images of Pt80:Al11:Cr3:Ru6 (at.%), showing ~Pt3Al precipitates 
(dark) in a (Pt) matrix (light) with nanoindentations (black triangles) performed with a 
Berkovich tip at an applied load of 2.5mN, and an example of an indentation in ~Pt3Al 
is marked A: (a) height difference, and (b) contrast difference. 
  
 

Table 4.16. Nanohardnesses and elastic moduli calculated at final contact depth and 
maximum applied load 2.5mN for the different heat treated alloys. 

Nominal composition 
(at.%) 

Nanohardness (GPa) Elastic Modulus (GPa) 
γ´ phase γ phase γ´ phase γ phase 

Pt82:Al12:Cr4:Ru2 11.4 ± 0.9 7.3 ± 0.6 259.7 ± 23.7 233.3 ± 21.8 
Pt85:Al7:Cr5:Ru3 12.1 ± 0.8 9.0 ± 0.7 271.8 ± 25.7 241.6 ± 18.4 
Pt80:Al11:Cr3:Ru6 11.1 ± 0.9 8.3 ± 0.6 258.4 ± 19.8 238.7 ± 23.3 
Pt80:Al14:Cr3:Ru3 12.6 ± 1.1 7.5 ± 0.4 273.9 ± 24.3 236.7 ± 21.6 
Pt78:Al11:Cr8:Ru3 11.8 ± 0.7 8.1 ± 0.5 263.2 ± 24.4 237.2 ± 19.7 
Pt78:Al11:Cr6:Ru5 11.0 ± 0.5 9.1 ± 0.7 269.4 ± 23.5 243.5 ± 16.4 

 

Due to the relatively large channels of the γ phase in some areas of the microstructure, it was 

possible to measure the γ phase hardness at 5mN load, so that the indentation size was still 

small enough to measure the γ phase nanohardness without overlapping into the surrounding 

γ´ phase. TEM showed that, for Pt78:Al11:Cr6:Ru5 and Pt85:Al7:Cr5:Ru3 (at.%), the precipitates 

were closely spaced and in order to prevent errors in the measurement of the γ phase, regions 

with widely spaced precipitates were selected to be precipitate-free when observed under the 

AFM (Section 3.13.1). Table 4.17 gives a summary of the nanohardness and elastic modulus 

results calculated at a load of 5mN for the different alloys. The 2.5mN (Table 4.16) and 5mN 
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(Table 4.17) loads for the γ phase gave similar results. The combined results of the two loads 

(2.5mN and 5mN) for the γ phase are shown in Appendix B for ease of comparison. 

The overall alloy hardnesses and elastic modulus were measured at loads of 10mN and 

20mN. A load of 10mN was chosen so that the properties could be compared directly with 

the Pt-Al-Cr-Ni-Re alloys by Nikulina et al. [2010Nik]. The areas where the indentations 

were placed were successfully selected to ensure that the areas looked similar to avoid 

discrepancies. 

Table 4.17. Nanohardnesses and elastic moduli for the γ phase calculated at final 
contact depth and maximum applied load of 5mN for the different heat treated alloys. 

Nominal composition 
(at.%) 

Nanohardness (GPa) Elastic Modulus (GPa) 

Pt82:Al12:Cr4:Ru2 7.9 ± 0.6 238.6 ± 23.1 
Pt85:Al7:Cr5:Ru3 8.8 ± 0.7 239.7 ± 21.8 
Pt80:Al11:Cr3:Ru6 8.5 ± 0.8 239.6 ± 20.9 
Pt80:Al14:Cr3:Ru3 7.5 ± 0.7 236.5 ± 22.4 
Pt78:Al11:Cr8:Ru3 7.8 ± 0.9 237.3 ± 21.6 
Pt78:Al11:Cr6:Ru5 9.3 ± 0.4 241.9 ± 22.4 

 

Figures 4.62 and 4.63 show AFM images of the indentations at loads of 10 and 20mN, with 

larger indentations at 20mN. Figure 4.62 also shows how at a load of 10mN the alloy’s 

overall nanohardness can be misinterpreted if the precipitate volume fraction is too small, 

because the indenter could be on a region that is almost free of precipitates as shown in the 

dotted circles. Thus, care was taken to ensure the indented area had precipitates, especially 

for alloys with smaller precipitate volume fractions. 

The nanohardness results for both the 10mN and 20mN loads are given in Table 4.18, 

showing indentical alloy hardnesses within experimental error. The standard deviation of the 

20mN hardness was smaller than for 10mN. The elastic moduli (Table 4.19) were identical 

within experimental error for 10mN, 20mN and 100mN loads and no major differences 

between the standard deviations were observed. 

 

 
 

159 



           
(a)        (b) 

Figure 4.62. AFM images of Pt80:Al14:Cr3:Ru3 (at.%), showing ~Pt3Al precipitates 
(dark) in a (Pt) matrix (light) with nanoindentations for the alloy hardness, performed 
with a Berkovich tip at an applied load of 10mN: (a) height difference, and (b) contrast 
difference, where circles (similar in size to the indentations) indicate regions that are 
almost precipitate-free. 
 
  

         
(a)        (b) 

Figure 4.63. AFM images of Pt82:Al12:Cr4:Ru2 (at.%), showing ~Pt3Al precipitates 
(dark) in a (Pt) matrix (light) with nanoindentations for the alloy hardness, performed 
with a Berkovich tip at applied loads of 10 and 20mN, revealing material pile-up: (a) 
height difference, and (b) contrast difference. 
 
 
 
 
 

Material pile up 
(white region) 

 
 

160 



Table 4.18. Nanohardnesses for heat treated Pt-based samples at maximum loads of 
10mN, 20mN and 100mN. 

Nominal composition 
(at.%) 

Nanohardness (GPa) at maximum 
loads (mN) 

Approximate γ´ 
volume fraction (%) 

10 20 100 
Pt82:Al12:Cr4:Ru2 7.3 ± 0.7 7.4 ± 0.3 7.4 ± 0.2 26 ± 7  
Pt85:Al7:Cr5:Ru3 8.8 ± 0.8 9.1 ± 0.5 9.0 ± 0.3 45 ± 6 
Pt80:Al11:Cr3:Ru6 7.5 ± 0.6 7.4 ± 0.4 7.5 ± 0.4 15 ± 4 
Pt80:Al14:Cr3:Ru3 7.2 ± 0.6 7.1 ± 0.4 7.1 ± 0.2 13 ± 8 
Pt78:Al11:Cr8:Ru3 7.1 ± 0.5 7.4 ± 0.3 7.4 ± 0.3 34 ± 9 
Pt78:Al11:Cr6:Ru5 9.0 ± 0.7 8.8 ± 0.2 9.2 ± 0.3 51 ± 6 

 
Table 4.19. Alloy elastic moduli for heat treated Pt-based samples at maximum loads of 
10mN, 20mN and 100mN. 

Nominal composition 
(at.%) 

Elastic Modulus (GPa) at maximum loads 
(mN) 

Approximate γ´ 
volume 

fraction (%) 
10 20 100 

Pt82:Al12:Cr4:Ru2 180.5 ± 16.2  177.1 ± 15.3 184.3 ± 12.8 26 ± 7  
Pt85:Al7:Cr5:Ru3 196.2 ± 17.8 193.7 ± 14.2 195.7 ± 13.4 45 ± 6 
Pt80:Al11:Cr3:Ru6 168.4 ± 12.1 177.5 ± 13.7 174.4 ± 10.2 15 ± 4 
Pt80:Al14:Cr3:Ru3 195.2 ± 14.7 197.3 ± 17.6 192.8 ± 11.6 13 ± 8 
Pt78:Al11:Cr8:Ru3 185.1 ± 17.4 191.7 ± 14.7 189.1 ± 13.3 34 ± 9 
Pt78:Al11:Cr6:Ru5 208.7 ± 19.1 210.9 ± 16.1 209.7 ± 15.5 51 ± 6 

 

In order to give a good approximation of the nanohardness as a function of the γ´ volume 

fraction, the maximum load was increased to 100mN, in 5mN stages, after which there were 

no noticeable changes in the nanohardness and elastic modulus compared to the 10 and 20mN 

loadings (Figure 4.64(a)). Figure 4.64(b) shows declustered points at a load of 10mN and 

100mN and suggests that generally the nanohardness measurement error decreased with 

increasing load. 

A plot of the nanohardness and γ´ volume fraction (from image analysis) shows that 

Pt78:Al11:Cr6:Ru5 and Pt85:Al7:Cr5:Ru3 (at.%) had the highest nanohardness, which 

corresponded to the higher γ´ volume fractions (Figure 4.65), and the curve had a sigmoidal 

shape. According to Joslin and Oliver et al. [1990Jos, 1992Oli, 2004Oli] for an alloy with 

two phases, and where the second phase average diameter was ~1µm, a nanohardness 

measured at 100mN gave a good approximate of the alloy’s nanohardness. At this load, the 

indentations were larger and the probability of not having precipitates included was 

minimised. However, the results might not be valid because of the size of the precipitates. 
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Thus, it was assumed that at a maximum load of 100mN, the nanohardness of the alloy, as 

function of the γ´ phase volume fraction, gave a good approximation of the alloys’ 

nanohardness. In the present work, some of the precipitates were smaller than 1µm, while in 

some cases the γ´ precipitates were ~1µm and slightly larger, thus for measuring the elastic 

modulus using the different loads (10, 20 and 100mN) larger γ´ precipitates were carefully 

selected. The elastic modulus did not show any major dependence on the γ´ volume fraction 

(Figure 4.66). The highest elastic modulus was observed at the highest γ´ volume fraction, 

although the values were very similar. 

In an attempt to study the effect of subgrain boundaries on the nanohardness, a load of 20mN 

was used to measure the nanohardness at subgrain boundaries by indenting the subgrain 

boundary (Table 4.20). Figure 4.67 shows an AFM image of the indentation on a sub-grain 

boundary. The nanohardness along the subgrain boundary was similar to the surrounding 

regions (Table 4.18). 

Table 4.20. Nanohardnesses and elastic moduli of Pt-based alloys at subgrain 
boundaries for a maximum applied load of 20mN. 

Nominal composition 
(at.%) 

Nanohardness (GPa) Elastic Modulus (GPa) 

Pt82:Al12:Cr4:Ru2 7.7 ± 0.4 179.4 ± 14.2 
Pt85:Al7:Cr5:Ru3 8.9 ± 0.5 191.9 ± 18.2 
Pt80:Al11:Cr3:Ru6 7.5 ± 0.3 180.1 ± 17.1 
Pt80:Al14:Cr3:Ru3 6.9 ± 0.4 196.8 ± 16.9 
Pt78:Al11:Cr8:Ru3 7.3 ± 0.7 190.1 ± 14.7 
Pt78:Al11:Cr6:Ru5 9.1 ± 0.4 212.2 ± 20.8 
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Figure 4.64. (a) Nanohardness of Pt-based alloys at different loads, and (b) 
Nanohardness of Pt-based alloys at loads of 10 and 100mN to show clearly the error 
bars, where A1 = Pt82:Al12:Cr4:Ru2, A2 = Pt85:Al7:Cr5:Ru3, A3 = Pt80:Al11:Cr3:Ru6, A4 = 
Pt80:Al14:Cr3:Ru3, A5 = Pt78:Al11:Cr8:Ru3, and A6 = Pt78:Al11:Cr6:Ru5 (at.%). 
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Figure 4.65. Effect of γ´ volume fraction (from SEM) on nanohardness of Pt-based 
alloys at a maximum load of 100mN. 

 

Figure 4.66. Effect of γ´ volume fraction (from SEM) on elastic moduli at a maximum 
load of 100mN for Pt-based alloys.  
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(a)        (b) 

Figure 4.67. AFM images of Pt80:Al11:Cr3:Ru6 (at.%), showing ~Pt3Al precipitates 
(dark) in a (Pt) matrix (light) with nanoindentations for the alloy hardness, performed 
with a Berkovich tip at an applied load of 20mN: (a) height difference, and (b) contrast 
difference.  
 

Tables 4.21 to 4.23 show a summary of the EDX compositions and nanohardness of the γ´, γ 

and overall alloy compositions. The analyses of Pt, Al, Cr and Ru quoted in Tables 4.21 to 

4.23 are the average of five determinations on different areas. Within experimental error, the 

measured nanohardness of the γ´ precipitates was the same in all six alloys, the nanohardness 

of the γ matrix for the alloys was smaller, while the alloy nanohardness was highest for 

Pt85:Al7:Cr5:Ru3 and Pt78:Al11:Cr6:Ru5 (at.%), measuring at least 10% higher than the other 

alloys. 

Table 4.21. EDX analyses (at.%) and nanohardnesses of γ´ measured at 2.5mN on heat 
treated samples. 

 Nominal composition 
(at.%) 

γ´ compositions (at.%)  γ´ 
nanohardness 

(GPa) Pt Al Cr Ru 
Pt82:Al12:Cr4:Ru2 78.3 ± 0.5 18.7 ± 0.5 2.5 ± 0.3 0.5 ± 0.2 11.4 ± 0.9 
Pt85:Al7:Cr5:Ru3 76.1 ± 0.2 20.6 ± 0.4 2.2 ± 0.3 1.1 ± 0.4 12.1 ± 0.8 
Pt80:Al11:Cr3:Ru6 78.4 ± 0.4 17.5 ± 0.3 2.7 ± 0.4 1.4 ± 0.1 11.1 ± 0.9 
Pt80:Al14:Cr3:Ru3 78.2 ± 0.2 18.3 ± 0.2 2.5 ± 0.1 1.0 ± 0.2 12.6 ± 1.1 
Pt78:Al11:Cr8:Ru3 76.9 ± 0.6 20.0 ± 0.6 2.2 ± 0.1 0.9 ± 0.3 11.8 ± 0.7 
Pt78:Al11:Cr6:Ru5 80.4 ± 0.7 16.4 ± 0.7 2.3 ± 0.3 0.9 ± 0.4 10.9 ± 0.5 
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Table 4.24 shows measurements obtained from larger (>0.5µm) and smaller (≤0.5µm) γ´ 

precipitates and Table 4.25 shows nanoindentation measurements performed on regions of 

narrow (≤1µm) and broad (>1µm) matrix channels. Within experimental error, the larger and 

smaller γ´ precipitates yielded the same nanohardness for a given alloy as did the broad and 

narrow γ channels. The nanohardness of the larger γ´ precipitates was greater than that of the 

broad γ channels in all six alloys. 

Table 4.22. EDX analyses (at.%) and nanohardnesses of γ matrix measured at 2.5mN on 
heat treated samples. 

Nominal composition 
(at.%) 

γ compositions (at.%)  γ 
nanohardness 

(GPa) Pt Al Cr Ru 
Pt82:Al12:Cr4:Ru2 86.5 ± 0.8 6.7 ± 0.4 4.6 ± 0.5 2.2 ± 0.3 7.3 ± 0.6 
Pt85:Al7:Cr5:Ru3 84.3 ± 0.6 7.4 ± 0.6 5.6 ± 0.3 2.7 ± 0.4 9.0 ± 0.7 
Pt80:Al11:Cr3:Ru6 84.9 ± 0.7 8.3 ± 0.3 5.1 ± 0.3 1.7 ± 0.2 8.3 ± 0.6 
Pt80:Al14:Cr3:Ru3 86.2 ± 0.9 9.0 ± 0.4 3.6 ± 0.4 1.2 ± 0.3 7.5 ± 0.4 
Pt78:Al11:Cr8:Ru3 84.2 ± 0.8 7.6 ± 0.6 6.1 ± 0.5 2.1 ± 0.6 8.1 ± 0.5 
Pt78:Al11:Cr6:Ru5 83.6 ± 0.6 9.0 ± 0.8 5.1 ± 0.4 2.3 ± 0.3 9.1 ± 0.7 

 
Table 4.23. EDX analyses (at.%) and nanohardnesses of heat treated alloys measured at 
100.0mN. 

Nominal composition 
(at.%) 

Heat treated alloy compositions (at.%) Alloy 
nanohardness 
(GPa) Pt Al Cr Ru 

Pt82:Al12:Cr4:Ru2 83.4 ± 0.6 8.7 ± 0.4 5.0 ± 0.3 2.9 ± 0.3 7.4 ± 0.2 
Pt85:Al7:Cr5:Ru3 83.0 ± 0.7 9.2 ± 0.7 4.7 ± 0.2 3.1 ± 0.4 9.0 ± 0.3 
Pt80:Al11:Cr3:Ru6 83.8 ± 0.8 8.5 ± 0.5 3.5 ± 0.5 4.2 ± 0.4 7.5 ± 0.4 
Pt80:Al14:Cr3:Ru3 84.2 ± 0.9 8.2 ± 0.4 4.3 ± 0.2 3.3 ± 0.3 7.1 ± 0.2 
Pt78:Al11:Cr8:Ru3 82.9 ± 0.6 7.8 ± 0.6 7.1 ± 0.6 2.2 ± 0.5 7.4 ± 0.3 
Pt78:Al11:Cr6:Ru5 82.0 ± 0.4 9.9 ± 0.3 5.4 ± 0.3 2.7 ± 0.2 9.2 ± 0.3 

 
Table 4.24. Nanohardnesses of larger (>0.5µm) and smaller (≤0.5µm) γ´ precipitates 
measured at 2.5mN on heat treated samples. 

 
Nominal composition (at.%) 

Nanohardness (GPa) 
Larger γ´ Smaller γ´ 

Pt82:Al12:Cr4:Ru2 11.4 ± 0.9 10.7 ± 3.9 
Pt85:Al7:Cr5:Ru3 12.1 ± 0.8 10.9 ± 4.1 
Pt80:Al11:Cr3:Ru6 11.1 ± 0.9 9.4 ± 4.9 
Pt80:Al14:Cr3:Ru3 12.6 ± 1.1 9.9 ± 3.6 
Pt78:Al11:Cr8:Ru3 11.8 ± 0.7 9.1 ± 5.1 
Pt78:Al11:Cr6:Ru5 11.0 ± 0.5 9.6 ± 4.7 
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Table 4.25. Nanohardnesses of narrow (≤1µm) and broad (>1µm) γ matrix channels 
measured at 2.5mN on heat treated samples. 

 
Nominal composition (at.%) 

Nanohardness (GPa) 
Broad γ channels Narrow γ channels 

Pt82:Al12:Cr4:Ru2 7.4 ± 0.5 7.2 ± 0.7 
Pt85:Al7:Cr5:Ru3 9.0 ± 0.8 9.2 ± 0.3 
Pt80:Al11:Cr3:Ru6 8.3 ± 0.5 8.0 ± 0.8 
Pt80:Al14:Cr3:Ru3 7.5 ± 0.6 7.7 ± 0.6 
Pt78:Al11:Cr8:Ru3 8.1 ± 0.7 8.3 ± 0.5 
Pt78:Al11:Cr6:Ru5 9.1 ± 0.6 8.8 ± 0.4 
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CHAPTER FIVE 

5. DISCUSSION 
 

5.1 XRD, OM, SEM, AFM and IMAGE ANALYSIS STUDIES 
 

5.1.1 OM and SEM Microstructures and XRD 
 
XRD showed the presence of (Pt) and both cubic and tetragonal ~Pt3Al and agreed with 

previous work for the quaternary alloys [2008Sho1, 2008Sho2, 2009Sho1, 2009Sho2]. The 

peaks of the pure phases from the ICDD database [2003Xpe] were compared against each 

other. This showed that all the peaks unique to (Pt) and L12 - ~Pt3Al phase could be matched 

by the XRD spectra for all six samples (Tables 4.1(a) and (b)). For the DO′c - ~Pt3Al phase, 

some of its unique peaks could not be found in the XRD spectra (Table 4.1(c)). Thus, TEM 

work was therefore considered necessary to ascertain which ~Pt3Al phase was present. TEM 

found evidence only of the cubic phase in the alloys. While some of the peaks unique to DO′c 

- ~Pt3Al could not be found in the XRD spectra, XRD also identified peaks that were unique 

to DO′c - ~Pt3Al. Thus, XRD identified the structure as DO′c - ~Pt3Al, similar to previous 

findings of Shongwe [2009Sho1]. However, this conclusion is subject to uncertainties, 

because, according to Biggs [2001Big2], it is possible to pick up peaks in XRD that belong 

only to the L12 - ~Pt3Al phase, only if very extended time scans with very small steps size are 

employed, although this is difficult. This raises the question whether there are potentially 

further X-ray peaks possible from the current alloys that belong only to the L12 - ~Pt3Al. 

While TEM found evidence only of the cubic phase, TEM only samples thin, relatively small 

areas of the material. In constrast, XRD collects from much larger and thicker regions of the 

material. This leaves uncertainties regarding the crystallographic structure of the precipitates 

and recommendations are suggested in Section 6 to investigate this further, such as increasing 

the scanning time and using Reitveld refinement. 

In an additional attempt to determine whether the L12 - ~Pt3Al or DO′c - ~Pt3Al was present 

in the Pt-Al-Cr-Ru alloys, the method used by Biggs [2001Big2] was employed, and is shown 

in Appendix D. Biggs [2001Big2] identified several potential regions on the XRD spectra 

where possible distinctions could be made between the L12 - ~Pt3Al and DO′c - ~Pt3Al 

phases. Experimental XRD spectra were collected over a range of samples with different 
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compositions to test the reliability of the technique. A correlation between the method and 

experimental data was seen by Biggs [2001Big2]. Steps 1 to 4 were used in the current work 

(adopted from Biggs [2001Big2]) to distinguish between the two forms of Pt3Al. Each of the 

Pt-Al-Cr-Ru alloys XRD spectra was checked against Steps 1 to 4 (Table 5.1). A “Y” 

indicates that the DO′c - ~Pt3Al is possibly in the alloys, while a “N” indicates the possible 

presence of the L12 - ~Pt3Al. Not all the peaks identified by Biggs [2001Big2] were present in 

the XRD spectra, particularly all of the peaks of Steps 1 and 2, and some of Step 3. This 

makes the results inconclusive, since the absence of the peaks in Steps 1 and 2 implies the 

presence of the L12 Pt3Al phase, while Step 4 implies the opposite, as some splitting was 

observed. Although the results are inconclusive, they could imply the presence of both the 

L12 - and DO′c - ~Pt3Al phases in the Pt-Al-Cr-Ru alloys. However, it must be remembered 

that Biggs [2001Big2] used this technique on binary and ternary alloys, whereas these are 

quaternary alloys.  

 

Table 5.1. Examination of Pt-Al-Cr-Ru alloys XRD spectra using the methodology of 
Biggs [2004Big2]. 

 Steps  Figure 4.1  Figure 4.2  Figure 4.3  Figure 4.4  Figure 4.5  Figure 4.6 
 Step 1  N  N  N  N  N N 
 Step 2  N  N  N  N  N N 
 Step 3  N  N  N  N  N N 
 Step 4  N  Y  Y  Y  N N 
Step 1: Edge of peaks at 2θ = 21°, 30° and 35° shows DO′c - ~Pt3Al 

Step 2: Examine 2θ = 21° to 31°, peaks at 2θ = 24°, 26° and 28°, splitting or doublets  

            shows DO′c - ~Pt3Al 

Step 3: Examine 2θ = 39° to 45°, peaks at 2θ = 40°, 43° and 44°, splitting or doublets   

            shows DO′c - ~Pt3Al 

Step 4: Examine 2θ = 46° to 54°, peaks at 2θ = 47°, 49° and 53°, splitting or doublets  

            shows DO′c - ~Pt3Al 

 

Before etching, the precipitates in alloys Pt78:Al15.5:Cr4.5:Ru2, Pt80:Al14:Cr3:Ru3 and 

Pt80:Al11:Cr4:Ru5 (at.%) were not discernable by both OM and SEM, although XRD did 

confirm the presence of ~Pt3Al precipitates [2009Sho1]. Etching resulted in a large 

improvement in contrast, allowing visualization of the precipitates and general microstructure 

as well as revealing a eutectic in Pt82:Al12:Cr4:Ru2 (at.%). In Pt78:Al11:Ru8:Cr3 (at.%) after 

etching (Figure 5.1(b)), a eutectic and a higher precipitate volume fraction and precipitate 
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alignment was observed, whereas no eutectic was observed before etching (Figure 5.1(a)). 

However, the identification of the eutectic after etching could have also been due to the 

samples being inhomogeneous, which has already been seen in the TEM studies. In Figure 

4.8(a), the circular feature is similar to that observed in Figure 4.13(b). It is thought that the 

formation of the hole is related to the eutectoid, since the eutectoid originated from the 

eutectic which should have been the last to solidify and separation of the eutectic from the 

surrounding region could have been caused by shrinkage. 

        
   (a)                                                                    (b) 
Figure 5.1. SEM-BSE images of annealed nominal Pt78:Al11:Cr3:Ru8 (at.%) showing 
~Pt3Al precipitates in light (Pt) matrix [2008Sho1, 2009Sho1]: (a) before etching, and 
(b) after etching, now showing a eutectic as well. 
 
Thus, successful etching of the alloys for the current work using the etching method of Odera 

et al. [2012Ode] enabled the microstructure to be seen clearly for the first time in these 

alloys. This is important because now the quaternary alloys could be safely etched to achieve 

good constrast in both OM and SEM. The electrolytic etching of Pt-Al based alloys carried 

out in an aqueous KCN solution had serious health and safety concerns which has been 

eliminated by using the method of Odera et al. [2012Ode].   

The observation of both the eutectoid (Figure 4.7(a)) and the coarsened eutectic (Figure 

4.7(b) and (c)) was unexpected in the same annealed sample. This must mean that the 

eutectoid was stabilized (thus, not coarsening perceptibly), whereas the eutectic was not 

stabilized. This also demonstrates that these regions in the nominal Pt82:Al12:Cr4:Ru2 (at.%) 

alloy had different compositions (Table 4.2) (i.e. the sample was still inhomogeneous, despite 

annealing) and reacted differently. It also demonstrates that the eutectoid temperature for the 

alloy was lower than the last annealing temperature of 1100°C. Any alloy which has 

eutectic/eutectoid areas must have had these regions after the solution treatment, suggesting 

that the composition was not ideal, as the microstructure should have all been (Pt) after the 
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solution treatment. Thus, the alloys probably had too much aluminium for the solution 

treatment to be successful. Considering that the eutectic of the Pt-Al binary is at 1507°C 

[1986McA, 1987Oya] (although the temperature will be different for these alloys with more 

components), a better solution treatment temperature might be ~1450°C to ensure that there 

was no local melting, which appeared to have occurred in at least some of the samples of this 

study (e.g. Pt82:Al12:Cr4:Ru2 (at.%)). Using differential scanning calorimetry (DSC) was 

considered in order to determine the Pt-Al eutectic temperature which could assist in 

choosing the correct heat treatment temperature, but none were available during the course of 

the study. For a similar composition, Pt81.5:Al11.5:Cr4.5:Ru2.5 (at.%) (Figure 4.8 (d) and (e)), 

there were larger precipitates at the grain boundaries, which did not appear to be either 

eutectic or eutectoid, suggesting a different reaction, or possible melting, or coarsening. 

Larger precipitates were found to form by coarsening or coalescing, such as in 

Pt81.5:Al11.5:Cr4.5:Ru2.5 and Pt80:Al11:Cr4:Ru5 (at.%). Durand-Charre [1997Dur] made a similar 

observation for heat treated NBSA AM1, where the close cuboid precipitates subsequently 

coalesced (Figure 5.2). However, when the homogenizing treatment was prolonged to 50 

hours and more, this phenomenon completely disappeared. Thus, in the current work, it is 

thought that the possible coarsening or coalescing of the precipitates could have been an issue 

of the heat treatment not being the right temperature rather than having the heat treatment for 

a prolonged time. The combined effects of an inappropriate temperature and heat treating the 

sample at that temperature would have worsened the situation. Vorberg et al. [2004Vor] 

reported that for Pt78.5:Al12.5:Cr3:Ni6 (at.%) after air cooling, there was a fine distribution of 

precipitates, while after furnace cooling, there was a mixture of very fine and large 

precipitates. The large particles formed by coarsening of the small ones. This further suggests 

that the larger precipitates observed in the current work could be by coarsening of the small 

precipitates that took place during heat treatment, even though the samples were not furnace 

cooled. Similar observations have been made in nickel-based superalloy GH742 by Hongyu 

et al. [2010Hon] for furnace cooled samples from 1050°C.  
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                               (a)                                          (b)                                         (c) 
Figure 5.2. Schematic illustration of the formation of γ′ platelets: (a) alignment of γ′ 
particles to minimise misfit stresses, followed by coalescence to reduce interface area, 
widening some matrix corridors, facilitating dislocation movement, (b) continued 
coalescence and formation of dislocation networks, and (c) final coalescence and 
complete loss of coherence [1997Dur].  

 

5.1.2 SEM and AFM Image Analysis 
 
Table 5.2 shows the image analysis results of all the alloys. Previously and before etching 

[2009Sho1], some alloys had ~Pt3Al which was indiscernible and hence the volume fractions 

could not be determined. The volume fractions found by image analysis on etched samples 

were higher than those of the grid placement method [2009Sho1]. This was expected, since 

the contrast before etching between the (Pt) and ~Pt3Al phases was poor, and secondly, the 

grid method is very simplistic [2009Sho1]. Wenderoth et al. [2005Wen1] did image analysis 

on Pt-based superalloys with Ni additions (Pt79:Al14:Cr3:Ni4, Pt77:Al14:Cr3:Ni6 and 

Pt75:Al14:Cr3:Ni8 (at.%)), and the ~Pt3Al volume fraction was found to be in the range 23 to 

30%. For determination of the ~Pt3Al volume fractions in the Pt-Al-Cr-Ni alloys, the ~Pt3Al 

particles were marked manually in several digital SEM micrographs for each alloy 

[2005Wen1]. The digital SEM micrographs were successively converted into binary images 

by means of standard Photoshop software. The ~Pt3Al area fraction was given by the number 

of pixels belonging to ~Pt3Al divided by the number of pixels in the entire micrograph 

[2005Wen1]. The major difference between the method used by Wenderoth et al. 

[2005Wen1] and the one used in the current work is the manual marking of precipitates in the 

method used by Wenderoth et al. [2005Wen1], while identification of phases was part of the 

package in the Olympus stream image analysis software, version 1.3 [2011Oly]. Manual 

marking of precipitates could introduce human error, resulting in over and/or under 

estimation of the ~Pt3Al volume fraction. Later work on the Pt-Al-Cr-Ni system by 
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Wenderoth et al. [2006Wen2] and Völkl et al. [2006Völ] gave a volume fraction of 51% for 

both  Pt77:Al12:Cr6:Ni5 and Pt76:Al12:Cr6:Ni6 (at.%). The ~Pt3Al volume fraction of the etched 

sample Pt78:Al11:Cr6:Ru5 (at.%) was, within experimental error, similar to the highest volume 

fraction found in the Pt-Al-Cr-Ni [2006Wen1, 2006Völ]. Another study of the Pt-Al-Cr-Ni 

system with Re additions [2007Wen] gave a volume fraction of 57% for Pt75:Al12:Cr6:Ni5:Re2 

(at.%), which, within experimental error, was similar to Pt78:Al11:Cr6:Ru5 (at.%). 

 
Table 5.2. Approximate ~Pt3Al volume fractions from previous work [2009Sho1], 
compared to re-measured previous samples (after repolishing and etching) and newly-
prepared etched alloys. 

 
 Nominal  

composition (at.%) 

Approximate ~Pt3Al volume fraction (%) 

Grid placements 
[2009Sho1] 

Previous samples 
after etching, re-

measured by 
Olympus 

Newly 
prepared, 
Olympus 

Newly 
prepared, 

WSxM-AFM 

Pt78:Al15.5:Cr4.5:Ru2 ~Pt3Al  indiscernible  13 ± 4 - - 

Pt80:Al14:Cr3:Ru3 ~Pt3Al  indiscernible  17 ± 3 13 ± 8 19 ± 4 

Pt81.5:Al11.5:Cr4.5:Ru2.5 12 ± 6  22 ± 6 - - 

Pt82:Al12:Cr4:Ru2 10 ± 5  27 ± 7 26 ± 7 31 ± 7 

Pt84:Al11:Cr3:Ru2 12 ± 5  24 ± 4 - - 

Pt85:Al7:Cr5:Ru3 27 ± 6  41 ± 8 45 ± 6 48 ± 8 

Pt80:Al11:Cr4:Ru5 ~Pt3Al indiscernible  18 ± 4 - - 

Pt80:Al11:Cr6:Ru3 10 ± 5  16 + 3 - - 

Pt80:Al11:Cr3:Ru6 6 ± 4  21 ± 6 15 ± 4 20 ± 5 

Pt78:Al11:Cr6:Ru5 24 ± 3  40 ± 5 51 ± 6 57 ± 9 

Pt78:Al11:Cr8:Ru3 20 ± 3  31 ± 7 34 ± 9 38 ± 6 

Pt78:Al11:Cr3:Ru8 10 ± 5  28 ± 8 - - 
 

The WSxM (AFM) and Olympus software (SEM) for the etched newly-prepared samples 

results agreed well (Table 5.2), indicating that the WSxM 4.0 software can be used to 

estimate the ~Pt3Al volume fraction from AFM images. Sobchenko et al. [2007Sob] have 

also estimated the volume fraction of second phase particles using the WSxM 4.0 software 

from AFM images.  

Figure 5.3 shows a strong correlation for the relationship of the precipitate volume fraction 

decreasing with increasing Pt content. The error bars for data points A, B and C overlap, thus 

it cannot be said that A is better than B in terms of volume fraction. Similarly, it cannot be 

said that A and B are better than C in terms of platinum contents. Thus, the error bars indicate 
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that the uncertainty in the data means these three points cannot be distinguished. Pt-Al-Cr-Ni 

alloys were reported to have γ´ volume fractions of 51-57% [2006Völ, 2007Wen] (indicated 

by dotted lines on Figure 5.3) and only one alloy in the current study falls within this range: 

A = Pt78:Al11:Cr6:Ru5 (at.%). Even for Alloy B (Pt85:Al7:Cr5:Ru3 (at.%)), only the extreme top 

part of the error bar falls within the 51-57% γ´ volume fraction range, and so it cannot 

qualify.  

 
Figure 5.3. Relationship between overall Pt content (at.%) and precipitate volume 
fraction (measured from SEM images), showing a strong correlation with the γ´ volume 
fraction decreasing with increasing Pt content.  
 

5.2 Transmission Electron Microscopy Studies 

5.2.1 TEM Microstructural Characterisation 
 

The precipitates of the six Pt-based superalloys were evaluated by TEM to primarily 

determine the precipitate structure, morphology and to give an indication of their distribution. 

A large range of precipitate morphologies and sizes was found in the different alloys. 

 

5.2.1.1 Nominal Pt82:Al12:Cr4:Ru2 (at.%) 
 
Figure 4.16 of Pt82:Al12:Cr4:Ru2 (at.%) is representative of some areas of the sample, while 

other regions were found to have an entirely different microstructure and precipitate volume 

y = -18.956x + 1608.1 
 R2 = 0.8819  

A B 

C 

Pt-Al-Cr-Ni target 51-57% 
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fraction (Figures 4.17 and 4.18). The precipitate volume fraction was estimated to be 75 ± 6% 

by the grid method [1988Exn, 1999Rus] in this TEM somewhat localised area. The TEM 

volume fraction results compared to those of SEM and AFM are much higher, and are 

believed to be an over-estimate, because TEM only reveals the microstructure in relatively 

small regions. Counter to this argument however, these findings confirm the suggestion of 

Süss et al. [2008Süs1], that some precipitates were too small to be observed in SEM, but 

possible in the TEM, thus the higher volume fraction observed in TEM. Figure 4.18 exhibits 

γ′-free zones, and similar findings had been reported previously for some Ni-based 

superalloys [2000Bla, 2001Mil, 2008Sud]. According to Zhang et al. [200Zha], Sudbrack et 

al. [2000Bla, 2008Sud] and Miller [2001Mil], lower diffusivity at higher undercooling rates 

was responsible for the formation of these γ′-free zones, since there is limited long-range 

equilibration of the γ matrix composition, and it was observed that the current alloys were 

inhomogeneous. 

 

Secondary and tertiary precipitates were observed, meaning that a second and third 

nucleation burst took place after the primary precipitates formed. The secondary particles 

were generally spherical and located between the large coarsened γ′ precipitates (Figure 

4.17). Figure 4.16 shows that the smaller γ′ precipitates were mainly cubic with rounded 

edges, while larger γ′ precipitates were elongated and/or irregular. Similar changes in 

morphology were observed in some NBSAs [2001Mil, 2008Sud]. According to Hill et al. 

[1982Hil] and Wenderoth et al. [1983Wen], the morphology of the γ′ precipitates during the 

early stages of growth is a function of both the misfit and particle size, since the transition 

from spheres to cubes (or any shape) depends on the total matrix/precipitate strain which is 

due to the lattice mismatch. This suggests that the shape of the precipitates in the 

Pt82:Al12:Cr4:Ru2 (at.%) alloy was a function of both particle size and the γ/γ′ misfit 

[2004Dou2]. It is likely that some of the γ′ precipitates might have been initially cubic, but 

during growth, the corners became blunt, changing the morphology from cuboid to oval, 

spheroid, or to other irregular shapes; this was probably due to large strains between the γ′ 

precipitates and surrounding γ matrix [1982Hil, 1983Wen]. Alternatively, this could have 

been to reduce the surface energy. 

 

The γ′-free region was enriched in Ru, and depleted in Al compared to the region surrounding 

the γ′ precipitate-rich area, which suggested that those regions did not have enough Al for the 

formation of the γ′ precipitates (Table 4.11). This agrees with the work of Douglas 
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[2004Dou2] where the γ′ precipitates were rich in Al, and the matrix was rich in Ru which 

provided solid-solution strengthening to the matrix (Table 2.6 [2004Dou2]). In 

Pt82:Al12:Cr4:Ru2 (at.%), Cr partitions preferentially to the matrix phase, with some minor 

solubility in the precipitates (Tables 4.10 and 4.11), similar to the findings of Douglas 

[2004Dou2], shown in Table 2.5. According to Douglas [2004Dou2], the partitioning 

behaviour influences the precipitate crystal structure. Although Cr partitions preferentially to 

the matrix, there is some solubility in the precipitate, which stabilised the L12 structure in the 

Pt86:Al10:Cr4 (at.%) alloy. In Pt86:Al10:Ru4 (at.%), Douglas [2004Dou2] found that Ru did not 

stabilise the L12 structure, since the precipitates exhibited the modified DO'c structure 

[2004Dou2]. Pt86:Al10:Ru4 (at.%) exhibited plates in the precipitates (Figure 2.40 

[2004Dou2]) that were not seen in Pt86:Al10:Cr4 (at.%) [2004Dou2], nor in the present work 

for the Pt-Al-Cr-Ru alloys, indicating that the Cr contents were sufficient to stabilise L12 

(else the plates would have been seen).     

   

5.2.1.2 Nominal Pt85:Al7:Cr5:Ru3 (at.%) 
 
Figure 4.19 shows the microstructure of Pt85:Al7:Cr5:Ru3 (at.%) which was the same in most 

regions after heat treatment, and this microstructure was similar to those observed for NBSAs 

[1998Gro, 1999Car1] and rapidly quenched NBSAs with a high volume fraction of the γ′ 

phase [1982Rit, 1986Bow]. The morphology of the precipitates was mainly cubic, with some 

regions having finer rounded precipitates (Figure 4.20). It is thought that the region of fine 

and rounded precipitates was a coarsened eutectic/eutectoid (Figure 4.20, area B). Figure 

4.21, taken from a different region of the sample, showed a totally different microstructure 

which had very irregular precipitates. It is believed that this microstructure was a result of 

precipitates that coalesced to reduce the surface energy, similar to Figure 5.2. This difference 

emphasises the importance of viewing many different regions to obtain a balanced view by 

TEM of the overall, and often inhomogeneous nature of the microstructure. 

 

5.2.1.3 Nominal Pt80:Al11:Cr3:Ru6 (at.%) 
 
Figure 4.22 shows precipitates which were formed in Pt80:Al11:Cr3:Ru6 (at.%) after heat 

treatment. The γ′ precipitate shapes were mainly spherical, or at least nearly spherical. The 

morphology of the rest of the precipitates gradually changed to increasingly irregular shapes 
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due to the increasing misfit strain between particle and matrix with increasing precipitate size 

[1998Gro]. The more irregular morphology could also be due to either coarsening or 

coalescence of neighbouring γ′ precipitates, again similar to Figure 5.2. 

Only in a few areas were smaller secondary γ′ precipitates observed (Figure 4.24, Arrow B). 

Investigations by Grosdidier et al. [1998Gro] of NBSAs have shown that the secondary 

spherical γ′ population nucleates at a lower temperature, due to very high undercoolings and 

grows at much lower rates, due to limited diffusivity. Due to the limited growth, these 

secondary γ′ precipitates exhibit near to spherical morphology, with sizes ranging from 10-

50nm diameter. At this size scale of the smaller γ′ spherical precipitates, accurate EDX 

analysis was difficult, since even for spot analysis, the beam can scatter onto the surrounding 

regions, especially if contamination builds up on the analysed region during analysis. To 

eliminate contamination, prior plasma cleaning of the sample was undertaken. EDX 

performed on these smaller spherical γ′ precipitates indicated that they were depleted in Cr 

compared to the primary γ′ precipitates, while Al and Ru contents were similar (Table 4.12). 

The higher Pt content in the secondary precipitates is thought to be from contributions from 

the surrounding γ matrix. According to Ricks et al. [1983Ric] in NBSAs, the large difference 

in sizes is related to the temperatures at which primary and secondary γ′ precipitates are 

formed, and means that they have different compositions. Even though there was a variation 

in the size of primary γ′ precipitates in the current work, TEM EDX phase analyses showed 

little variability in primary γ′ precipitate compositions, even taking into account the small 

areas analysed. The γ region near the γ′ in Figure 4.23 had a different composition from 

region D in Figure 4.24, indicating the possible presence of tertiary γ′ precipitates in region 

D, Figure 4.24 (Table 4.12). If so, these tertiary γ′ precipitates regions were richer in Al and 

depleted in Cr compared to the γ region near the γ′ in Figure 4.23. 

The secondary γ′ precipitates were restricted to the regions away from the primary γ′ 

precipitates (Figure 4.24), which agrees with Hill [2001Hil5] and Douglas [2004Dou2]. The 

primary γ′ precipitates that were close to each other did not contain any secondary γ′ 

precipitates between them (Figures 4.24 and 4.25). According to Ricks et al. [1983Ric], this 

suggests that the γ region becomes severely depleted in γ′-forming elements, resulting in no 

precipitation of γ′ at lower temperatures. The tertiary γ′ precipitates were smaller than the 

secondary γ′ precipitates (Figure 4.24, Arrow D), and originated from a third burst of 

precipitate nucleation at lower temperatures. A nucleation burst in this context is the 

 
 

177 



formation of a large number of nuclei in a short space of time [1950LaM, 1952LaM, 

1983Wen]. Due to the small size of the γ′ precipitates and limitations in the viewable TEM 

area of the samples, it was difficult to ascertain the true size and distribution of these 

precipitates. 

A compositional gradient was observed from approximately the centre of the matrix channel 

to the centre of the precipitate (Figure 4.27). This compositional gradient is a function of two 

factors: contributions from the surrounding phase due to electron and X-ray scattering, and 

the edges of the phases being depleted of certain elements. There was a steep drop of the Cr 

content near the centre of the γ′ precipitates. Several investigators of NBSAs observed 

changes in image contrast towards the centre of the γ′ precipitates, due to depletion of certain 

elements [1986Joy, 1998Gro, 2002Zha]. Even though the compositional data are associated 

with measurement errors, these results indicated that the primary γ′ precipitates may have 

internal compositional variations (Table 4.13). 

 

5.2.1.4 Nominal Pt80:Al14:Cr3:Ru3 (at.%) 
 
Figure 4.28 shows coarsened primary γ′ precipitates, and most were irregularly shaped. Many 

precipitates were close to each other, coalescing to form larger irregular shaped precipitates, 

similar to Figure 5.2. This microstructure was observed in a few regions of the sample. The γ′ 

precipitates were interconnected by visible necks (Figure 4.28, Arrow D). In a study of 

precipitates in NBSAs, Balikci [1993Bal], Roy [2005Roy] and Dwarapureddy et al. 

[2008Dwa] postulated that the adjacent precipitates coalesced by the attractive force between 

them, due to the elastic strain field, by the migration of atoms in the matrix. Such 

experimental observations on the γ′ coarsening were consistent with the prediction of Ricks et 

al. [1983Ric], who reasoned that the process is controlled by atomic diffusion, with the 

operating coarsening mechanism mainly dependent on vacancy-solute interactions. Here, it is 

thought that the interaction between adjacent precipitates dominated the agglomeration 

process, forming the so-called “diffuse neck” via the overlap of the associated diffusion fields 

around the γ′ precipitates [2007Mao]. During the water quenching stage in the present study, 

it is thought that many γ′ nuclei formed rapidly (i.e. a nucleation “burst” occurred) at high 

temperatures, since the diffusion rate decreased during cooling and the initial density of 

cooling γ′ was high enough to cause the overlap of the diffusion fields [2007Mao].  

 
 

178 



Compared to other samples for this alloy composition, the smaller precipitates appeared to 

have decreased in number. In addition, there were fewer precipitates having a cuboid 

morphology. Spherical precipitates were the most prominent, although a smaller number of 

cubic γ′ precipitates were visible in different regions (Figure 4.29). The inhomogeneous 

nature of this alloy could be seen in Figure 4.30, although it was a multi-beam image, where 

the microstructure varied between grains. Fine tertiary precipitates could just be seen in 

Figure 4.30 (area D). The true morphology and size of such small precipitates was difficult to 

determine, although 3D atom probe analysis could give the true size and morphology of these 

precipitates [1999Fur]. Since tertiary precipitates were observed in only a few regions, this 

confirmed that there was a nucleation after the primary and secondary precipitates formed. 

Dislocations in the matrix (Figures 4.31 and 4.32, Arrows B) ended around the precipitates, 

suggesting that the precipitates reduced the mobility of the dislocations. This would give 

some strengthening, assuming there were enough precipitates. 

 
 

5.2.1.5 Nominal Pt78:Al11:Cr8:Ru3 (at.%) 
 
 
Figures 4.33 to 4.34 show the different microstructures of the Pt78:Al11:Cr8:Ru3 (at.%) alloy 

after heat treatment. Some regions were found to be free of precipitates, which explains the 

low volume fraction observed. An inhomogeneous overall composition, probably due to poor 

mixing in the melting stage, is thought to be the major contributing factor to the observed 

inhomogeneous microstructure. The reasons for the formation of the different shapes of 

precipitates have been covered in the discussion of other samples.  The elongated γ′ 

precipitates in Figure 4.34 were rich in Al compared to those in Figure 4.33 (Table 4.15). It is 

therefore thought that formation of these large and elongated precipitates was the result of a 

higher Al content in these regions. 

 

5.2.1.6 Nominal Pt78:Al11:Cr6:Ru5 (at.%) 
 
Figure 4.35 shows γ′ precipitates distributed in the γ matrix, and this microstructure was 

representative for most of the thinned sections. There was a shape variation between different 

γ′ particles. From Figures 4.35 and 4.36, the smaller precipitates exhibited a more spheroidal 

morphology, the medium size γ′ precipitates having a cubic morphology, while larger 
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precipitates had irregular shapes (possible as result of smaller precipitates coalescing). 

According to Maheshwari et al. [1992Mah] for NBSAs, the growth of the large and irregular 

precipitates is along the elastically soft direction of the γ phase which is <001>, and because 

of these higher growth rates, the precipitates attain a non-cubic morphology. At solidification, 

these γ′ precipitates are still in the growth regime and restricted in their further evolution, due 

to fast cooling rates and limited diffusion. During solidification, there is also an increase in 

strain energy with increased precipitate size, resulting in changed morphology of γ′ 

precipitates [1974Lau, 1975Lau, 1988Zha]. In Figure 4.36, where the sizes of γ′ precipitates 

were very similar, all the precipitates formed during a single nucleation event. Smaller 

secondary γ′ precipitates were seen in Figure 4.36 (Arrows A), and Zhao et al. [1988Zha] 

proposed that these precipitates retained a nearly spherical morphology, due to diffusion-

limited growth of precipitates at lower temperatures. Due to random distribution of γ′ 

precipitates inside the matrix, during growth, some of the precipitates developed a non-

spherical morphology, since there was no particular alignment of the precipitates. Where 

there are many precipitates, it is less likely that there will be any further precipitation, 

because the microstructure has no room, e.g. Figure 4.37. This would also be beneficial for 

the properties, because the structure is more homogeneous. In Figure 4.36 (Arrows A) the 

matrix was not homogeneous and according to Grosdidier et al. [1998Gro], this is because 

during cooling, the matrix does not have enough time to reach equilibrium. 

 

5.2.1.7 Dislocations 
 
Comparison with NBSAs 
 
Some dislocations were observed at some of the γ/γ′ interfaces after heat treatment (Figures 

4.18, 4.25, 4.26, 4.31 and 4.32), but most of the precipitates were still coherent after heat 

treatment, and so had no interface dislocations. Such dislocation networks have been 

previously observed in NBSAs [1975Las, 1987Lin].  The nature of the dislocations, shown in 

Figures 4.18 and 4.32 for the current work are similar to those shown in Figure 2.7 

[1986Ric], and the comparison of these TEM images is shown in Figure 5.4. Drawing from 

the work of Ricks et al. [1986Ric], it is thought the dislocations observed here (Figures 5.4(a) 

(4.18) and 5.4(b) (4.32)) are a function of misfit and heat treatment temperature. The heat 

treatment would have encouraged the creation and mobility of dislocations, since the loss of 

coherency requires these, and this preferentially happens at high temperatures and/or for 
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fairly long ageing treatments [1987Nat, 1996Ver]. Similar findings were observed by 

Grosdidier et al. [1998Gro]. The lattice mismatches and heat treatment are thought to be the 

major two factors that contributed to the observed dislocations, since there was no applied 

stress [1986Fer, 1989Gab]. The nominal Pt80:Al11:Cr3:Ru6 (at.%) sample after heat treatment 

also showed a network of dislocations at the γ/γ′ interfaces and matrix dislocations pinned by 

the precipitates (Figure 4.25), and once again this was similar to NBSA Nimonic 80A. The 

precipitates with dislocations were surrounded by a matrix region free of precipitates (Figures 

4.25 and 4.26). A possible reason for this could be that that during heating to high 

temperatures, the primary γ´ particles dissolved [2004Bar]. Barabash et al. [2004Bar] also 

suggested that the dissolution of γ´ leads to an increased activity of dislocations and these 

mobile dislocations interact with each other to form a stack of dislocations (Figure 5.4(b)). 

Ference et al. [1986Fer] found that for deformed specimens the slip bands acted as preferred 

coarsening sites for the γ´ particles by relieving coherency strains. 

  
 Comparison with other Pt-based superalloys 
 
 
According to Douglas [2004Dou2], the dislocations observed in Figures 4.18, 4.25, 4.26, 4.31 

and 4.32 would be due to misfit between the phases that led to internal coherency stresses. 

After long annealing times or deformation at elevated temperatures, coherency is partly lost 

and interfacial dislocation networks are formed. This explanation is similar to that of Ricks et 

al. [1986Ric], but different from Ference et al. [1986Fer]. Similar networks were formed in 

creep-deformed NBSAs [1996Gab, 2000Sug]. The networks can be classified into mismatch 

networks built up during annealing experiments [1975Las, 1989Fel]. The γ/γ′ interfaces with 

dislocations in the current work were curved (Figures 4.25 and 4.26), similar to those of 

Douglas [2004Dou2] (Figure 2.44), as a result of misfit coherency stress. Dislocations were 

observed to bow out between precipitates (Figure 4.25), similar to the observations made by 

Douglas [2004Dou2] (Figure 2.45). The dislocations observed in this work were mostly 

confined to the precipitates/matrix interface resulting from misfit. The few other dislocations 

seen were unlikely to penetrate through the interface region (Figure 4.18), being effectively 

pinned. Since it would have meant many dislocation interactions. According to Benyoucef et 

al. [1995Ben] and Douglas [2004Dou2], this restriction of the motion of dislocations reduces 

the amount of plastic deformation and is a strengthening mechanism in the alloy. 
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(a)       (b) 

       
     (c)        (d)  

 
Figure 5.4. Bright field TEM images showing similar misfit dislocations in the γ/γ′ 
interfaces of Pt-Al-Cr-Ru and NBSAs: (a) Pt82:Al12:Cr4:Ru2 (at.%), (b) 
Pt80:Al14:Cr3:Ru3 (at.%), (c) Nimonic 115 [1983Ric], and (d) Nimonic 80A [1983Ric].  
 

Dislocations were observed between larger γ′ precipitates (e.g. Figures 4.23 and 4.26) and 

this could be because firstly, it was easier for dislocations to nucleate at the relatively larger 

γ′ precipitates/matrix interface than in the matrix with the high density of small precipitates 

with thin matrix channels, and secondly, since the mobility of dislocations was relatively 

difficult in this region, thus encouraging nucleation [2004Dou2]. This is different from the 

earlier reason given by Barabash et al. [2004Bar] that during heating to high temperatures, 

the primary γ´ particles dissolved. Douglas [2004Dou2] also suggested that some of the 

dislocations nucleated where stress was present, although the current alloys were not 

deformed. Possible sources of stress could have been during cutting of the samples and 

metallographic preparation, but this was unlikely due to the extreme care taken in the whole 
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sample preparation. Nominal Pt80:Al11:Cr3:Ru6 (at.%) (Figure 4.23) showed distorted γ/γ′ 

interface dislocations similar to those observed in Pt86Al10Ta4 (at.%) deformed at 800˚C 

(Figure 2.43 [2004Dou2]). For alloys showing a high dislocation density, Douglas 

[2004Dou2] suggested that these alloys underwent more plastic deformation at higher 

temperatures. It is therefore thought that the alloys in the present work that exhibited high 

dislocation density networks were mostly affected by the heat treatment. In Pt82:Al12:Cr4:Ru2 

(at.%) (Figure 4.18), the γ/γ′ interfaces most likely acted as barriers to dislocation motion by 

preventing dislocations from entering the precipitates because many interactions would have 

been neccessary, and a similar observation was made by Douglas [2004Dou2] in Pt86:Al10:Ti4 

(at.%) deformed at 1100˚C (Figures 2.44 and 2.45). In addition, it should be remembered that 

the ordering of the precipitates provides a better strengthening mechanism of the precipitates 

than the matrix. EDX data from the current work showed that Ru partitions preferentially to 

the matrix, similar to the findings of Hill et al. [2001Hil2] and Douglas [2004Dou2]. In 

nominal Pt80:Al11:Cr3:Ru6 (at.%) (Figure 4.25) dislocations were mobile in the matrix and 

found a barrier at the γ/γ′ interfaces, so adding to the network of dislocations at the γ/γ′ 

interfaces. According to Benyoucef et al. [1995Ben], this is one of the strengthening 

mechanisms in NBSAs. 

The precipitates in Pt80:Al11:Cr3:Ru6 (Figure 4.24) and Pt80:Al14:Cr3:Ru3 (at.%) (Figure 4.29) 

had coalesced to form larger precipitates and a similar observation was made by Douglas 

[2004Dou2] in Pt86:Al10:Ti4 (at.%) where the L12 precipitates also coalesced to reduce 

surface energy, similar to Figure 5.2. Plates with different orientations were observed for the 

modified DO'c precipitate structure for Pt86:Al10:Ru4 (Figure 2.40, 2004Dou2]) and 

Pt86:Al10:Ir4 (at.%) (Figure 2.50, [2004Dou2]), and this were not observed for the Pt-Al-Cr-

Ru alloys in the current work. According to Douglas [2004Dou2], these platelets are 

indicative of a modification of the DO'c crystal structure, and since such platelets were not 

observed in the current work, it is therefore deduced that the modified DO'c precipitate 

structure could not have been present. In Figure 4.23 (Arrow B), the two beam bright field 

TEM image of Pt80:Al11:Cr3:Ru6 (at.%) shows a clear view of the matrix material between 

two precipitates, and is different from the platelets observed in Pt86:Al10:Ru4 (at.%) (Figure 

2.40 [2004Dou2]) and Pt86:Al10:Ir4 (at.%) (Figure 2.50 [2004Dou2]). The absence of the DO'c 

phase was confirmed by the absence of superlattice spots in the electron diffraction patterns, 

and the absence of twinning. The γ/γ′ interface dislocations in Pt80:Al11:Cr3:Ru6 (at.%) 

(Figure 4.26) are similar to those observed in Pt86:Al10:Ti4 (at.%) with the L12 γ′ phase 
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structure. In Pt80:Al14:Cr3:Ru3 (at.%) (Figures 4.31 and 4.32), the dislocations appeared to be 

mostly confined at the larger precipitates interface. 

Figure 5.5 shows misfit dislocations observed in the Pt-based ternary alloys Pt86:Al10:Ti4 

(Figure 5.5(a)) and Pt86:Al10:Cr4 (at.%) (Figure 5.5(b)) by Hill [2001Hil5]. The misfit strains 

were observed in the interfaces between the precipitates and the matrix (Figure 5.5(a)), 

indicating a semi-coherent structure similar to those in Pt80:Al11:Cr3:Ru6 (at.%) (Figure 

5.5(c)). The dislocations in Pt86:Al10:Cr4 (at.%) [2001Hil5] interfaces appeared to have 

formed a hexagonal network-like structure, resembling a honeycomb [2001Hil5] (Figure 

5.5(b)) similar to those seen in Pt80:Al14:Cr3:Ru3 (at.%) (Figure 5.5(d)). 

Vorberg et al. [2005Vor] undertook a TEM investigation of dislocations in the γ/γ′ phase 

boundaries for some Pt-based superalloys with Ni additions. They concluded that the γ/γ′ 

interface dislocations were due to misfit stresses between the two phases. A high lattice misfit 

resulted in a loss of coherency, the semi-coherent relationship between precipitate and matrix 

material explaining the irregular-shaped γ′ particles with dense dislocation networks at the 

γ/γ′ interface boundaries [2005Vor]. 

      

    
Figure 5.5. Bright field TEM images showing similar misfit dislocations in the γ/γ′ 
interfaces of Pt-Al-Cr-Ru and some ternary alloys: nominal (a) Pt86:Al10:Ti4 (at.%) 
[2001Hil5], (b) Pt86:Al10:Cr4 (at.%) [2001Hil5], (c) Pt80:Al11:Cr3:Ru6 (at.%) and (d) 
Pt80:Al14:Cr3:Ru3 (at.%). 

a) b) 

c) d) 
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5.2.2 TEM Diffraction Pattern and Orientation Relationship between 
Matrix and Precipitate 
 
 
Manual calculations of electron diffraction patterns from numerous of ~Pt3Al precipitates at 

different major zone axis orientations, as well as computer simulated diffraction patterns, 

revealed the precipitate structure to be the high temperature L12 cubic phase. Only five major 

zone axes could be indexed by the cubic structure due to sample holder tilt limitations, while 

only for one precipitate, within experimental error, could it be indexed by both the cubic and 

tetragonal structure. XRD measurements determined the lattice parameter to be a = 3.7084 Å 

for Pt82:Al12:Cr4:Ru2 (at.%). This compares with a = 3.876 Å (L12) for Pt72.8:Al27.2 (at.%) 

determined by Bronger et al. [1962Bro], and a = 3.85 – 3.91 Å (L12) for Pt86:Al10:X4 where 

X was Ti, Cr, Ru, Ta and Ir by Hill et al. [2001Hil6]. The orientation relationship between 

the γ matrix (M) and γ′ precipitates (P) was: [114]M||[114]P; [001]M||[001]P; [103]M||[103]P, 

indicating that a matrix and a precipitate have the same orientation for the same alloy 

[1984Sim, 1983Ric, 2009Xin]. A TEM analysis on NBSA CMSX-4 [2009Vat] was 

undertaken and once again confirmed that a matrix and a precipitate have the same 

orientation for the same alloy ([100]M||[100]P; [010]M||[010]P). The precipitate and matrix 

orientation relationship in Pt86:Al10:Z4 (Z = Cr, Ta, Ti, Ir and Ru) (at.%) alloys are listed in 

Table 5.3. Compared to the Pt-Al-Cr-Ru alloys, the orientation relationship between the 

matrix and precipitate for the Pt86:Al10:Z4 (Z = Cr, Ta, Ti, Ir and Ru) (at.%) alloys are 

complex, and were different to those of Pt-Al-Cr-Ru samples. The orientation relationship 

between the matrix and precipitate for Pt86:Al10:Z4 (Z = Cr, Ta and Ti) (at.%) alloys were the 

same (Table 5.3). For Pt86:Al10:Z4 (Ir and Ru) (at.%) (both with precipitates platelets 

indicative of a modification of the DO'c crystal structure [2004Dou2]), the matrix and 

precipitate orientation relationship were not all the same (Table 5.3). According to Verhoeven 

[1975Ver], the “cube-cube” orientation relationship optimizes the atomic matching across the 

interface, thereby lowering the interfacial energy. 
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Table 5.3. Matrix and precipitates’ orientation relationship in Pt86:Al10:Z4 (Z = Cr, Ta, 
Ti, Ir and Ru) (at.%) alloys [2004Dou2] and Pt-Al-Cr-Ru alloys. 
 Alloy (at.%)  Matrix and precipitate orientation relationship 
Pt86:Al10:Cr4 (110)M || (110)P; <002>M || <002>P; < 2 20>M || < 2 20>P    
Pt86:Al10:Ta4  <111>M || <111> P; <2 2 0>M || <2 2 0>P; (112)M || (112)P    
Pt86:Al10:Ti4 <101>M || <101> P; <111>M || <111>P; (001)M || (001)P    
Pt86:Al10:Ir4 (001)M || (100) P; [110]M || [100]P 
Pt86:Al10:Ru4 (001)M || (100) P; [110]M || [100]P 
Pt-Al-Cr-Ru [114]M||[114]P; [001]M||[001]P; [103]M||[103]P 

 

5.3 Comparison of γ´ Precipitate Volume Fraction by SEM, TEM, 
AFM and Commercial NBSAs 
 

This section gives a discussion summary on the precipitate volume fractions found using the 

different methods. 

 

TEM studies of the six samples showed that the size, morphology and density of the γ´ 

precipitates varied with the composition of the samples, and there was also variation within 

each sample. The objectives set out in Section 1.2 were achieved and more detailed 

discussions are given in the preceeding sections for each of the samples (Sections 5.2.1.1 to 

5.2.1.6). It was not possible to perform image analyses on the TEM images because the 

contrast between the phases was lower, unlike the SEM images when the samples were 

etched. Thus, for the purpose of obtaining a rough comparison of the precipitate volume 

fraction from the different samples, the grid method was used on the TEM images and the 

results are given in Figure 5.6. Although the TEM volume fraction results did not represent 

large regions, samples were taken at the core of each specimen and TEM transparent regions 

were limited. The TEM volume fraction estimates were considerably higher compared to 

those found by SEM (Figure 5.6). This is probably due to, firstly, the fact that TEM focuses 

on relatively small localised regions (which would make it very difficult for inhomogeneous 

samples), and secondly, the resolution is higher and can easily resolve secondary and tertiary 

γ′ precipitates which are difficult or impossible to observe in the SEM. SEM allowed a wider 

section of the samples to be studied easily and to observe high and low precipitate density 

areas. Even though the TEM results were not, in some ways, an accurate presentation of the 

overall precipitate volume fractions of the alloys compared to SEM, it should be noted that 
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the reliability of the TEM results was improved somewhat by performing analyses on areas of 

two, and in some cases, three discs per alloy (more would have been preferred). 

 

Figure 5.6. Comparison of precipitate volume fractions from TEM, SEM and AFM, 
showing consistently higher TEM γ′ volume fractions, with similar fractions for SEM 
and AFM: A1 = Pt82:Al12:Cr4:Ru2, A2 = Pt85:Al7:Cr5:Ru3, A3 = Pt80:Al11:Cr3:Ru6, A4 = 
Pt80:Al14:Cr3:Ru3, A5 = Pt78:Al11:Cr8:Ru3 and A6 = Pt78:Al11:Cr6:Ru5 (at.%). 

 

The previously-used grid method [2009Sho1] gave results which were an under-estimate of 

the precipitate volume fraction since the samples were not etched and so the precipitates were 

not clearly revealed, and the method itself was simplistic. The SEM and AFM results have 

been discussed in Section 5.1.2. Comparison of SEM and AFM results showed that AFM 

gave precipitate volume fractions that were slightly higher than SEM. This due to the fact that 

in AFM, real holes were measured as precipitates (Figure 4.15), coupled with the fact that the 

samples were etched; this becomes another main source of measurement bias, possibly 

because the edges of the precipitates become much darker and hence larger areas are 

measured. Another disadvantage of the AFM method is that a smaller area (25µm x 25µm) 

was used for volume fraction measurement compared to SEM, even though this was done 

five times at different areas, and this was exacerbated due to the inhomogeneous samples. 

TEM grid technique 

SEM image analysis 

AFM image analysis 
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The 25µm x 25µm area size limitation resulted from the AFM scan limitations. Thus, the 

major advantage of the SEM images analysis is that a large area could be selected, enabling 

viewing of both high and low density precipitate regions. While it is believed that SEM gave 

a more accurate analysis of the volume fraction compared to AFM and TEM, it could miss 

smaller precipitates [2008Süs2]. Although there were differences between the SEM and TEM 

volume fraction measurements, both methods agreed that, on average, an increase in SEM γ′ 

volume fraction corresponded to an increase in TEM γ′ volume fraction (Figure 5.7). Thus, 

the increase in TEM γ′ volume fraction can be explained in 79% (from R2 = 0.7915) of the 

instances by an increase in SEM γ′ volume fraction. Due to the high errors associated with all 

volume fraction measurements, the two apparently highest values, datapoints A and B, are 

not significantly different from or higher than the adjacent datapoints C for SEM, and C and 

D for TEM, since their error bars overlap. Thus, within these large errors, the A, B and C 

alloys have the highest γ′ volume fractions for SEM measurements, whereas A, B, C and D 

alloys have the highest γ′ volume fractions for TEM measurements, which agrees with the 

observation for Figure 5.3 

 
Figure 5.7. Comparison of γ′ volume fractions as measured by SEM and TEM, showing 
that SEM γ′ volume fraction is proportional to TEM γ′ volume fraction. 
 
The γ′ precipitate volume fractions of the nominal Pt78:Al11:Cr6:Ru5 (51 ± 6% (SEM)) and 

Pt85:Al7:Cr5:Ru3 (at.%) (45 ± 6 (SEM)) were found to be comparable with commercial 

NBSAs within experimental error, Table 5.4. The volume fractions of the rest of the samples 

(Pt82:Al12:Cr4:Ru2, Pt80:Al11:Cr3:Ru6, Pt80:Al14:Cr3:Ru3 and Pt78:Al11:Cr8:Ru3 (at.%)) were 

lower than commercial NBSAs. Similar findings were observed for the AFM volume fraction 

C 

A B D 
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measurements. A comparison of the TEM volume fraction estimates (from the grid method, 

Figure 5.6) with the commercial NBSAs (Table 5.4) showed that for Pt78:Al11:Cr6:Ru5 and 

Pt85:Al7:Cr5:Ru3 (at.%) the volume fraction was about 25% higher and these results are not 

believed to be correct, since the TEM volume fraction estimate is thought to be in 

considerable error, due to reasons highlighted earlier. The best creep resistance is obtained 

when the volume fraction of γ′ precipitates is around 65% [1997Ro, 2004Mur], and from the 

Pt-Al-Cr-Ru alloys studied in this work, Pt78:Al11:Cr6:Ru5 (at.%), had the closest γ′ volume 

fractions to this value. Ignoring other factors, it can be expected that they could show good 

creep resistance in high temperature applications.  

 
Table 5.4. Summary of γ′ volume fractions of commercial NBSAs. 

Alloy Name 

Vol. fraction 
measuring 
technique and 
reliability 

γ′ vol. 
fraction 
 (%) Description Reference 

 René 88 DT 

Fovea Pro 
[2003Fov] and 
Photoshop, 
good reliability 
with ±2% error   41-43 

Commercial NBSA used in the 
high-temperature section of  
aerospace propulsion systems,  
with about 13% wt% Co 
 [2009Til] 

 UM-F9 

Grid method, 
poor reliability, 
errors not 
specified 
  48 

Commercial nickel-based single  
superalloy with 5.7 - 9.7 wt% Ru  
additions, refractory elements 
and up to 6.7 wt% Cr [2004Row] 

 UM-F11 

Grid method, 
poor reliability, 
errors not 
specified  

 50 

Commercial nickel-based single  
crystal superalloy with varying 
Ru and Cr additions (different 
from UM-F9), and refractory 
elements [2004Row] 

 TMS-196 

Details not 
given on 
technique 

 64 

5th generation (SC) superalloy  
with improved microstructural 
stability and environmental 
properties [2008Sat] 

Supercast 
247A 

Details not 
given on 
technique 

 56 

Commercial NBSA with high  
mechanical strength and 
corrosion resistance at elevated 
temperatures, and used  in turbine 
blades and automotive turbo 
charger rotors [2013Lav] 

 

The γ′ volume fraction measurements for René 88 DT [2009Til] were conducted on SEM-

BSE images captured at different magnifications to identify the primary and/or secondary 
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precipitates and processed using Fovea Pro [2003Fov] and Adobe Photoshop to isolate each 

precipitate. The area fraction was then determined from the image pixels. The René 88 DT 

samples were etched and the precipitates were clearly visible, as in the current work. While 

the method used to measure the volume fraction in René 88 DT did not involve manual 

measurements, as here, it is felt that the techniques could have similar accuracy. The volume 

fractions of the precipitates in UM-F9 and UM-F11 [2004Row] were determined from SEM-

BSE images using etched samples and the manual point count method (grid method) 

[1999AST, 1999Rus]. The grid method has been used in the current work and was simplistic, 

and believed to yield an under-estimate of the volume fraction of the precipitates. Thus, it is 

thought that the grid method used to measure the precipitate volume fraction for UM-F9 and 

UM-F11 could be less reliable compared to the Olympus stream method used in the current 

work. The techniques used to measure the volume fractions of TMS-196 [2008Sat] and 

Supercast 247A [2013Lav] were not stated, and literature searches on same alloys failed to 

mention the type of method used to measure the volume fraction. However, the TMS-196 

[2008Sat] and Supercast 247A [2013Lav] NBSAs were etched and the precipitates were 

clearly visible for image analysis. 

 

5.4 Summary of γ´ Precipitate Formation Mechanisms 
 

In Sections 5.2.1.1 to 5.2.1.6, the reasons responsible for the formation of different γ′ 

precipitates observed in the various alloys are discussed. In this section, a summary of how 

the different precipitates were formed is considered, drawing from the work on NBSAs.  The 

morphology of the γ′ precipitates in the present work varied from spheres, cubes, rod-like and 

irregular. The different precipitate morphologies formed are associated with the lattice 

mismatch between the γ matrix and the γ′ precipitates [1984Doi, 1996Haz]. In nominal 

Pt78:Al11:Cr8:Ru3 (at.%) (Figure 4.34), elongated γ′ precipitates were observed and they had 

increased Al content. According to Doi et al. [1984Doi], partitioning of solute atoms takes 

place between the γ′ precipitates and γ matrix. This results in a change in the equilibrium 

mean composition of the phases, and has been identified by different authors after ageing 

treatments [1988Sin, 1993Rac]. This mechanism is likely to be effective in the current work, 

and thus would explain the different morphologies observed.  
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Different γ′ morphologies surrounded by dislocations were observed in the different 

specimens: Pt82:Al12:Cr4:Ru2 (at.%) with near-spherical precipitates (Figure 4.18), 

Pt80:Al11:Cr3:Ru6 (at.%) with irregular precipitates and near-cuboid (Figures 4.23, 4.25 and 

4.26) and Pt80:Al14:Cr3:Ru3 (at.%) with irregular and rod-like precipitates (Figures 4.31 and 

4.32). The shape of the precipitates in these alloys is thought to be strongly a function of both 

particle size and the γ/γ′ misfit [1982Hil, 1983Wen, 2004Dou2], while the heat treatment and 

lattice mismatches are thought to be the two major factors that contributed to the observed 

dislocations, since there was no applied stress or load [1986Fer, 1989Gab]. Details on the 

mechanisms responsible for the formation of the dislocations have already been covered in 

Section 5.2.1. According to Ricks et al. [1983Ric], precipitate growth will follow the shape 

changes: sphere > cube > octocube > octodendrite > dendrite (Figure 5.8). The irregular γ′ 

morphologies formed in the current work can be associated with a loss of coherency that took 

place during heat treatment which is associated with long distance diffusion of solute 

[1987Nat, 1996Ver] (Figure 5.8). In nominal Pt82:Al12:Cr4:Ru2 (at.%), the small precipitates 

were spherical (Figure 4.17, Arrow B), and some of the larger precipitates had irregular 

shapes (Figure 4.17), following the sequence in Figure 5.8. Rastogi et al. [1971Ras] and Cho 

et al. [1997Cho] observed similar shape changes in NBSAs, and attributed them to the fact 

that as precipitates grow, the elastic contribution increases and irregular shapes are favoured. 

In Pt78:Al11:Cr8:Ru3 (at.%) (Figure 4.34), the rod-like precipitate formation is thought to be 

driven by the reduction of interface area, as observed by Rastogi et al. [1971Ras] in nickel-

silicon alloys. The alignment of the precipitates in Pt78:Al11:Cr6:Ru5 (at.%) (Figure 4.36) is 

believed to have taken place during cooling, which encourages interactions between the 

precipitates and rearrangement of precipitate locations. According to Yang et al. [1999Yan], 

cooling promotes the altering of precipitates size and the misfit the between the γ and γ′ 

phases, and the changes in precipitates size and misfit cause different γ′ precipitates to change 

size and shape and during this time interaction of different precipitates takes place. 
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Figure 5.8. Schematic diagram of the successive shape changes encountered during the 
structural evolution of a freely growing precipitate [1997Dur]. 

This section and Section 5.2.1 have highlighted several factors which are responsible for the 

formation of the different γ′ precipitate morphologies. The most important factors noted in 

this work, with comparison to NBSAs, are as follows:  

1) The mismatch associated with the γ and γ′ phases has a strong influence on the formation 

of different γ′ morphologies. The shape of the γ′ precipitates depends not only on their 

size, but also on their volume fraction, which encourages interactions of the different 

precipitate and impingment of precipitates. 

2) The schematic diagram shown in Figure 5.8 indicates that in situations where the γ′ 

precipitates remain coherent, they keep a cubic shape, and in cases where coherency is 

lost, an irregular shape occurs. 

3) The shape changes observed here can be understood by also considering a precipitate 

which grows firstly in a γ′ matrix and then grows further under an increasing amount of 

elastic interaction due to its neighbours, resulting in different morphologies because of 

their interactions. 

4) When the precipitate loses coherency, dislocations are formed to take up the misfit, and the 

precipitate then tends to take on a more rounded shape. The arrangement of the 

dislocations is a function of the misfit and heat treatment. 

Growth process controlled by: 
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5.5 Nanomechanical Properties Studies 

5.5.1 Effect of Indentation Depth on Nanohardness and Elastic Modulus 
 
It is important to realise that the nanohardness results could be affected by the sample 

preparation, since there could still be a surface deformation layer, even after polishing. Thus, 

there would be a systematic error at the very least, even though the precipitates were always 

harder than the matrix. However, since the samples were etched, this might have removed 

some, or all, of the damage, and would make the results more representative. 

The difference in hardness between the γ′ and γ phases at all load levels in all the alloys was 

clearly evident (Figures 4.49 and 4.50). Glas et al. [1996Glas] reported data on the hardness 

of ~Ni3Al and (Ni), and the ~Ni3Al nanohardness was found to be ~33% higher than the (Ni), 

which is comparable to the 25% difference in nanohardness which was found in this 

investigation.  

Figure 4.49 indicates that the measured γ´ nanohardness of Pt78:Al11:Cr6:Ru5 decreases with 

indentation depth, with the exception of one point. The indentation depth was related to the 

applied load. One explanation of this nanohardness decrease is the proportion of γ´ phase that 

the indenter deforms; this effect is dominant in superalloys [1956Mot, 1985Jon]. Figure 5.9 

[1956Mot] shows different conditions that can exist under different indentation depths for 

different γ´ morphologies. Thus, for the current investigation, this means that as the 

indentation depth was increased (the indentor went deeper into the sample) the contribution 

from more than one phase might be measured, such that if the γ´ phase was being measured, 

there would be a contribution from the surrounding γ phase, thus reducing the apparent 

nanohardness of the γ´ phase. The different conditions illustrated in Figure 5.9 demonstrate 

the varying precipitate morphologies observed in the alloys for the current investigation. 

Figure 5.9(a) shows a situation where the hardness of the precipitate would be lower because 

the precipitate is too narrow and the indentor interacts with the surrounding matrix. Figure 

5.9(b) shows a case where the measured precipitate is broad but shallow, and the indentor 

interacts with the matrix below the precipitate. Figure 5.9(c) indicates a more extreme 

situation which could have been experienced in this work, where the precipitate is much too 

shallow, and the reported precipitate hardness has a much higher contribution from the 

matrix. Nix and Gao [1998Nix] suggested that the main part of the hardness increase is 

caused by the geometric size effect of indentations. Similar observations were made by Vlaak 

et al. [1994Vla]. There was no discernable trend in the depth dependence and elastic 
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modulus, and thus nanohardness for the γ phase (Figure 4.54). However, Schöberl et al. 

[2003Sch2] recorded that although the matrix nanohardness decreased with increasing 

indentation depth, the effect was less pronounced than for the ~Ni3Al phase, which was also 

found in the current work. 

The precipitate elastic modulus was clearly larger than for the matrix at similar indentation 

depths (Figure 4.54). No systematic change in elastic modulus was observed with indentation 

depth for either the matrix or precipitates (Figure 4.54). Göken et al. [1996Gök] reported 

similar results. In order to demonstrate the effect of small precipitates and narrow matrix 

channels on the elastic modulus, the indentations were intentionally performed on these 

features. This meant that the indentations were not on a single phase, and the proportions of 

the different phases affected the hardnesses. Thus, some of the γ´ values were closer to the γ 

values (than in Figure 4.54 which were measured on coarser γ´ features), because the 

indentation involved both phases (Figure 5.10). The matrix elastic modulus was not affected 

and was similar to the results in Figure 4.54, although the lowest precipitate moduli were 

closer to the highest matrix moduli for the small precipitates. This was expected, since the 

narrow matrix channels were still large enough for larger indentation depths without being 

too influenced by the surrounding γ´ precipitates.  

 

 

Figure 5.9. Schematic diagram showing possible positions of the final indentation and 
effect of the precipitate size on the hardness: (a) precipitate too narrow for indentor and 
load, (b) precipitate is too shallow for indentor and load, and (c) precipitate much too 
shallow for indentor and load [1956Mot]. 
 

The alloys’ overall nanohardness as a function of indentation depth (load) (Figure 4.56) 

showed a decrease after a 235nm indentation depth. Apart from the data points at the two 

lowest indentation depths (Figure 4.56), the elastic modulus decreased with increasing 

indentation depth. Glass et al. [1996Glas] also observed a similar decrease in the 

nanohardness and elastic modulus at high indentation depth, due to sample preparation, since 

surface material had been work hardened on a nanoscale during metallographic preparation. 

a) b) c) 

γ´ 
γ´ 
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Vlassak and Nix [1994Vla] also observed decreasing overall nanohardness and elastic 

modulus with increasing indentation depth for NBSAs. Nanoindentation studies of the 

hardness as a function of the indentation depth had not been undertaken before on Pt-based 

superalloys, and the only results for Pt-based superalloys, by Nikulina et al. [2010Nik], 

showed the final depth at maximum loads. Thus, no comparison for the alloys could be done 

for indentation depth studies with other Pt-based superalloys. 

 

Figure 5.10. Elastic modulus as a function of indentation depth for fine γ´ precipitates 
and narrow regions of the γ matrix of Pt-based alloys, showing no effect of indentation 
depth on the matrix, and for precipitates, a slight decrease with increasing elastic 
modulus. 

 

5.5.2 Hardness and Elastic Modulus: Matrix, Precipitates and Overall 
Alloy 
 
To account for the influence of indentation size effects and tip shape, all measurements were 

performed with the same load of 2.5mN and same Berkovich tip with an average opening 

angle of 140.6° when measuring the mechanical properties of γ´ and γ. Material pile-ups at 

the indentation edges were observed (Figure 4.63), suggesting plastic deformation [2010Jan]. 

Table 4.16 and Figure 5.11 show the nanohardnesses of γ´ and γ for the six investigated 

alloys, and the hardnesses of the γ´ phase were higher than the matrix for all alloys. The 

standard deviation of the 20mN hardness was smaller than for 10mN (Table 4.18). This is 

expected, since as the load increases, the surface roughness, indentation depth and 

indentation size has less effect on the nanohardness [1990Jos, 1992Oli]. Due to the closeness 

of the elastic modulus of the different alloys and the size of the experimental error involved 

in those determinations (Table 4.19), no relationship could be obtained between the elastic 

modulus and the γ´ volume fraction at different maximum loads in the range 10-100mN. 

 E
la

st
ic

 m
od

ul
us

 (G
Pa

) 

 
 

195 



Durst et al. [2001Dur] found differences in the nanohardness of the (Ni) matrix in NBSAs 

CMSX-6, CMSX-4 and CMSX-10, these being attributed to the variations in matrix 

composition. Variations in both nanohardness and compositions for the alloys in the present 

work were also observed. The measured compositions of the γ´, γ and alloy overalls were 

plotted against the nanohardness in order to determine any possible relationships. The 

nanohardness was found to decrease with increasing Pt content for the individual phases, but 

with large scatter (Figure 5.12 and 5.13). The hardness was higher at lower Pt overall alloy 

contents (<~83 at.%) and became lower above ~83 at.% Pt with a slight decrease at the 

highest Pt content (Figure 5.14). This is due to the precipitate proportion and morphology, 

since the ~Pt3Al had a higher hardness than (Pt). The nanohardness of the individual phases 

increased with increasing Al content, but with large errors (Figures 5.15 and 5.16). For the 

overall alloy compositions, low Al content yielded low hardnesses, and there was a sudden 

increase above ~9 at.% Al (Figure 5.17). Figures 5.14 and 5.17 are complimentary since the 

hardness depends on the proportion of the γ´ ~Pt3Al : γ (Pt). Thus, the hardness of γ´, γ and 

the overall alloy were a function of the Pt and Al content, which is due to Al being a 

precipitate component, whereas Pt was present in both. 

 
Figure 5.11. Comparison of nanohardnesses of γ´ precipitates and γ matrix at maximum 
load of 2.5mN and final indentation depth, showing a higher γ´ phase hardness than the 
matrix for all six alloys: A1 = Pt82:Al12:Cr4:Ru2, A2 = Pt85:Al7:Cr5:Ru3, A3 = 
Pt80:Al11:Cr3:Ru6, A4 = Pt80:Al14:Cr3:Ru3, A5 = Pt78:Al11:Cr8:Ru3, and A6 = 
Pt78:Al11:Cr6:Ru5 (at.%). 
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Figure 5.12. Relationship between nanohardness and measured Pt content for γ´, where 
each datum point represents the average Pt composition for each sample, showing a 
decrease in nanohardness with increasing Pt content γ´, but with large scatter. 
 

 
Figure 5.13. Relationship between nanohardness and measured Pt content for γ, where 
each datum point represents the average Pt composition for each sample, showing a 
decrease in nanohardness with increasing Pt content for γ, but with large scatter. 
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Figure 5.14. Relationship between alloy overall nanohardness and overall measured Pt 
content, where each datum point represents the average Pt composition for each 
sample, showing a high hardness at lower Pt contents (<~83 at.%) and lower hardness 
above ~83 at.% with a slight decrease at the highest Pt content.  

 
Figure 5.15. Relationship between nanohardness and measured Al content for γ´, where 
each datum point represents the average Al composition for each sample. 
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Figure 5.16. Relationship between nanohardness and measured Al content for γ, where 
each datum point represents the average Al composition for each sample. 
 
 

 
Figure 5.17. Relationship between alloy overall nanohardness and measured Al content, 
where each datum point represents the average Al composition for each sample, 
showing a low hardness at lower Al contents (<~9 at.%) and higher hardness above ~9 
at.% Al content. 

 
It has been established that the composition of the γ´, γ and the overall alloy affected the 

nanohardness. More factors were evaluated in order to verify which factor contributed mostly 

to the nanohardness results. The thickness of the matrix-channels was sufficient for 
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nanoindentation for all the samples (assuming the structure remains the same beneath the 

surface), thus the influence of the surrounding particles on the matrix hardness had little 

effect on the hardness, although the small influence of the channel width on the 

nanoindentation measurements cannot be excluded. The effects of surface roughness were 

excluded since the average surface roughness was 1/20 of the magnitude of the indentation 

size [2006CSM], and so should have had little effect. All the alloys were prepared the same 

way and were similar in composition, with the same phases, so the roughness would be a 

systematic error. In order to minimize indentation size effects on the γ´ phase, indentations 

were performed on larger γ´ regions in order to remain within only that region. 

To illustrate the influence of small precipitates (≤0.5µm) on the nanohardness, indentations 

were intentionally performed on smaller precipitates (Table 4.24). Figure 5.18 shows a plot of 

the nanohardness for large (≥0.5µm) and small precipitates. No difference between the two 

sized precipitates could be determined due to the large standard deviations associated with 

the smaller precipitates (Figure 5.18), resulting from their indentations including a 

contribution from the surrounding γ phase. For better reliability, indentations on the γ´ phase 

were performed on larger γ´ precipitates. 

 

Figure 5.18. Nanohardness of coarse and fine γ´, showing smaller precipitates with 
lower nanohardnesses and large standard deviations compared to the larger 
precipitates, where A1 = Pt82:Al12:Cr4:Ru2, A2 = Pt85:Al7:Cr5:Ru3, A3 = 
Pt80:Al11:Cr3:Ru6, A4 = Pt80:Al14:Cr3:Ru3, A5 = Pt78:Al11:Cr8:Ru3, and A6 = 
Pt78:Al11:Cr6:Ru5 (at.%).  
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In order to study the effect of the matrix channel width on the hardness, nanoindentation 

measurements were performed on regions where the matrix channels were much narrower 

(Table 4.25). Figure 5.19 shows the nanohardness from both narrow and broader γ matrix 

regions. The hardness of the γ phase was similar in both cases taking the errors into account. 

Additionally, there can be changes in tip geometry due to wear [2004Dur] or small variations 

in surface roughness, which compromises accuracy. These results ruled out the width of the 

matrix channel as a major effect on the matrix hardness determined, because the narrow 

region was still large enough for indentation, and left the matrix composition as the major 

contributing factor to the differences in the matrix nanohardness. This means that for the six 

different samples, the differences observed in the matrix hardness are mainly due to the 

differences in the matrix composition for the different samples. 

 

Figure 5.19. Nanohardness of broad and narrow γ channels, showing similar hardness 
of the γ phase for broad and narrow γ regions, where A1 = Pt82:Al12:Cr4:Ru2, A2 = 
Pt85:Al7:Cr5:Ru3, A3 = Pt80:Al11:Cr3:Ru6, A4 = Pt80:Al14:Cr3:Ru3, A5 = 
Pt78:Al11:Cr8:Ru3, and A6 = Pt78:Al11:Cr6:Ru5 (at.%). 
 

Figure 5.20 shows a comparison of nanohardnesses of γ´ and γ for some alloys in this 

investigation compared with some NBSAs [2003Wöl, 2004Dur] and Pt75:Al12:Cr6:Ni5:Re2 

(at.%) [2010Nik], although they quoted no errors. The γ´ precipitate hardness for PWA1484 

was similar to those recorded for Pt-Al-Cr-Ru alloys, whereas the matrix hardness of 
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PWA1484 was slightly higher. For PWA1484, the matrix was harder than, but comparable to, 

Pt78:Al11:Cr6:Ru5 (at.%) (which had the highest γ´ volume fraction), whereas the γ´ 

hardnesses were similar. CMSX-6, with no rhenium, had the lowest γ and γ´ nanohardnesses 

[2004Dur]. CMSX-4 had 3 wt% Re, and CMSX-10 had 6 wt% Re, and the nanohardness of 

both phases increased with Re content. All the Pt-Al-Cr-Ru alloys had higher nanohardnesses 

than the CMSX alloys, showing good potential, and were comparable with 

Pt75:Al12:Cr6:Ni5:Re2 (at.%). 

 

Figure 5.20. Nanohardnesses of γ´ and γ for different alloys [2003Wöl, 2004Dur], 
showing higher nanohardnesses for Pt-Al-Cr-Ru alloys than the CMSX alloys and 
comparable hardnesses to B1, where B1 = Pt75:Al12:Cr6:Ni5:Re2 [2010Nik], A1 = 
Pt82:Al12:Cr4:Ru2, A2 = Pt85:Al7:Cr5:Ru3, A3 = Pt80:Al11:Cr3:Ru6, A4 = 
Pt80:Al14:Cr3:Ru3, A5 = Pt78:Al11:Cr8:Ru3, and A6 = Pt78:Al11:Cr6:Ru5 (at.%). 
 
 
Figure 5.21 shows a summary of the nanohardness results for selected Pt-Al-Cr-Ru alloys 

(selected for large, medium and small differences between γ and γ´ hardnesses) compared 

with other alloys [2003Wöl, 2010Nik] for different loading levels and final indentation depth, 

although no standard deviations were available from the literature. The γ´ precipitate 

nanohardnesses were close to each other for all alloys, while the γ matrix hardness had a 

spread in values. This spread is thought to be due to the large differences in loading levels. 

Similar results were observed by Nikulina et al. [2010Nik], where the γ hardness was lower 
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than for PWA1484 when measured at two different loads (1mN and 0.5mN). When measured 

at 0.5mN, the hardnesses of γ´ were close to each other. For the overall alloy nanohardnesses, 

there was a smaller spread of results than for γ, which would be expected taking the effect of 

γ´ into account. 

          
Figure 5.21. Nanohardness of Pt-Al-Cr-Ru alloys compared with Pt75:Al12:Cr6:Ni5:Re2 
(at.%) [2010Nik] and PWA1484 [2003Wöl] for different loading levels, showing similar 
γ´ precipitate nanohardnesses for all alloys, and a spread in γ matrix and overall alloy 
nanohardnesses. 
 
No significant difference in the modulus of elasticity was observed between precipitates in 

the different Pt-Al-Cr-Ru alloys (Figure 5.22), and nor, within experimental error, between 

the γ and γ´. Figure 5.23 is a comparison of selected Pt-Al-Cr-Ru elastic moduli (selected for 

a large, medium and small differences between γ and γ´ hardnesses) with those of 

Pt75:Al12:Cr6:Ni5:Re2 [2010Nik] and the Ni-based superalloys [2004Dur]. Even without error 

bars for the latter alloys, all the moduli were similar. 
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Figure 5.22. Comparison of elastic modulus for γ´ and γ at maximum load of 2.5mN and 
final indentation depth, showing no significant difference in the modulus of elasticity 
between precipitates in the different Pt-Al-Cr-Ru alloys, and ~10% higher γ´ modulus 
than γ, where A1 = Pt82:Al12:Cr4:Ru2, A2 = Pt85:Al7:Cr5:Ru3, A3 = Pt80:Al11:Cr3:Ru6, A4 
= Pt80:Al14:Cr3:Ru3, A5 = Pt78:Al11:Cr8:Ru3, and A6 = Pt78:Al11:Cr6:Ru5 (at.%). 
 

 
 

Figure 5.23. Elastic modulus of γ´ and γ for different alloys [2004Dur], showing similar 
moduli, except for B1 and CMSX-6, with a lower γ elastic modulus and slightly higher 
γ´ elastic moduli than for the other alloys, where B1 = Pt75:Al12:Cr6:Ni5:Re2 [2010Nik], 
A3 = Pt80:Al11:Cr3:Ru6, A4 = Pt80:Al14:Cr3:Ru3, and A6 = Pt78:Al11:Cr6:Ru5 (at.%). 
 
The overall alloy moduli of elasticity for Pt85:Al7:Cr5:Ru3 and Pt78:Al11:Cr6:Ru5 (at.%) are 

plotted in Figure 5.24 together with values from PWA1484 [2003Wöl], (CMSX-4, René 95) 

[2008Saw], IN 100 [2010Kob] and Pt75:Al12:Cr6:Ni5:Re2 (at.%) [2010Nik]. These Pt-Al-Cr-

Ru alloys were selected because they had the highest absolute γ′ volume fractions with SEM 
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and TEM measurements, although their error bars overlapped with Pt78:Al11:Cr8:Ru3 (at.%) 

for SEM, and Pt78:Al11:Cr8:Ru3 and Pt82:Al12:Cr4:Ru2 (at.%) for TEM, and so were not the 

highest. However, the moduli of elasticity of Pt85:Al7:Cr5:Ru3 and Pt78:Al11:Cr6:Ru5 (at.%) 

were similar to the other Pt-Al-Cr-Ru alloys in the current work, and were also similar to 

those of Pt75:Al12:Cr6:Ni5:Re2 (at.%) [2010Nik] and CMSX-4, PWA 1484, IN100 and René 

95 NBSAs [2003Wöl, 2008Saw, 2010Kob], although the experimental errors were not quoted 

for the latter five alloys. Nikulina et al. [2010Nik] did not provide the γ´ volume fraction for 

Pt75:Al12:Cr6:Ni5:Re2, although the same alloy studied by Wenderoth et al. [2007Wen] had 

57% γ´ for the same heat treatment conditions. The Pt75:Al12:Cr6:Ni5:Re2 (at.%) and Ni-based 

superalloys contained Re, which strengthens the matrix by forming Re clusters, which act as 

obstacles to dislocation movements [1984Bla, 1995Wan, 1998War]. The Pt85:Al7:Cr5:Ru3 and 

Pt78:Al11:Cr6:Ru5 (at.%) alloys had no Re, and yet their moduli of elasticity were similar to 

the (CMSX-4 [2003Wöl], PWA 1484 [2008Saw], IN100 and René 95 [2010Kob]) NBSAs 

and Pt75:Al12:Cr6:Ni5:Re2 (at.%) [2010Nik]. These findings suggest that there is no potential 

for improvement of Pt85:Al7:Cr5:Ru3 and Pt78:Al11:Cr6:Ru5 (at.%) by the addition of Re. 

 

 
Figure 5.24. Comparison of the overall elastic modulus of Pt-Al-Cr-Ru alloys (A2 = 
Pt85:Al7:Cr5:Ru3, A6 = Pt78:Al11:Cr6:Ru5 (at.%)) with Ni-based superalloys [2003Wöl, 
2008Saw, 2010Kob] and B1 = Pt75:Al12:Cr6:Ni5:Re2 (at.%) [2010Nik], showing that 
within experimental error, the modulus of elasticity of A2 and A6 were equivalent to the 
NBSAs and Pt75:Al12:Cr6:Ni5:Re2 (at.%) [2010Nik]. 

 

The γ´ volume fraction decreased with increasing differences between γ and γ´ 

nanohardnesses, with the exception of one point (indicated by an arrow in Figure 5.25). There 
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was no clear trend between the overall alloy hardness and differences in hardness of the γ and 

γ´ (Figure 5.25), although a higher overall alloy hardness was noticed at lower differences 

between the γ and γ´ hardness, while a lower overall alloy hardness with a slight decrease 

was seen at high differences in hardness between the γ and γ´ hardness. It is thought that the 

overall alloy nanohardness is a function of other factors, such as the size of the precipitates, 

thus making it difficult to measure it as a function of the differences in nanohardness alone. A 

plot of the overall alloy nanohardness against the precipitate volume fraction (Figure 5.26) 

showed that the nanohardness was lower at low precipitate volume fraction (<~35%) and 

became higher above ~44% precipitate volume fraction with a slight increase at the highest 

precipitate volume (Figure 5.26). This is due to the fact that as the precipitate volume 

fraction increases, the overall alloy nanohardness would also increase because the precipitate 

phase is the hardest, while below a precipitate volume fraction of ~35% the nanohardness of 

the matrix is more prominent. 

 

 
Figure 5.25. Overall alloy nanohardnesses and γ´ volume fractions as a function of the 
differences between γ and γ´ nanohardnesses, showing the γ´ volume fraction decreasing 
with increasing differences between γ and γ´ nanohardnesses, with the exception of one 
point (Arrow), and no clear trend between the overall alloy nanohardness and 
differences in hardness of the γ and γ´. 
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Figure 5.26. Overall alloy nanohardnesses as a function of the γ´ volume fractions, 
showing lower overall alloy nanohardness at low precipitate volume fractions (< ~35%) 
and higher above ~44% precipitate volume fraction. 

 

Summaries of the comparison of the two alloys (with the highest volume fractions) in the 

current work, together with commercial NBSAs are shown in Figures 5.27 and 5.28. For the 

different alloys, the nanohardness increased with increasing γ´ volume fraction, as expected 

(Figure 5.27), except for one datum point for Pt75:Al12:Cr6:Ni5:Re2 (at.%) [2010Nik]. The 

latter result could be below the threshold for having sufficient γ´ precipitates to contribute 

fully to the hardness. Within experimental error, the nanohardness of Pt78:Al11:Cr6:Ru5 (at.%) 

was close to that of PWA1484 [2003Wöl], although the volume fraction of  Pt78:Al11:Cr6:Ru5 

(at.%) was lower. No trend could be seen between the elastic modulus and the volume 

fraction (Figure 5.28), because of the lack of error bars on previous values [2003Wöl, 

2008Saw, 2010Kob, 2010Nik].  
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Figure 5.27. Comparison of Pt-Al-Cr-Ru overall alloy nanohardnesses with commercial 
alloys [2003Wöl, 2011Oh, 2012Her] and Pt75:Al12:Cr6:Ni5:Re2 (at.%) [2010Nik], showing 
the nanohardness increasing with increasing volume fraction for the different alloys. 
 

 
Figure 5.28. Comparison of Pt-Al-Cr-Ru overall alloy elastic modulus with commercial 
alloys [2003Wöl, 2008Saw, 2010Kob] and Pt75:Al12:Cr6:Ni5:Re2 (at.%) [2010Nik], 
showing that within experimental error, the elastic modulus of Pt85:Al7:Cr5:Ru3 and 
Pt78:Al11:Cr6:Ru5 (at.%) were similar to the other alloys. 

 

The comparison of the current alloys with other commercial alloys has already been 

discussed. The Ru contents for the alloy overalls (Table 4.23), for nominal Pt82:Al12:Cr4:Ru2, 

Pt80:Al11:Cr3:Ru6 and Pt78:Al11:Cr6:Ru5 (at.%) were significantly higher than for the 

precipitates (Table 4.21) and matrix (Table 4.22). A similar observation was noticed for the 

Precipitate volume fraction (%) 

Precipitate volume fraction (%) 
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Cr values in nominal Pt80:Al14:Cr3:Ru3 and Pt78:Al11:Cr8:Ru3 (at.%). This indicates that there 

was a non-systematic error in the Cr and Ru measurements. Since these elements were 

present in small amounts, any error would probably be reflected as a large percentage. Thus, 

the values of Cr and Ru were not used to try to correlate to any of the alloys’ properties or 

precipitate volume fractions. As a final check, it was considered necessary to evaluate the 

effect of the interaction of the different variables (Al content and Pt content) on the 

nanohardness and volume fraction of the alloys in the present work. A multiple regression 

analysis was therefore performed in order to better understand which of the variables (Al 

content, Pt content) had a stronger effect on the γ´ precipitate volume fraction and 

nanohardness of the alloys, and the effect of the volume fraction on the nanohardness. 

 

It was thought that using the raw data would increase the reliability of the results, although 

this would create complications in interpreting the results, because, for nanoindentations, ten 

regions were averaged to acquire the nanohardness for each alloy [2006CSM]. In contrast, 

the EDX composition was an average of about five measurements which gave a reasonable 

statistical error (less than 2%), as normally carried out in measuring the compositions for the 

Pt-based alloys [2004Süs2, 2008Süs2, 2009Mul]. As a result, the points would not correlate, 

because for nanohardness there were ten points, while for EDX compositions, there would be 

about five points for each sample. Even so, assuming that 10 points were collected per 

sample for the overall EDX compositions, there would be more uncertainties because for 

each datum point for EDX the corresponding nanoindentation for that point would need to be 

known. Thus, to remove all these uncertainties, the averaged data points were used to do the 

multiple regression analysis and included the effect on interactions within the variables Al 

content, Pt content and γ´ precipitate volume fractions on the nanohardness. (This should be 

valid because the averaged values were deemed to be statistically valid, even though different 

numbers of results were averaged). Including the interactions was important because the 

dependent variable (nanohardness) could depend not only on the independent variables (Al 

content, Pt content and γ´ precipitate volume fractions) but also on the interaction between 

the variables.  

 

The γ´ precipitate volume fraction is thought to affect the nanohardness, although the γ´ 

precipitate volume fraction itself is affected by the Al and Pt content. Thus, to begin with, 

multiple regression analysis was done on the volume fraction as a dependent variable and the 

Al and Pt contents as independent variables and not including the interactions between the 
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two independent variables. The results from Excel are reported in Table 5.5, and the 

important values are the predictor variable (p-value) and the regression coefficients 

[URLQua]. The p-value for each term tests the null hypothesis that the coefficient is equal to 

zero (no effect). A low p-value (< 0.05) indicates that a null hypothesis can be rejected. 

The null hypothesis refers to a default position that there is no relationship between two 

measured variables [URLSta], for example the null hypothesis suggests that there will be no 

relationship between the γ´ precipitate volume fraction and Al content, although if the p-value 

is less than 0.05, the null hypothesis is rejected meaning that a relationship exists between the 

γ´ precipitate volume fraction and Al content. In other words, a predictor that has a low p-

value is likely to be a meaningful addition to the model, because changes in the predictor's 

value are related to changes in the response variable. The p-values were used to determine 

which term(s) to keep in the regression model [URLQua]. Regression coefficients represent 

the mean change in the response variable for one unit of change in the predictor variable, 

while holding other predictors in the model constant. Another important value from the 

regression output summary is the significance F, which shows the overall significance of the 

model, but this is not as important as the p-value and regression coefficients [URLQua]. The 

other regression analysis outputs, namely: degrees of freedom (df), sum of squares (SS), 

mean square (MS) and F-ratio (F) are calculated from the regression analysis input data of the 

dependant and independent variable. There is low relevance of the outputs df, SS, MS and F 

to determine the relationship between the dependent and independent variable compared to 

the more important p-value and regression coefficients [URLQua, URLSta]. 

In the output in Table 5.5, the p-value of the Pt content was 0.043, i.e. less than 0.05, which 

means that the Pt content is statistically significant; it affects the volume fraction and should 

be kept in the regression model. The Al content p-value was 0.610, i.e. greater than 0.05 and 

does not affect the volume fraction (not significant). The term that remains is the Pt content 

in the regression model. The coefficient of the Pt content was -17.073. This means that for 

every 1 at.% increase in Pt content, the volume fraction is predicted to fall by ~17% 

[URLQua], although this would only work over a certain region of composition, i.e. where 

the precipitate phase is present, in the two-phase region. It should be remembered that the 

results used here already have a standard error associated with them. The regression 

coefficients are often called slope coefficients, and from the current output results, the slope 

was -17.073, meaning that for an increase in Pt content there was a drop in the volume 

fraction (already indicated in Figure 5.3). This confirmed the strong correlation shown in 
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Figure 5.17. Another important observation from the output was the overall significance of 

the model [URLQua], which at 0.035, i.e. less than 0.05, meant that the model was 

significant. 

Table 5.5. Regression output for dependant variable (γ´ volume fraction), and 
independent variables (Al and Pt contents), with no interaction term. 

 
 

The second step was to gauge the interaction between the Al and Pt content and observe their 

effect on the volume fraction. The model to use in this case is [URLQua, URLRea]: 

 

                Equation 5.1 

 

where  is the interaction term between Al content and Pt content and is given by 

multiplying the two variables [URLQua, URLRea]. (Background details are given in “A 

Primer on Interaction Effects in Multiple Linear Regression” [URLQua].) The output results 

(Table 5.6) indicate that “the interaction between Al and Pt contents” was not significant, 

since the significance F value was far greater than the p-value (0.05) [URLQua]. 

Furthermore, the individual p-values were also larger than 0.05. Thus, the model with the 

interaction cannot be used to explain the γ´ volume fraction changes, and no further plots 

were undertaken. Similar results were observed with the nanohardness (Table 5.7), where the 

interaction between Al content and Pt content was included. It is thought that interaction 

between the Al and Pt did affect the nanohardness, although due to the errors already 

associated with the results, it was not possible for the model to accurately explain the 

combined effect of Al and Pt content on the nanohardness. 
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Table 5.6. Regression output for dependant variable (γ´ volume fraction), and 
independent variables (Al and Pt contents), with an interaction term. 

 
 

Table 5.7. Regression output for dependant variable (alloy nanohardness), and 
independent variables (Al and Pt contents), with an interaction term. 

 
 

In Table 5.6 the Al content was not apparently significant in affecting the gamma prime 

fraction, although Al is linked to Pt (hence is not independent) because of the Pt3Al formula. 

Considering that Al and Pt are linked, a different approach would be to make Pt, Al and γ´ 

volume fraction all as non-independent x variables, and nanohardness as the y-value. Alloy 

Pt78:Al11:Cr8:Ru3 (at.%) can be considered an outlier since the Cr content was higher than the 
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others and can be ignored, and the number of datapoints would now be five (n = 5). Thus, Pt 

and Al are completely dependent (and Ru and Cr are considered constants). In order to 

undertake the regression analysis of the overall alloy nanohardness with overall (Al, Pt and γ´ 

volume fraction), the interaction between the three x variables was considered and the 

regression analysis used was Equation 5.2 since there are multiple variables.  

 

                                                  Equation 5.2 
 

Figure 5.29 shows the regression analysis plot of the alloys nanohardness as a function of all 

three x-variables. The results show a strong dependence of the overall alloy nanohardness on 

the x-variables, with R2 = 0.88, indicating that the regression analysis is reliable. This result 

indicates that all three factors (Al, Pt and γ´ volume fraction) affect the alloy nanohardness, 

but to different degrees. The overall p-value of the model is 0.033, i.e. less than 0.05, which 

means that the overall model is statistically significant, meaning the interaction of the three 

variables affects the nanohardness and explains 88% of the increase in the volume fraction 

(R2 = 0.88). The individual x-variables’ p-values indicate that the volume fraction has the 

most effect on the nanohardness with a p-value of 0.021, followed by Al content (p-value = 

0.038) and lastly, Pt-content (p-value = 0.059). The p-value of the Pt-content is 0.059, which 

is greater than 0.05, meaning that the Pt-content is not statistically significant in explaining 

the increase of the alloy nanohardness. This was expected, since a plot of the overall alloy 

nanohardness and overall Pt content (Figure 5.14) showed a decrease in nanohardness with 

increasing Pt content. However, the volume fraction is dependent on the Pt content and 

regression analysis on the γ´ volume fraction (y-value) and overall Pt-content (x-value) in 

Figure 5.30 shows the strong dependence of the γ´ volume fraction on the Pt content with a p-

value of 0.034 (less than 0.05), meaning the relationship is statistically significant. The γ´ 

volume fraction is related to the Pt content by the linear equation: -19.312 (γ´ volume 

fraction) + 1638.3. The data are also more evenly distributed along the Pt axis (Figure 5.30) 

than for the relationship between alloy nanohardness and interaction of Pt, Al and γ´ volume 

fraction (Figure 5.29), and consequently the linear regression is more reliable. 

 

Regression analysis on the nanohardness with γ´ volume fraction also shows a strong 

correlation, with a p-value = 0.023 (less than 0.05, so the relationship is significant) (Figure 

5.31). The alloy nanohardness is related to the γ´ volume as: alloy nanohardness = 0.054 (γ´ 

volume fraction) + 6.3995.  Pt-Al-Cr-Ni alloys were reported to have γ´ volume fractions of 
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51-57% [2006Völ, 2007Wen], and a γ´ volume fraction of 51% correlates with a hardness of 

~9GPa in Figure 5.31 and matches the γ´ hardness plateau for Waspalloy (Figure 2.12(b)) and 

the maximum for CMSX-10 (Figure 2.17).  

 

 
Figure 5.29. Relationship between alloy nanohardness and interaction of overall Pt 
content, overall Al content and γ´ volume fraction, showing a strong correlation with the 
alloys’ nanohardnesses increasing with increasing x variables. 

 

 
Figure 5.30. Relationship between γ´ volume fraction and overall Pt content, showing a 
strong correlation with the γ´ volume fraction decreasing with increasing overall Pt 
content. 
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Figure 5.31. Relationship between alloy nanohardness and γ´ volume fraction, showing 
a strong correlation with the alloys’ nanohardnesses increasing with increasing γ´ 
volume fraction. 
  

The same procedure used in Figure 5.29 for regression analysis on the alloys’ nanohardnesses 

was used for γ´ nanohardnesses. Figure 5.32 shows the plot of the regression analysis results 

with γ´ nanohardness as the y-value and (Al, Pt and γ´ volume fraction) as the x-value. The p-

value of the regression analysis was 0.98, which is much larger than 0.05. Thus, the 

relationship with the three variables Al, Pt and γ´ volume fraction cannot be used to explain 

the change in the γ´ nanohardness. However, a relationship which did not include the γ´ 

volume fraction, and only the Al and Pt contents as the x variables showed a better 

correlation (Figure 5.33) than in Figure 5.32. The p-value for the regression analysis was 

0.047, which was less than 0.05, therefore the relationship is statistically significant. The 

individual p-values of Al and Pt are 0.040 and 0.098 and this means that Al explains better 

the increase in the γ´ nanohardness and is statistically valid (p-value <0.05), while the 

individual effect of the Pt content is not statistically valid (p-value >0.05). Figures 5.12 and 

5.15 confirm this, where the γ´ nanohardness decreased with increasing Pt content (Figure 

5.12) and increased with increasing Al content (Figure 5.15). The correlation between the γ´ 

volume fraction and γ´ Pt content has already been shown in Figure 5.3 with a p-value of 

0.043, i.e. less than 0.05, which means that the Pt content is statistically significant; it affects 

the volume fraction and should be retained in the regression equation. 
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Figure 5.32. Relationship between γ´ nanohardness and interaction of γ´ Pt content, γ´ 
Al content and γ´ volume fraction, showing no correlation of the y value and x variables. 

 

 
Figure 5.33. Relationship between γ´ nanohardness and interaction of γ´ Pt content and 
γ´ Al content, showing a weak correlation with the γ´ nanohardness increasing with 
increasing γ´ Pt content and γ´ Al content. 

 
 

The regression analysis on the γ nanohardness (y-value) and γ Al content, γ Pt content and γ´ 

volume fraction as the x variables is shown in Figure 5.34. The γ nanohardness increased 

with increasing γ Al content, γ Pt content and γ´ volume fraction. The overall p-value of 

regression analysis was 0.037, while the individual p-values for γ Al content, γ Pt content and 

γ´ volume fraction were 0.031, 0.14 and 0.039 respectively. This means that γ Al content and 

γ´ volume fraction are statistically valid (p-values <0.05) and explains the increase in γ 

nanohardness, while the γ Pt content p-value was 0.14, i.e. greater than 0.05 and does not 
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explain the increase in γ nanohardness (not significant). This was expected, since Figure 5.13 

shows a decrease in γ nanohardness with increasing γ Pt content, but with large scatter. The 

increase in γ nanohardness with increasing γ´ volume fraction is thought to be due to 

narrower matrix channels being affected by the precipitates.  

 

 
Figure 5.34. Relationship between γ nanohardness and interaction of γ Pt content, γ Al 
content and γ´ volume fraction showing a medium correlation with the γ nanohardness 
increasing with increasing γ Pt content, γ Al content and γ´ volume fraction. 
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CHAPTER SIX 

6. CONCLUSIONS AND RECOMMENDATIONS 

6.1 Conclusions 
 
Electrolytic etching was applied to the Pt-Al-Cr-Ru alloys, and, as a result, both optical 

microscopy and SEM analysis gave much clearer microstructures than previously achieved, 

such that more reliable image analyses could be undertaken. Although XRD did confirm the 

presence of ~Pt3Al precipitates, previously in OM and SEM the precipitates were not 

discernable in Pt78:Al15.5:Cr4.5:Ru2, Pt80:Al14:Cr3:Ru3 and Pt80:Al11:Cr4:Ru5 (at.%) alloys. Not 

only that, a previously unseen eutectic was observed in Pt82:Al12:Cr4:Ru2 (at.%).  

The γ′ volume fractions found by image analysis on the etched samples were higher than 

obtained by the grid placement method. This was expected, since before etching, the contrast 

between the (Pt) and ~Pt3Al phases was poor, and secondly, the grid method was very 

simplistic. The quantitative analysis of atomic force microscopy images using the WSxM 

software proved to be a useful method for measuring the γ′ volume fraction in Pt-based 

superalloys. The standard deviations were similar to results from the Olympus microscope, 

indicating that results can be obtained with a similar accuracy. The TEM volume fraction 

estimates were very high compared to those measured by SEM and AFM. This discrepancy is 

believed to be due to the fact that TEM focuses on relatively small localised regions and may 

not see inhomogeneities while the resolution is much higher and thus can easily resolve 

secondary and especially tertiary γ′ precipitates which are difficult to observe in SEM. The γ′ 

volume fractions of Pt78:Al11:Cr6:Ru5 (at.%) (Section 4.2.3) were equivalent to the best 

obtained for Pt-Al-Cr-Ni alloys, and similar to commercial Ni-based superalloys (Section 

5.3), as was the precipitate morphology. Due to TEM only revealing the microstructure in 

relatively small regions, the γ′ volume fractions obtained are believed to be non–

representative. 

TEM work implied that there may be some influence of the heat treatment, including the 

cooling rate, on the formation of different generations of γ′ precipitates, their size and 

morphology, along with the partitioning of elements across the γ/γ′ interface. A coarsened 

eutectic/eutectoid was observed. Formation of large irregular shaped γ′ precipitates was 

mainly attributed to diffuse necks that interconnected γ′ precipitates, while the misfit between 
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the matrix and the precipitates also played a major role in the final precipitate shape. The 

lattice misfit between the matrix and the precipitate led to γ/γ′ interface dislocations. 

The structure of ~Pt3Al was deduced to be cubic by TEM studies. The orientation 

relationship between the γ matrix and γ′ precipitates were: [114]M||[114]P; [001]M||[001]P; 

[103]M||[103]P. The morphology of the γ′ precipitates was found to vary from near-spheres, 

cuboids, rod-like and irregular. The different precipitate morphologies formed were believed 

to be associated with the lattice mismatch and loss of coherency between the γ matrix and the 

γ′ precipitates. The shape of the γ′ precipitates depends not only on their size, but also on 

their volume fraction, which encourages interactions of the different precipitates and 

impingment of precipitates. The shape changes observed here can be understood by also 

considering a precipitate which grows firstly in a γ matrix and then grows further under an 

increasing amount of elastic interaction due to its neighbours, resulting in different 

morphologies through their interactions. 

 
Nanoindentation was used for the first time to characterize the mechanical properties of γ´, γ 

and the alloys themselves in the Pt-Al-Cr-Ru superalloys. The following were found: 

• The elastic moduli and nanohardnesses of γ and γ′ were measured separately and 

repeatably at a load of 2.5mN. The γ´ phase in all six alloys was harder at room 

temperature, with a difference of ~25% between the γ´ and γ phases. 

• Nanohardnesses of both γ and γ′ phases showed a decrease with increasing 

indentation depth, which is widely known for nearly all micro- and nano-hardness 

testing in metals and alloys as the indentation size effect. For the precipitates, this 

decrease appeared more clearly, whereas for the matrix, the hardness decrease was 

less pronounced. 

• The hardness of γ´, γ and the overall alloy was a function of the Pt content, and the 

hardness of the overall alloy was also a function of the Al content. The composition 

affects the volume fraction of ~Pt3Al which in turn affects the hardness. The overall 

nanohardness of the Pt-Al-Cr-Ru alloys increased with increasing precipitate volume 

fraction and a similar trend has been reported with commercial NBSAs. 

• The Pt-Al-Cr-Ru nanohardnesses of γ and γ´ were similar to Pt75:Al12:Cr6:Ni5:Re2 

(at.%) and PWA1484, and higher than all the CMSX alloys. 
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• The elastic modulus showed no significant difference between the two phases within 

experimental error. 

• The elastic modulus of γ and γ´ in Pt-Al-Cr-Ru alloys appeared to be similar to 

Pt75:Al12:Cr6:Ni5:Re2 (at.%) and similar to CMSX-4, CMSX-6 and CMSX-10 NBSAs. 

• The Pt-Al-Cr-Ru overall alloy nanohardness was lower at low γ´ precipitate volume 

fraction (< ~35%) and became higher above ~44% γ´ precipitate volume fraction. 

This is due to the fact that as the precipitate volume fraction increases, the overall 

alloy nanohardness would also increase because the precipitate phase is the hardest, 

while below a precipitate volume fraction of ~35%, the nanohardness of the matrix is 

more prominent. Comparison of the Pt-Al-Cr-Ru alloys and commercial NBSAs 

hardnesses showed that the nanohardness increased with increasing γ′ volume 

fraction. 

• Regression analysis indicated that the Pt content affects the γ′ volume fraction 

significantly; an increase in Pt content causes a decrease in the γ′ volume fraction. 

The overall alloy nanohardness had a strong correlation with the combined Al, Pt and 

γ´ volume fraction, and were directly proportional. The γ´ volume fraction had the 

most effect, followed by Al content, and the Pt content (0.059 p-value being >0.05) 

was not statistically significant. The correlation between the γ´ nanohardness with γ´ 

Pt content and γ´ Al content was weaker than for the overall alloy nanohardness, but 

stronger than for all three x variables (γ´ volume fraction, γ´ Pt content and γ´ Al 

content). The relationship between γ nanohardness and γ Pt content, γ Al content and 

γ´ volume fraction showed a medium correlation with the γ nanohardness, increasing 

with increasing γ Pt content, γ Al content and γ´ volume fraction. 

 

6.2 Recommendations for Future Work: 
 

• Sample preparation is known to affect the nanohardness results [2004Dur], so the use 

of the electropolishing method developed by Witcomb [1992Wit] should be 

considered. 

• Re-do nanohardness on a much lower scale force of 1mN and take AFM images 

instantaneously with nanohardness and elastic modulus measurements, to be able to 
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correspond specific values and positions, which could not be done having to take 

images of indentations on a different systems. 

• Study the effect of heat treatment on nanohardness by using different heat treatments. 

• It is suggested that differential scanning calorimetry (DSC) or differential thermal 

analysis (DTA) be used to determine the Pt-Al eutectic temperatures, which could 

assist in choosing the correct heat treatment temperatures. 

• While TEM found evidence only of the cubic phase in the alloys, TEM only samples 

thin, relatively small areas of the material. In contrast, XRD collects from much larger 

and thicker regions of the material. Thus, it is suggested that to reasonably eliminate 

any possible uncertainty regarding the crystallographic nature of all the precipitates, 

the XRD analysis procedure be altered. The scan step size should be reduced to at 

least 0.010° and the scan step size be increased to at least 10s, thus increasing 

collection time 20-fold or more over that of the presently collected spectra. The 

sample should be rotated to eliminate any possible textural differences. In addition, 

Reitveld refinement should be applied and/or equivalent crystallographic software be 

employed to model the lattices and predict their X-ray spectra and peak shapes, in 

addition, the 2θ angular range to be scanned be increased to try to unambiguously 

confirm the precipitate structure(s) present. 

• Analyse the composition of  Pt85:Al7:Cr5:Ru3, Pt78:Al11:Cr6:Ru5 and Pt78:Al11:Cr8:Ru3 

more accurately than by EDS using WDS. Thus, these data could be used for further 

statistical analyses, such as either a t-test or anova. 
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APPENDIX A 

Hertzian fitted results at loads of 2mN and 1mN compared with 
results at a load of 2.5mN 
 
Tables A.1 and A.2 show nanoindentation results at loads of 2.0 and 1.0mN. The Hertzian-

fitted nanohardness and elastic modulus were ~20% lower than the 2.5mN results (Table 

4.17). Similar to the 2.5mN results, the standard deviations of the Hertzian-fitted results were 

also slightly less than 10%. Pt80:Al14:Cr3:Ru3 (at.%) had the highest precipitate hardness for 

loadings of 2.0mN and 2.5mN, and for the 1.0mN, it had the second highest precipitate 

hardness.      

Table A.1. Nanohardness and elastic moduli calculated at final contact depth and 
maximum applied load 2.0mN, using the Hertzian fit. 

Nominal composition 
(at.%) 

Nanohardness (GPa) Elastic Modulus (GPa) 
γ´ Phase γ Phase γ´ Phase γ Phase 

Pt82:Al12:Cr4:Ru2 8.8 ± 0.7 5.9 ± 0.4 192.2 ± 18.1 203.0 ± 19.3 
Pt85:Al7:Cr5:Ru3 9.8 ± 0.9 7.6 ± 0.7 239.2 ± 21.9 205.4 ± 18.8 
Pt80:Al11:Cr3:Ru6 9.8 ± 0.8 6.1 ± 0.4 209.3 ± 24.5 193.3 ± 8.3 
Pt80:Al14:Cr3:Ru3 10.3 ± 0.9 5.4 ± 0.4 210.9 ± 19.8 182.3 ± 17.2 
Pt78:Al11:Cr8:Ru3 8.4 ± 0.6 6.8 ± 0.5 213.2 ± 20.1 168.4 ± 15.9 
Pt78:Al11:Cr6:Ru5 8.3 ± 0.5 7.6 ± 0.5 204.7 ± 19.1 214.3 ± 20.7 

 

Table A.2. Nanohardness and elastic moduli calculated at final contact depth and 
maximum applied load 1.0mN, using the Hertzian fit. 

Nominal composition 
(at.%) 

Nanohardness (GPa) Elastic Modulus (GPa) 
γ´ Phase γ Phase γ´ Phase γ Phase 

Pt82:Al12:Cr4:Ru2 8.2 ± 0.7 6.2 ± 0.5 200.0 ± 18.2 177.3 ± 16.2 
Pt85:Al7:Cr5:Ru3 9.8 ± 0.8 6.9 ± 0.4 222.9 ± 21.9 178.8 ± 16.9 
Pt80:Al11:Cr3:Ru6 8.5 ± 0.6 6.7 ± 0.4 214.5 ± 20.9 191.0 ±18.3 
Pt80:Al14:Cr3:Ru3 9.1 ± 0.8 6.3 ± 0.5 238.3 ± 22.1 184.6 ± 16.2 
Pt78:Al11:Cr8:Ru3 8.9 ± 0.7 6.2 ± 0.5 213.2 ± 20.9 182.6 ± 15.6 
Pt78:Al11:Cr6:Ru5 8.7 ± 0.6 7.3 ± 0.6 234.4 ± 22.8 189.9 ± 17.3  

 
 
 

 
 

252 



APPENDIX B 

Nanohardnesses and elastic moduli for the γ phase calculated at 
final contact depth and maximum applied load of 5mN 
 

Table B.1. Nanohardnesses and elastic moduli for the γ phase calculated at final contact 
depth and maximum applied load of 5mN. 

Nominal composition 
(at.%) 

Nanohardness (GPa) Elastic Modulus (GPa) 
2.5mN 5mN 2.5mN 5mN 

Pt82:Al12:Cr4:Ru2 7.3 ± 0.6 7.9 ± 0.6 233.3 ± 21.8 238.6 ± 23.1 
Pt85:Al7:Cr5:Ru3 9.0 ± 0.7 8.8 ± 0.7 241.6 ± 18.4 239.7 ± 21.8 
Pt80:Al11:Cr3:Ru6 8.3 ± 0.6 8.5 ± 0.8 238.7 ± 23.3 239.6 ± 20.9 
Pt80:Al14:Cr3:Ru3 7.5 ± 0.4 7.5 ± 0.7 236.7 ± 21.6 236.5 ± 22.4 
Pt78:Al11:Cr8:Ru3 8.1 ± 0.5 7.8 ± 0.9 237.2 ± 19.7 237.3 ± 21.6 
Pt78:Al11:Cr6:Ru5 9.1 ± 0.7 9.3 ± 0.4 243.5 ± 16.4 241.9 ± 22.4 
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APPENDIX C 

ATTEMPT TO CAST SINGLE CRYSTALS 
 

CHAPTER ONE 

1. LITERATURE REVIEW 
 

1.1 Manufacture of Single Crystals  
 
Single crystal (SC) castings were a further development on the technological advances made in 

the directionally solidified (DS) casting processes. SC castings are produced in a similar 

fashion to DS by selecting a single grain, via a grain selector [1970Ver, 1979Nor]. During 

solidification, this single grain grows to fill the entire part. Single crystals obtain their 

outstanding strength by not having the grain boundaries that are present in both equiaxed and 

directionally solidified materials. Single crystal superalloys also have the <001> low modulus 

orientation in the plane normal to the solidification direction and a random secondary 

orientation in the plane normal to the direction of solidification. Other specific primary or 

secondary orientations are possible with the use of seed crystals. The seed crystal should be of 

the desired alloy, or with an equivalent or higher melting temperature. It is positioned so that its 

orientation will be repeated in the alloy that fills the mould cavity [1970Ver, 1979Nor]. 

 

1.2 Single Crystal Growth using the Bridgman Method 
 

The Bridgman method was developed for growing single crystals. It was integrated with 

investment casting and used to produce superalloy single-crystal airfoils for the aerospace 

industry in the 1970s [1974Sal, 1987Sim]. The process essentially involves a furnace set up 

with a region of high temperature which is above the melting temperature of the Ni-based 

alloy, controlled by heaters, and a lower temperature melting zone, with a gradient zone 

where the solid-liquid interface occurs (Figure C.1) [1994Lud]. The superalloy is initially 

entirely within the high temperature zone in molten form, and then the alloy is lowered 

extremely slowly in the furnace, corresponding to a rate of about 0.1mm/minute, so that the 

solid liquid interface rises slowly up the mould [1994Lud]. The superalloy solidifies from the 

base upwards. The slow rate of solidification causes grains to grow as dendrites in the 
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direction in which the mould is pulled from the furnace. To ensure no grain boundaries form, 

a grain selector is attached to the bottom of the mould [1987Sim]. As the vertical dendrites 

grow at the base of the mould, only one dendrite is able to grow through the grain selector 

and eventually into the mould. Thus, once the solidification is complete, the NBSA is created 

entirely from one grain and is a single crystal NBSA [1974Sal, 1987Sim, 1994Lud, 

2009Ony]. 

 

There are multiple parameters in the Bridgman crystal growth which can be varied to achieve 

optimal crystal growth conditions [1989Fav], including the crucible material, crucible 

diameter and translation speed. Each material has a critical growth velocity: below this 

critical value, a single crystal can be grown, whereas above this velocity, a polycrystalline 

material will form [1986Bri, 1989Fav]. 
 

 
Figure C.1. Simplified diagram illustrating the Bridgman method [1994Lud]. 

  

1.3 Single Crystal Growth using the Czochralski Method 
 

In the Czochralski method, a single crystal is pulled from the melt, whereas in the Bridgman 

method, the central chamber is pushed down from the high temperature region towards the 

low temperature region [1957Pfa, 1972Sim]. A schematic diagram of the Czochralski method 

is illustrated in Figure C.2 [1994Lud]. The Czochralski process is a method of crystal growth 

used to obtain single crystals for semiconductors (e.g. silicon, germanium and gallium 

arsenide), metals (e.g. palladium, platinum, silver, gold), salts, and synthetic gemstones. The 

most important application may be the growth of large cylindrical ingots of single crystal 
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silicon. An obvious advantage of the Bridgman method over the Czochralski method is the 

lower defect densities of the single crystal [1957Pfa, 1987Sim]. 

 

The Czochralski method has also been employed for the production of large single crystal 

nickel alloys, since the late 1950s [1957Pfa, 1987Sim]. However, the crystals had a high 

density of defects until in the late 1970s, when Kuriyama et al. [1978Kur] varied the melt 

temperature and fluid velocity to control the density of defects. Since the 1970s, large nickel 

single crystals have been grown by the Czochralski technique with a low concentration of 

defects [1987Sim]. Subsequently, more improvements have been made with the Czochralski 

method by changing the interface shape, interface velocity, pulling speed and fluid velocity 

near the interface [2009Ony].   

 

 
Figure C.2. Simplified diagram illustrating the Czochralski method [1994Lud]. 

CHAPTER TWO 

2. EXPERIMENTAL PROCEDURE 
 

2.1 Single Crystal Attempt: Sample Manufacture 
 
The apparatus used in the attempt to grow single crystals was a vertical Bridgman system 

made by Crystalox, Ltd [1982Cry]. The alumina crucible containing the solid Pt-based alloy 

was lowered out of the furnace at a constant rate between 0.08 and 0.30mm/min, within the 

vacuum chamber. Figure C.3 shows the Crystalox system used, and the induction furnace. 

Problems were experienced in reaching the melting point of the Pt-Al-Cr-Ru alloys, which 
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was expected to be about 1800°C (whereas 1769°C is the melting point of pure Pt). The 

highest possible temperature that could be reached was 1570°C, above which vacuum was 

lost and the power supply would trip. This meant that it was not possible to melt the alloy 

button. It was then decided to use the crystal grower system as a high temperature furnace to 

heat treat the sample. Thus, the next step was to heat the alloy to 1565°C  and hold it at this 

temperature for 20 minutes, and then lower it within the chamber to the lower temperature 

zone at about 0.30mm/minute and the furnace was switched off, allowing the alloy to cool 

down to room temperature overnight. 

 

    
Figure C.3. Front view of Crystal Grower System, showing (a) Crystalox control unit 
and vacuum chamber, and (b) vacuum chamber and induction furnace unit.  
 

CHAPTER THREE 

3. RESULTS 
 

Figure C.4 shows an SEM image of as-cast Pt85:Al7:Cr5:Ru3 (at.%) before being placed into 

the Crystalox system. The alloy consisted of mainly cored (Pt) dendrites with a (Pt) + ~Pt3Al 

eutectic. The eutectic/matrix interface was darker, possibly due to shrinkage on solidification.  

The microstructure of Pt85:Al7:Cr5:Ru3 (at.%) after being heat treated to 1565°C and furnace 

cooled to room temperature in the Bridgman Crystalox system is shown in Figure C.5. A fine 

homogenous distribution of ~Pt3Al precipitates was seen, with subgrain boundaries. This 

microstructure confirmed that the required melting point and single crystal growth were not 

achieved. However, remnants of the eutectic were found, which were areas with higher 

concentrations of the ~Pt3Al precipitates (Arrow, Figure C.5), which could have been the 
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edges of the dendrites near the eutectic/eutectoid areas. Some of the precipitates looked like 

“Maltese crosses” [1958Wes] (Figure C.5). SEM image analysis of the single crystal attempt 

alloy (nominal Pt85:Al7:Cr5:Ru3 (at.%)) had a ~Pt3Al volume fraction of ~43 ± 5%. 

 
Figure C.4. SEM-BSE image of as-cast and unetched nominal Pt85:Al7:Cr5:Ru3 (at.%), 
showing (Pt) dendrites (light) with ~Pt3Al precipitates and a eutectic of (Pt) + ~Pt3Al.   

 

    
Figure C.5. SEM-BSE images of nominal Pt85:Al7:Cr5:Ru3 (at.%) after annealing in the 
crystal grower, furnace cooled and electrolytically etched in HCl/NaCl solution, showing 
very fine dark ~Pt3Al precipitates in light (Pt) matrix, with grain boundaries and 
regions of higher ~Pt3Al concentration. 
 

CHAPTER FOUR 

4. DISCUSSION 
 

Comparison of the furnace-cooled sample from the Crystalox system (Figure C.6(b)) to the 

sample with the same nominal composition previously studied (Figure C.6(a)) [2009Sho1], 
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showed a finer distribution of precipitates, with a similar ~Pt3Al volume fraction. The 

precipitate morphology was also different, and the furnace-cooled alloy had precipitates that 

were quadri- or ogdoadically diced [1958Wes]. Similar precipitate morphologies have also 

been observed in Pt86:Al10:Ir4 [2004Dou2] and Pt86:Al10:Ru4 (at.%) [2001Hil5]. Durand-

Charre [1997Dur] observed that during heat treatment of NBSA AM1, the cuboid precipitates 

tended to group together in blocks, which subsequently coalesced (Figure 5.2). However, 

when the homogenizing treatment was prolonged to 50 hours and more, this phenomenon 

completely disappeared. It is therefore thought the Pt85:Al7:Cr5:Ru3 (at.%) microstructure in 

Figure C.6(b) developed because the heat treatment was not optimal, since the sample was 

only at the highest temperature of 1565°C for 20 minutes. A longer heat treatment time at this 

temperature might have produced a different microstructure, similar to the observations by 

Durand-Charre [1997Dur], although when the heat treatment time was increased from 20 

minutes to 40 minutes, no ogdoadically diced precipitates were observed. Coring was 

observed in the sample before annealing in the crystal grower (Figure C.4), although after 

heat treatment at 1565°C for 20 minutes and furnace cooling to room temperature overnight, 

no coring was observed (Figure C.5). NBSA René 77 had ogdoadically diced precipitates 

when it was heat treated at 1160°C for 2h then furnace cooled [1997Dur]. Heat treatment at 

the same temperature for 4h followed by air cooling gave a fine distribution of precipitates 

without the ogdoadically shaped precipitates [1987Sim], showing that the ogdoadically 

shaped precipitates formed when the heat treatment was not optimal.  

Vorberg et al. [2004Vor] reported that for Pt78.5:Al12.5:Cr3:Ni6 (at.%) after air cooling, there 

was a fine distribution of precipitates, while after furnace cooling, there was a mixture of 

very fine and large precipitates. The large particles formed by coarsening of the small ones. 

Similar observations have been made in nickel-based superalloy GH742 by Hongyu et al. 

[2010Hon] for furnace cooled samples from 1050°C. In the present work, no coarsening of 

the finer precipitates was observed, even though the sample was furnace cooled from a 

temperature of 1565°C, close to the 1500°C of Vorberg et al. [2004Vor]. It should be noted 

that in the present work, the sample heat treatment was different, since the cooling was done 

under vacuum in an induction furnace (Appendix C) and the sample was transferred from the 

high temperature zone to the lower temperature zone of the furnace. Thus, obtaining similar 

results to other workers was unlikely. 
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(a)       (b) 

Figure C.6. SEM-BSE images of nominal Pt85:Al7:Cr5:Ru3 (at.%): (a) after annealing at 
1500°C for 18 hours, then water quenching, and annealed at 1100°C for 120 hours and 
air cooled, showing ~Pt3Al precipitates (dark) in a (Pt) matrix (light) [2008Sho1, 
2009Sho1], and (b) after annealing in crystal grower at 1565°C for 20 minutes and 
furnace cooled overnight and electrolytic etching in HCl/NaCl solution, showing very 
fine dark ~Pt3Al precipitates in light (Pt) matrix. 
 

CHAPTER FIVE 

5. CONCLUSION 
 

Attempts to produce a single crystal alloy were made, but the furnace could not reach a high 

enough temperature to melt the alloy, and so the furnace was used for a high temperature heat 

treatment instead. Heat treating a sample under the vacuum environment gave a fine 

distribution of ~Pt3Al precipitates in a (Pt) matrix, and removed coring. Thus, heat treatment 

at 1500°C followed by furnace cooling might produce a fine distribution of precipitates. 
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APPENDIX D  

XRD Pattern of the Plasticine and the Methodology for 
Distinguishing between the two Forms of Pt3Al and the Platinum-
rich Solid Solution Phase 

 
Figure D.1. XRD pattern of plasticine. 
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Figure D.2. Methodology for distinguishing between the two forms of Pt3Al and the 
platinum-rich solid solution phase using a Mo Radiation [2001Big]. 
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APPENDIX E 

Hardness Testing and the Oliver-Pharr Approach 
 
This section gives a summary of the Oliver-Pharr method used in this work, explains the 

phenomenon of the pop-in event as well as the method of calculations. 

  

Hardness, the resistance of a material to plastic deformation, is measured on a variety of 

different scales such as Vickers, Rockwell and Martens, which differ in measurement 

procedure and method of calculation. These methods typically consist of indenting the 

surface of the specimen with a hard (e.g. diamond for Vickers hardness) indenter and 

measuring the residual imprint left in the material after removal of the indenter. On the other 

hand, instrumented hardness testing relies on indenting the material surface with an indenter 

of which the geometry is known to a high precision, while monitoring the applied load and 

penetration depth throughout the insertion and removal of the indenter [1986Doe]. Having 

the applied load and penetration depth data enables estimation of properties such as material 

hardness, elastic modulus and fracture toughness [1986Doe, 1992Oli]. The indentation 

analysis procedure developed by Oliver and Pharr [1992Oli, 2002Pha, 2004Fis, 2004Oli] has 

been widely used for hard materials such as metals and ceramics. Preliminary studies of the 

hardness and indentation depth are done first to ensure that at the maximum applied load, 

only the properties of a single phase are tested [1992Oli, 1999Gök, 2003Sch2]. 

The nanoindentation technique has been established as a powerful means of characterising 

the near-surface mechanical properties of materials [2004Fis, 1992Oli]. This technique relies 

on high-resolution instruments that simultaneously measure the load, P, and indenter 

displacement, h, during the loading and unloading indentation steps. The important 

parameters obtained from the resultant P-h curve, schematically illustrated in Figure E.1 

[1992Oli], are: 

Pmax = peak load, 
hmax = maximum penetration depth reached while the maximum load is applied,  
hf  = final penetration depth obtained when the load is removed and the material is relaxed, 

S = the contact stiffness. 

  
Figure E.2 [1992Oli] shows a schematic cross-section of an indentation and identifies the 

various parameters. 
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Figure E.1. Typical load-displacement curve during a loading-unloading cycle where 
hmax = maximum indenter displacement at peak indentation load Pmax, S = initial 
unloading slope of the load-displacement curve, and hc = contact depth [1992Oli]. 
 

 
 

Figure E.2. Schematic representation of a section through an indentation, defining:  
hc = vertical contact depth, hs = displacement of the surface at the perimeter of the 
contact, hmax = maximum penetration depth at maximum load, a = radius of the contact, 
and hp (≈hf) = final depth penetration depth when the indenter is fully withdrawn 
[1992Oli]. 
 

The Oliver and Pharr method [1992Oli, 2004Oli] makes use of the data taken from the upper 

portion of the unloading curve fitted to the power-law relation given as: 

( )mfhhP −= α                    Equation E.1 

where m is the displacement exponent in the load displacement relation, and α is an 

unloading fitting parameter dependent on the elastic response of the material. Both m and α 

are empirical constants determined using the power fitting of unloading data [2003Gon]. The 
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derivative of P (Equation E.1) with respect to h yields the contact stiffness S, which is the 

initial unloading slope of the P-h curve [1992Oli]: 

( ) 1−−=





= m

f
unloading

hhm
dh
dPS a                Equation E.2 

The contact depth of the indent impression hc can either be derived by extrapolating the initial 

slope of the unloading P-h curve to P = 0, or otherwise determined using an empirical 

formula defined by Oliver and Pharr [1992Oli, 2002Pha, 2004Oli] given by: 

S
P

hhc
max

max ∈−=                   Equation E.3 

where, for the Berkovich indenter geometry, ∈= 0.75 [2004Oli]. 

 
The contact area, Ac, is the cross-sectional area at hc [2004Gon1, 2004Gon2]. Experimental 

and numerical studies have established that, for the Berkovich indenter geometry, the 

projected Ac can be approximated by the empirical formula [1992Oli, 2000Gon2, 2006Bou]: 

( ) ( )........24.56 8/1
3

4/1
2

2/1
1

2 ++++= cccccc hChChChhA             Equation E.4 

where C1,C2, . . . ,Cn are constants determined by curve fitting procedures [1992Oli, 

2004Gon1, 2004Gon2] and are defined based on the indenter tip radius [2003Gon]. However, 

for the Berkovich indenter geometry, the projected area can be reduced to ( ) 224.56 ccc hhA ≈  

without compromising the accuracy of the results [2004Fis, 2004Gon1, 2010Jan]. 

 
When S and Ac have been determined, the specimen’s reduced elastic modulus Er can be 

evaluated using: 



















=

c
r A

SE
β
π

2
                 Equation E.5 

where β is a correctional factor introduced by King [1987Kin] to address the lack of indenter 

symmetry. For the Berkovich indenter β = 1.034 [2010Jan]. 

The reduced modulus, Er, is a direct result of the Oliver-Pharr method [1992Oli], and is 

slightly lower than the true modulus of the sample. It takes into account contributions of the 

diamond indenter to the measurements. 
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The modulus of elasticity, Es (or Especimen) the true modulus of the specimen, is calculated 

from the reduced elastic modulus, Er, by [1992Oli]: 
 

indenter

indenter

specimen

specimen

r EEE

22 111 nn −
+

−
=                 Equation E.6      

where νspecimen and νindenter are the specimen and indenter Poisson’s ratios, and Eindenter is the 

indenter elastic modulus [1992Oli, 2004Fis, 2010Jan]. A Poisson's ratio of 0.1 and a modulus 

of elasticity of 1140GPa were used for diamond [1992Oli] and for the CMSX-6 superalloy 

phases (γ and γ´), a constant Poisson's ratio of 0.3 was assumed [1995Yoo, 1999Gök, 

2001Mer, 2012Pop]. 

The indentation hardness H, has long been defined as the test force Pmax divided by the 

projected area of contact Ac [1956Mot]: 

c

max

A
PH =                   Equation E.7 

A discontinuity in the load-displacement curve during loading, widely known as the pop-in 

event [1992Pag], is found on most crystalline materials, and is related to the nucleation of 

dislocations on carefully prepared smooth sample surfaces. The pop-in event has been 

recorded in metals [1998Kie, 1998Mic, 1999Sur, 2000Gou], alloys [1996Ger, 1998Bar] and 

intermetallic compounds [2002Chi1, 2002Chi2, 2003Wan].  During pop-in, the indenter 

travels without a measured increase of applied load (for a load-controlled experiment), or the 

load is rapidly released at a constant displacement. The loading part for all load-displacement 

curves with the pop-in effect has been fitted to a Hertzian model [1985Jon, 1986Bin, 

1987Kin]. A similar procedure has also been utilized by Durst et al. [2004Dur] on NBSAs.  

The Hertzian fit expression (Equation E.8) has been found accurate for ceramics, titanium 

alloys and NBSAs when fitted to the loading parts of P-h curves [1996Ger, 1998Bar, 

1998Kie, 1998Mic, 1999Sur, 2000Gou, 2004Sch, 2005Bah]: 

2
3

2
1

3
4 hREP r=                  Equation E.8 

where P is the load, h the indentation depth and R is the radius of curvature of an assumed 

spherical indenter.   
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